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Kinetics of Exchange Reactions Between Liquid 
Bismuth-Rare Earth Alloys and Fused Salts 


Measurements have been made of the over-all rates of the 
exchange reaction between a Bi-Mg-Sm alloy and the NaCl-KCl- 


MgCl, eutectic at 500°C, using the falling liquid drop technique. 
The data are in agreement with the theoretical predictions of a 
model in which it is assumed that the over-all reaction rate is 
controlled by mass transfer processes. Further experiments 
are vequired to confirm the validity of the model. 


Exc HANGE reactions between a liquid alloy and a 
fused salt form the basis for a proposed process? for 
_ the removal of certain fission products from the fuel 
of the Liquid Metal Fuel Reactor.’ The fuel is a 
dilute solution of U, Mg, Zr, and fission products in 
bismuth. Mg is present as a ‘‘getter’’ and Zr as a 
corrosion inhibitor. A group of fission products, 
principally the rare-earth elements, which have high 
thermal neutron capture cross sections, and which 
form chlorides that are more stable thermodynamic- 
ally than uranium chloride, may be removed from the 
fuel by oxidative extraction into a fused chloride salt. 
The NaCl-KCl-MgCl, eutectic mixture (30, 20, and 50 
mole pct, respectively; m.p. 396°C) is a satisfactory 
salt for this purpose. The oxidant is the MgCl, which 
is itself reduced to Mg as a result of the reaction, 
and is transferred to the bismuth phase. 

The equilibrium distribution of a number of the 
rare-earth elements, U, and Zr, between Bi and 
NaCl-KCl-MgCl, eutectic has been measured as a 
function of the concentration of Mg in Bi at 500°C. 
These measurements were performed in gram-scale 
experiments,’ and in an in-pile loop experiment.** 
For the fission products, it was found that the equi- 
librium distributions are consistent with the follow- 
ing type of reaction: 


2A (m) + b Mg**(s) = 2A*?(s) +b Mg(m) [1] 


where A is a fission product, +) is its oxidation 
state in the salt, and (m) and (Ss) represent solution 
in the metal and salt phases, respectively. The dis- 
tributions of U and Zr have also been measured, 
but the reactions involving these elements have not 
been conclusively identified. 

Little is known about the rates of these reactions. 
Information on reaction rates and mechanisms is 
desirable for the rational design of contacting equip- 
ment. This paper presents the results of a brief 
series of experiments on the kinetics of the extrac- 
tion of Sm from Bi-Mg-Sm alloys, performed using 
a geometry and flow pattern similar to that in a con- 
tinuous extraction column. Preliminary experiments 
were performed on the extraction of Ce from a 
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Bi-Mg-Ce alloy in static contact with the salt. 


THEORY 


An exchange reaction, such as [1], is thought to 
proceed in three steps, involving 

a) transport of the reactants from the interior 
of their respective phases to the two-phase inter- 
face, 

b) chemical reaction at the interface, and 

c) transport of the products away from the in- 
terface into the interior of their respective phases. 

Reaction is assumed to occur only at the inter- 
face since the mutual solubility of the two phases is 
negligible.” Since the reaction is ionic, it is as- 
sumed to be very rapid compared to the mass trans- 
fer to and from the interface. Hence, it is assumed 
that chemical equilibrium exists at the interface, and 
that the rate of the over-all reaction is controlled by 
the mass transfer processes. It is further assumed 
that the resistances to mass transfer reside prim- 
arily in films adjacent to the interface in both phases 
and that the instantaneous rate of mass transfer 
through these films is represented by the product of 
a conductance and a concentration driving force. 

In the following paragraphs a mathematical ex- 
pression will be developed for the over-all rate of 
mass transfer based on this model, for a situation in 
which Sm is extracted from a drop of liquid Bi-Mg- 
Sm alloy* falling through a column of molten NaCl- 


*The derivation is carried out for the case in which A in Eq. [1] is 
Sm. Because Sm has the same valence in the salt as does Mg, a linear 
rate equation is obtained whose solution may be found in closed form. 
Cases involving solutes which have valences different from that of Mg 
may be treated in the same manner, but they give rise to nonlinear rate 
equations which must be integrated numerically. 

KCl1-MgCl, eutectic. If the salt initially contains no 
Sm, and its volume is very large compared with the 
volume of the drop, the concentration of Sm which 
develops in the salt phase will be negligible com- 
pared with its concentration in the metal phase. This 
condition, which was satisfied in the experiments 
described later, results in considerable simplifica- 
tion in experimental procedures and analysis of data. 

At any time after the drop of alloy has been re- 
leased, the rate of mass transfer of a given solute is 
the same in both phases, assuming negligible ca- 
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pacity in the two films and no accumulation of solutes 
at the interface. Thus, (see Fig. 1) for Sm, 


ax 
= = k.a(y; = y), [2] 
and, for Mg, 
= a(x; )=Rsa(y’— yi), [3] 


where x and y are the bulk Sm concentrations, in 
mole fraction, in the metal and salt, respectively, 
x’ and y’ are, similarly, the bulk Mg concentrations, 
Rk, and ks are metal and salt mass transfer coeffi- 
cients and a is the interfacial area per unit volume. 
The subscript 7 refers to interfacial values. The 
number, m, of moles of solute plus Bi per unit vol- 
ume is taken to be equal to the molar density of Bi 
for dilute solutions. From the stoichiometry of the 
reaction, the rates of transfer of the two solutes in 
opposite directions are equal, and hence 

ax dx". 
where N is the molar mass transfer rate. It fol- 
lows from Eq. [4] that 


and similarly for the salt phase, 
= (¥ — 
where the zero subscripts refer to initial concen- 


trations. The interfacial concentrations are related 
via the chemical equilibrium constant, 


[4] 


[5] 


[6] 


[7] 
Eqs. [2] to [7] may be combined and rearranged to 
yield the following equation: 


N= 


[8] 


where H, the distribution coefficient, is defined as 
follows: 


[9] 


In deriving Eq. [8], bulk concentrations of samarium 
in the salt phase have been neglected for reasons 
previously discussed, and the magnesium concentra- 
tion in the salt has been assumed constant, since in 
these experiments, the initial samarium concentra- 
tion in the metal phase is so low that even if reac- 
tion [1] went to completion, the amount of Mg trans- 
ferred would be completely negligible compared with 
the amount of Mg initially present in the salt. 

Eqs. [8] and [9] have been solved subject to the 
initial condition that x = x, at f = 0. However the 
solution is rather lengthy and difficult to use in in- 
terpretation of data, and it is therefore convenient 
to consider a useful approximate solution. 

In Eq. [8], if the distribution coefficient can be 
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Fig. 1—Concentration gradients across salt and metal 
films. 


considered constant, then the denominator is a con- 
stant. Such a condition is approached in the case of 
a system in which the distribution coefficient is 
initially very high, so that the term, 1/Hk,a, is very 
small compared with the metal phase resistance, 
1/k,a. In this case, the denominator in Eq. [8] is 
relatively insensitive to variations in the distribu- 
tion coefficient. The coefficient can then be con- 
sidered constant at its value based on the initial 
Mg concentration in the metal phase. With this as- 
sumption one finds on integrating Eq. [8]: 


[10] 


For the conditions used in the experimental part 
of this work, it was found that the fraction x/x, as 
predicted by Eq. [10] did not differ from that pre- 
dicted by the exact solution of Eqs. [8] and [9] by 
more than 1 pct. Hence Eq. [10] was used for in- 
terpretation of data. 

It is of interest to note that if the chemical re- 
action rate were the controlling step, and the re- 
action rates could be considered first order with 
respect to samarium in both directions, then an ex- 
pression identical in form with Eq. [10] would be 
obtained. However, reaction rate constants would 
replace the mass transfer coefficients and the 
chemical equilibrium constant would replace the 
distribution coefficient. 

The term in the brackets in Eq. [10] is the over- 
all mass transfer coefficient for Sm. It may be 
determined from the slope of a plot of the experi- 
mental data as log of fraction Sm unextracted vs 
time. 

The influence of experimental conditions on the 
over-all mass transfer coefficient may be examined 
if expressions for the distribution coefficient and 
for the individual film coefficients are available. A 
model which appears to be reasonable for mass 
transfer within an alloy drop is that given by Handlos 
and Baron.’ Transfer of solute is assumed to occur 
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primarily as a result of circulation within the drop, 
due to slippage at the interface and vibration of the 
drop. The expression for the metal film coefficient 
is 

0.00375 v 


[11] 


where v is the terminal velocity of the drop, and 
Um and p, are the viscosities of the dispersed and 
continuous phases, respectively. Similarly a rea- 
sonable model for transfer in the continuous salt 
phase is that given by Higbie.® Higbie’s model is 
based on unstead-state diffusion through a surface 
film which is continually replaced by a film of 
fresh salt as the drop falls a distance equal to its 
own diameter. The expression for the salt film co- 


efficient is 


k, = 2 (Dv/nd)? [12] 


where D is the diffusivity of the solute, and d is the 
- drop diameter. Handlos and Baron’ have used Eqs. 
[11] and [12] along with pertinent distribution coef- 
ficients to predict over-all mass transfer coeffici- 
ents for a wide variety of room-temperature aque- 
ous-organic systems involving distribution of solute 
by preferential solubility in the absence of simul- 
taneous chemical reaction. Good agreement with ex- 
periment was found. 


EXPERIMENTAL APPARATUS AND PROCEDURE 


Two types of mass transfer experiments were 
carried out using bismuth-rare earth alloys and 
eutectic salt. Preliminary experiments involved 
contact of nominally static quantities of the two 
phases. In subsequent experiments small drops of 
alloy were allowed to fall through a static column of 
salt. 

Materials Preparation and Handling— The prepa- 
ration and handling of materials required great care 
in order to prevent introduction of oxides into the 
system. In preparing the salt eutectic, C. P. grade 
sodium and potassium chlorides were separately 
vacuum-dried at 500°C, and transferred to a dry 
box, through which a constant flow of purified argon 
was maintained. Magnesium chloride was obtained 
from the Carborundum Co. It was in a slightly hy- 
drated condition and was contaminated withtraces 
of zirconium, titanium, iron, andcopper. It was de- 
hydrated by passing a stream of HCl gas at 240°to 
280°C through it until no water vapor could be seen con- 
densing from the effluent gas. The dehydrated 
MgClz was melted under an HCl atmosphere to re- 
move volatile chloride impurities, and was the sub- 
limed under vacuum at 680° to 700°C. It was chipped 
off the condensing cold finger in a dry box where it 
was weighed out and intimately mixed with the other 
components of the eutectic. The mixture was then 
melted under vacuum, pressure filtered through a 
coarse Pyrex frit, and cast into cylinders of the 
desired size. 

In preparing the alloys, small chips of the rare- 
earth metals, cerium or samarium, were sealed in 
evacuated quartz tubes and irradiated in the Brook- 
haven reactor for an appropriate period of time, 
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generally several weeks. The resulting useful tra- 
cers were T, = 32 days, and T,/2 = 47 
hr. The bismuth ane de Pasco, nominally 99.999 
pet pure) was cut into chunks and placed in a stain- 
less steel vessel above a porous metal frit. The ir- 
radiated cerium or samarium, and spectrographically 
pure magnesium, were introduced through a side arm 
below the frit. The bismuth was hydrogen fired for 
about 1 hr at 800°C and then pressurized through the 
frit. The vessel was then vibrated to produce an al- 
loy of uniform concentration, which after cooling was 
removed to a Vycor tube to be cast into small cyl- 
inders. Three samples of each alloy were analyzed. 
Generally the maximum variation in solute concen- 
tration was about 10 pct. Both salt and alloy were 
always stored and loaded in the dry box. 

Procedure—In the initial set of experiments equal 
volumes of salt and Bi-Mg-Ce alloy were pressur- 
ized through separate Pyrex frits, into a stainless 
steel crucible, where they remained in static contact 
for varying lengths of time. The phases were then 
separated by pressurizing through another pair of 
frits arranged in such a way that only the metal 
passed through one and the salt through the other. 
The apparatus was then quenched and cut open and 
the two phases were analyzed for the cerium tracer. 

The results of these experiments indicated that 
the reaction was very rapid. Analyses showed the 
exchange to be substantially independent of contact 
time over the range obtainable with this apparatus. 
The minimum time required to bring the phases into 
contact and separate them resulted in a minimum 
contact time of 5 to 10 sec, which was sufficient to 
reach close to equilibrium. 

In order to regulate and measure the contact time 
more accurately and at the same time to provide 
more reproducible flow patterns during contacts in 
a geometry similar to that anticipated in an extrac- 
tion column, a falling-drop apparatus was designed 
(see Fig. 2). Cylinders of salt (containing no Sm) 
were loaded into the bottom Vycor tube. The alloy, 
containing 100 ppm Sm and 120 ppm Mg, was loaded 


through the side arm into the upper part of the 
apparatus. The entire assembly was then slowly 
heated to 500°C under vacuum in a specially con- 
structed furnace which had two narrow vertical 
windows through which drops of alloy falling through 
the salt could be observed and counted. The main 
feature of the apparatus is the thin glass rod which 
is attached to a cylindrical Alnico magnet at the top, 
which in turn is surrounded by an external doughnut- 
shaped magnet. The glass rod is notched near the 
bottom and the clearance between the rod and the 
tube is fixed so that the tube will contain the molten 
alloy while still allowing vertical motion of the rod. 
In operation the rod was raised magnetically so that 
the notch moved up into the molten alloy, thus filling 
the notch with a small amount of alloy. Alloy in the 
notch was then discharged in the form of a Single 
drop by lowering the notch below the alloy container. 
The cup just above the surface of the salt was used 
to obtain a sample of the alloy for a check deter- 
mination of its initial solute concentration. After 
obtaining a sample, the cup was Swung out of the 
way and a predetermined number of drops was re- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
| 
| 
| 
|| 


VACUUM 


He 
MAGNETS 
PYREX 
—BALL BEARING 
THERMOCOUPLE WELL 
FLANGE 
| +—SIDEARM 
Bi ALLOY — 
SAMPLE 
— 
2 
vYCOR—~ 


Fig. 2—Falling drop apparatus. 


leased through the salt. The drops fell through the 
main salt volume, and then through the constriction 
into the bottom salt volume. About 15 drops were 
generally used, since the resulting quantity of alloy 
collected below the constriction provided a sample 
large enough for analysis, and yet, because of the 
relatively large volume of salt, resulted in a con- 
centration of samarium in the salt of less than 1 
ppm. This small concentration permitted neglect- 
ing the back driving force in interpreting the data. 
Since some reaction occurred during and sub- 
sequent to the coalescence of the drops at the bot- 
tom of the column, the constriction near the bottom 
was provided to minimize diffusion of samarium 
into the main body of salt. As a further precaution 
a steel ball bearing held by a magnet at the top of 
the column was released immediately after the 
last drop had fallen so that no diffusion could occur 
during cooling. By cutting the column at the con- 
striction and analyzing both the salt and the metal 
in the bottom section, the extent of reaction up till 
the time the drop reached the constriction was de- 
termined, since all the samarium transferred after 
the drop passed the constriction was retained in the 
salt in the lower section of the column. The salt 
from the bottom section was dissolved in very dilute 
nitric acid, and the alloy was weighed before dis- 
solving it, and the two solutions were then combined 
for counting. The cup sample was weighed, dissolved 
in nitric acid, diluted, and counted. The salt above 
the constriction was also dissolved and counted so 
that material balances could be checked. In addition 
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Fig. 3— Fraction Sm unextracted vs contact time. 


a standard solution of irradiated samarium was 
counted, so that count rates could be related to con- 
centrations and in turn so that the extent of extrac- 
tion could be calculated. Counting was done in a 
well-type scintillation counter. From the weight of 
the alloy at the bottom and the number of drops in- 
volved, the average drop size was determined as- 
suming spherical drops, and from this the surface 
area and terminal velocity were calculated. Then 
contact time could be determined knowing velocity 
and salt column height. Contact time was varied by 
varying column height. The drops were assumed to 
fall at their terminal velocity during the entire con- 
tact time. 


RESULTS AND DISCUSSION 


Experiments were conducted in the falling drop 
apparatus at 500°C using column heights ranging 
from 3 to 15 in., corresponding to contact times 
of 0.2 to 1.0 sec. Initial alloy composition was ap- 
proximately 120 ppm Mg and 100 ppm Sm in Bi. The 
NaCl-KCl-MgCl, eutectic contained no Sm initially. 

The data are plotted in Fig. 3 according to Eq. 
[10]. The average drop size for all experiments was 
2.17+ 0.11 mm. All data have been corrected to 
correspond to this value. 

The scatter in the data appears to be random. 

One possible source of error is the occurrence of 
side reactions due to the presence of oxidizing im- 
purities in either liquid or in the atmosphere above 
the liquid. The variety of side reactions which could 
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Table |. Physical Properties of Salt and Bismuth 


Table Il. Calculated $m Mass Transfer Coefficients 


Surface 
Density, Viscosity, Tension, 
g per cc Centipoises Dynes per cm 
Salt 1.84 (12) 2.59 (12) 363 (4) 
Bismuth 9.78 (10) 1.18 (10) 92 (10) 


occur is such that their effect on the data cannot be 
predicted without further experimental investiga- 
tion. Another source of error might be diffusion of 
Sm from the bottom reservoir into the main column 
of salt, which would result in a fictitiously high mass 
transfer coefficient. Some errors are also involved 
in the analytical technique, particularly in analyzing 
the bottom sample in those runs in which most of the 
Sm had been extracted. The Sm material balances 
for all runs averaged + 9.4 pct, which, at the low 
concentrations used in these experiments, is con- 
sidered good. 

The straight line through the data in Fig. 3 isa 

_ plot of Eq. [10] using a calculated value of the over- 
all mass transfer coefficient. Agreement of the 
data with this line is good. The coefficient was cal- 
culated using Eqs. [11] and [12], and using values of 
the Sm distribution coefficient reported by Ginell:° 


log y, /x; == log x; + 1.81. [13] 


The interfacial area per unit volume, a, was cal- 
culated from the drop diameter, assuming spherical 
drops. Diffusivities were estimated from the Stokes- 
Einstein Eq. [2]. Terminal velocity was calculated 
from the correlation of Hu and Kintner® for the rate 
of fall of drops of various organic compounds through 
water. This relation was found to predict terminal 
velocities of Hg drops through water to within 10 pet.” 
Interfacial tension, which has a small effect on drop 
velocity, has been measured by Ellis” with an esti- 
mated accuracy of +10 pct. His value, 250 dynes per 
cm, can also be estimated with experimental error 
from the surface tensions of the individual phases. 
metal at 500°C is given in Table I. A summary of the 
results of these calculations is given in Table II. 

The two terms in the denominator of the expression 
for the over-all mass transfer coefficient represent 
the mass transfer resistances of the two interfacial 
films. It is seen from Table II that, although the in- 
dividual mass transfer coefficients are comparable, 
because of the high value of the distribution coeffici- 
ent, 4, only about 9 pct of the over-all resistance 
lies in the salt film for the conditions used in these 
experiments. Effectively, the over-all coefficient is 
k,a. Since kp, according to Eq.[11], is proportional 
to uv, and contact time, ¢, is inversely proportional to 
v, then for this situation, Eq. [10] predicts no varia- 
tion of the extent of extraction with drop velocity. 

The over-all coefficient is dependent on the con- 
centration of Mg in Bi via the distribution coefficient, 
Eq. [13], and decreases sharply with increasing Mg 
concentration, because of the resultant increase in 
the salt film resistance. The coefficient is, how- 
ever, independent of the Sm concentration for con- 
ditions where Eq. [10] is valid. 

The metal film coefficient, k,,a, as predicted by 
the model of Handlos and Baron, Eq. [11], does not 
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Alloy drop diameter 2.17 mm 


Terminal velocity of drops 44.9 cm/sec 
Diffusivity of Sm in Bi 1.93 x 107° cm?/sec 
Sm distribution coefficient, H, 17 


Salt film mass transfer coefficient, k,a 1.97 sec 

Metal film mass transfer coefficient, k,,a 3.19 sec 

Salt film resistance, 1/H,k;a 0.030 sec 

Metal film resistance, 1/k,,a 0.314 sec 

Over-all mass transfer coefficient, + 2.91 
Heise 


depend on the nature of the solute except insofar as 
the viscosity ratio u;/U, is affected by the presence 
of the solute. Assuming this effect to be very small 
for the extremely dilute solutions used, the metal 
film coefficients for Sm and Mg are identical. The 
salt film coefficient, k,a@, is proportional to the 
square root of the diffusivity. Since the diffusivities 
of Sm and Mg in Bi differ only slightly, the salt film 
coefficients for the two solutes are almost identical. 

The agreement between the data and the calculated 
line in Fig. 3 may be fortuitous. Further experi- 
ments involving variation of Mg and Sm concentra- 
tions, drop size, temperature, and the substitution of 
other solutes for Sm, would be required to prove 
conclusively the validity of the theoretical model. 
Nevertheless, the data indicate that the assumption 
of a mass transfer-controlled reaction is not unrea- 
sonable. 

One further calculation was made which tends to 
support the Handlos and Baron model. When it was 
assumed that the rate was controlled by molecular 
diffusion within the alloy drops, the resulting trans- 
fer rate was an order of magnitude smaller than that 
obtained by assuming circulation within the drops. 


ACKNOWLEDGMENT 


The authors wish to acknowledge the assistance 
of Carmine Persiani and Bernard R. Fox in perform- 
ing much of the experimental work described in this 
paper. This work was supported by the U. S. Atomic 
Energy Commission. 


NOTATION 

a surface area per unit volume, cm=! 

a drop diameter, cm 

D_ diffusivity, sq cm per sec 

H distribution coefficient = y/x, dimensionless 


individual film mass transfer coefficient, cm 
per sec 


chemical equilibrium constant, dimensionless 
moles of Bi per cm? 

over-all transfer rate, moles Sm or Mg/sec 
contact time, sec 


drop velocity, cm/sec 


Sm concentration in Bi, mole fraction 
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x Mg concentration in Bi, mole fraction 

y Sm concentration in salt, mole fraction 

y Mg concentration in salt, mole fraction 

Hi, Viscosity of Bi and salt respectively, centipoise 
Subscripts 


interfacial concentration 
m metal phase 

0 initial concentration 

Ss salt phase 
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The Behavior of Composite Silver-Alumina Alloys 


above the Melting Point of Silver 


Composite alloys of silver and alumina are shown to resist 
flow above the melting point of the continuous matrix. The ability 
to resist flow depends on the fineness of the dispersionand the oxy- 
gen content of the silver. It is believed that the oxygen influences 
very strongly the bond between the molten silver and the finely 


divided alumina. 


Recent needs for materials with high strength 
and creep resistance at high temperatures initiated 
mechanical property studies on dispersed phase 
materials to near the melting point of the continuous 
matrix material. Results’ of these investigations 
have shown that certain of these materials do have 
promise for high-temperature applications. 

Experiments performed on composite materials of 
silver and alumina by the author have resulted in the 
discovery of an interesting effect above the melting 
point of the silver. In these materials the silver 
was continuous and the alumina very finely divided 
(Linde B). It was observed that these materials ex- 
hibited strength and resistance to flow above the 
melting point of the silver matrix. The purpose of 
this paper will be to describe these properties. 


METHOD OF PREPARATION 


The materials were prepared by mixing the proper 
amount of Linde B alumina and high-purity silver ox- 
ide. The alumina content was varied from 5 to 20 wt 
pct alumina in silver in 5 pct steps. The materials 
were mixed by blending the constituents in an ordi- 
nary food blendor using ethyl alcohol as a vehicle. 

Enough alcohol was added to the powders to form 
a mixture with the consistency of a thin mud. After 
blending for about 5 hr the material was dried and 
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the silver oxide reduced by heating to 450°C. The 
material was then pressed at 25 tsi into ; -in. bil- 
lets 3 in. long. 


EXPERIMENTAL PROCEDURE 


The specimens were horizontally supported at 
either end by knife edge supports of cold-rolled steel. 
This holder was then placed in a ‘‘globar’’ furnace 
and a chromel-alumel thermocouple placed very close 
to the specimen recorded its temperature to within 
10°C. Each specimen was heated rapidly to 900°C 
initially. The specimens were held at temperature 
approximately 30 min and then the temperature was 
raised 50 deg. The procedure was repeated until de- 
formation was noted. Photographs were made of the 
specimens at various temperatures and increments 
of time using a Polaroid Land camera. 


RESULTS 


Fig. 1 shows the 5 pct by weight ‘‘Linde B’’ 
alumina and silver material after reaching 980°C. 
Failure occurred after 15 min at this temperature. 
There were two points of failure and silver col- 
lected at them. No additional flow of the molten 
silver was noted at any other place. 

Fig. 2 shows a 20 pct by weight ‘‘Linde B’’ 
alumina in silver specimen. After 30 min at 1400°C, 
bowing of this material was observed. 

Other concentrations of alumina were added to 
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Fig. 1—The failure of a 5 pct by weight “Linde B” alumina Fig. 2—A 20 pct by weight “Linde B” alumina in silver 


in silver specimen after 15 min at 980°C. specimen after 30 min at 1400°C. ] 
the silver and studied. These materials showed in- Oxygen plays a role in strengthening this material. 
creasing resistance to flow as the concentration of If the material of any concentration is heated in any 
alumina was increased, as is evidenced by compar- atmosphere (argon, hydrogen, nitrogen, and so forth) 
ing Figs. 1 and 2. Tendency to flow also increased but air silver flows from the specimen leaving most- 

if larger alumina particles were added. These larger ly alumina behind (when enough time has elapsed) or 
particles were added in concentrations comparable an extremely brittle, weak, and conducting residue 


to the concentrations of the finer particle dispersions. mixture of alumina and silver (if the specimen is held 
It is generally recognized that pure silver deforms inthe atmosphere a short time). The author believes 


under its own weight below its melting point. For that the silver-alumina* bond is enhanced by oxygen 
comparison PUEPeses = pure silver billet was manu- *Livey and Murray? have shown that the contact angle of molten sil- 
factured. This billet did not withstand high temper- ver on oxides decreases to 90 deg in the presence of oxygen. There is 
atures at all. no further change in contact angle with temperature. 

These materials not only supported their own weight, which can be dissolved in molten silver in large vol- 
but also light loads as well above 960°C. Fig. 3 shows umes. 


a photograph (this photograph was touched up to bring 
out the specimen from the background radiation) of a 
20 pct by weight ‘‘Linde B’’ alumina-silver material 


supported in.a horizontal position by a cold-rolled DISCUSSION 

steel support. In the center of the specimen was In summary it is evident that decreasing the alumina 
placed a 14-g cylinder of steel. This photograph interparticle spacing (by increasing the volume con- 
was made after 90 min at 1100°C. No further de- centration of alumina) one improves the high-temper- 
formation was noticed after 24 hr. ature properties of this ‘‘molten’’ material. By hold- 


Fig. 3—The deformation after 90 min at 1100°C of a 20 pct Fi i . = ae 

: fter 90 : g. 4—Photomicrograph of a 20 pct by weight “Linde B 
PEs B” alumina in silver specimen loaded with alumina in silver specimen at X1000 in the oat con- | 
a 14 g weight. dition. Reduced approximately 22 pet for reproduction. 
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ing the concentration of alumina constant and increas- 
ing its particle size the material shows more of a ten- 
dency to flow. 

Concerning the question of whether the alumina is 
continuous or not, the author is certain it is not. First 
of all even the material with the highest alumina con- 
tent, when placed (after heat treatment) in dilute HNO; 
to slowly dissolve the silver, crumbles upon dissolution 
of the silver to a fine alumina powder. This indicates 
quite clearly that there is no network of alumina pre- 
sent. Secondly, with the concentrations of alumina pre- 
ployed, it is very diffucult to understand how a con- 
tinuous network of alumina could arise. Fig. 4is a 
photomicrograph at X1000 of a 20 pct by weight ‘‘Linde 
B”’ alumina-silver material. The white areas of this 
photograph are not devoid of alumina particles. They 
are not resolvable with the ordinary microscope. 

Finally there is no question about the matrix be- 
ing molten since upon cooling, there is a period of 
time when the specimen temperature remains con- 
stant. This temperature is of course the melting 
point of the silver and its measurement agreed very 
well with the accepted value of the melting point of 
Silver. 


The use of silver oxide powder rather than silver 
is justified for two reasons. First of all, the silver 
oxide is prepared by precipitation and thus itis very 
finely divided. Secondly, because of the fineness of 
the silver obtained upon reduction of the oxide it is 
virtually impossible to eliminate oxygen from the 
Silver. In short, reduction is never complete. The 
importance of oxygen to the properties of this 
material was pointed out earlier. 
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Effect of Stress Upon the Recovery and Effect 


of Negative Strain Upon the Yield Point of Zinc 


Single Crystals 


It was found that a shear stress applied during the recovery 
had no effect on the amount of recovery if the stress was less 
than the instantaneous yield point irrespective of the direction 
of the stress. Large applied stresses during recovery had a 
marked effect, which depended on the direction of stressing. 
Single strain reversals at —72°C not only produced the Bausch- 


inger effect but also increased the flow stress. The increase 


James V. Rinnovatore 


in flow stress was attributed to vacancies, which have appreci- 


able mobility at -—72°C. 


‘Turortes ** of recovery suggest that the internal 
stress field of the dislocations plays an essential role. 
Most investigations of recovery use time and temper- 
ature as the independent variables; however, here 
stress has been introduced as a variable in two ways: 
1) by varying the internal stress field according to 
the amount of strain prior to recovery and 2) by ap- 
plying an external stress during recovery. Tannen- 
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baum and Kauzmann’ studied the effect of applying a 
stress during recovery by measuring the change in 
creep rate after recovery; they found that stresses 

as high as 95 pct of the creep stress had no effect on 
recovery. Earlier, Wood and Scrutton® showed that an 
applied stress during creep increased the rate of poly- 
gonization. The experiment by Wood involved poly- 
crystalline aluminum whereas Tannenbaum and Kauz- 
mann used a single crystal of zinc. In this investiga- 
tion, zinc single crystals were used and deformed in 
a manner to prevent polygonization. Thus, the main 
difference between this investigation and that of Tan- 
nenbaum and Kauzmann is the use of the stress-strain 
curve instead of creep rate as the index of recovery. 
In addition, the applied stress during recovery varied 
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Fig. 1—Typical test showing no effect of a small value of 
stress during recovery. 


both in magnitude and direction, which was 0 or 180 
deg with respect to the prestrain. 

Interesting results were observed when the applied 
stress during recovery, Tr’ was negative (180 deg) 
with respect to the prestrain. Consequently, the ef- 
fect of a negative strain per se was investigated at a 
low temperature where no recovery in the form of 
dislocation climb* was expected. The effect of a nega- 
tive strain on the work hardened state is closely re- 
lated to other investigations wherein one or more 
large strain reversals were made on Single crystals 
and the Bauschinger effect was observed. Of the 
more recent investigations*~* * the papers by Edwards 
et al.**»"* are most pertinent to the present study. Ad- 
ditional investigation on work hardening in Stage I 
(easy glide) and the recovery thereof is useful because 
this apparently simple form of work hardening is the 
least understood of the three stages. 


EXPERIMENTAL PROCEDURE 


a) Material and Equipment—The starting mate- 
rial was 99.999 pct Zn grown into 1-in. spherical 
single crystals by the Bridgman method. The test 
specimens were acid machined to a 1/8 in. gage 
length and about 3/4 in. diam and were cemented 
to steel grips. The deformation was a simple shear 
on the (0001) [1120] and the (0001) [1120] systems. 
The details of the specimen preparation and the 
method of deformation have been described by Par- 
ker and Washburn.” The testing was done on the 
Instron machine at a strain rate of 0.016 per min. 

b) Procedure for Effect of Stress on Recovery— 
The effect of stress on recovery involved a pro- 
cedure where a single specimen was used for each 
series of experiments and the only variable was 
Tr, the stress during recovery. In some series, 
the specimen was made by cleaving elliptical wafers 
from a long 99.999 pct cylindrical crystal and then 
cementing the wafer directly on flat grips. The re- 
sults from the wafer specimens were essentially 
the same as for the dumb-bell shaped ones, except 
that there was more scatter in the data because, 
presumably, the gage length was not as well defined. 

A typical test series was as follows: 

1) After annealing at 175°C, deform crystal 3 pct 

in a bath at —50°C. 
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2) Unload at -50°C to a stress corresponding to 

T 

Maintaining the stress, Tr, recover the speci- 
men at 0°C for 8 min, and then return to — 50°C 
and deform a few additional percent. : 
Repeat the procedure with a new value 
(It was found that the stress-strain curve cor- 
responding to the 3 pct deformation, the pre- 
strain, was reproducible). 

The first test in each series was discounted because 
the starting state was that of the as-grown crystal, 
which produced an unreliable datum indicated by the 
fact that the first stress-strain curve was least re- 
producible. The deformation temperature of -50°C 
was chosen because it was sufficiently below -30°C 
where recovery of the yield point was not observed. 
The recovery temperature of 0°C was chosen because 
the times to get an appreciable amount of recovery 
were neither too long nor too short as indicated by 
Drouard, Washburn and Parker.’ During temperature 
changes thermal expansion would have changed Tp ,; 
but it was maintained constant within a few percent 
by means of the manual control knob on the Instron 
machine. 


c) Procedure for Effect of Negative Strain—In this 
series of tests a single dumb-bell specimen was used, 
and the independent variable was the amount of nega- 
tive strain, now called y-. All tests were at —72 “Cini 
order to eliminate recovery, but, as discussed in a 
later section, some thermal effects probably occurred | 
which were significant. 

The following procedure was used: 

1) The specimen was annealed at 175°C and de- 
formed 15 pct. 

The direction of deformation was reversed, and 
a certain amount of y— was introduced. 


3) 


4) 


2) 


3) 
and a few percent strain was produced. 

The entire procedure was repeated with another 
amount of y-. 


4) 


RESULTS 


a) Effect of Stress on Recovery—A typical test for 
small values or a zero value of Tr is shown in Fig. 1 
where the recovery treatment was 8 min at 0°C after 
a 3 pet prestrain. A change in prestrain or recovery 
time did not affect the results. The plastic strain was 
obtained by measuring the deviation from linearity on 
the load-deformation curve. Yield points are reported 
at a plastic strain sensitivity of about 2 x 107*. The 
important aspect of the stress-strain curve after re- 
covery is that the yield point is lowered, but the shape 
of the curve is about the same as for the annealed 
specimen. It should be pointed out that the stress- 
strain curve in the easy glide region is only approxi- 
mately linear; the curves generally decrease in slope 
at a decreasing rate. The similarity of the stress- 
strain curves before and after recovery at low values 
of Tr indicate that there is no significant change in 
the dislocation distribution, but only a homogeneous 
scaling down of the distribution by a process of random 
annihilation. 

The amount of recovery is measured by the rela- 
tionship proposed by Drouard é¢ al., 
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The direction of deformation was reversed, again, 
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Fig. 2—Effect of stress upon the recovery of specimens 
tested at — 50°C and recovered at 0°C. 


where 7, 7 and 7, are the yield points indicated 

in Fig. 1. The above measure of recovery is useful 
because it is invariant with respect to changes in the 
three yield points and only depends upon the recovery 
time and temperature, and, possibly the new variable, 
Tr. For a given set of recovery conditions R was re- 
producible to about +4 pct. 

The effect of a positive Tr on recovery is shown in 
Fig. 2. Tr has no effect until it approaches a value 
which will be called the instantaneous yieldpoint. The 
instantaneous yield point is the stress which will pro- 
duce an instantaneous macroscopic strain at any in- 
stant of recovery time and at the recovery temperature. 
In Fig. 2, Curve 1, Tg began to decrease the amount of 
recovery at about 40 psi. Looking at Fig. 1, which is 
the test corresponding to Tz = 0, it is seen that 7’ is 
about 47 psi, the yield point at —50°C after 8 min of 
recovery at0°C. The instantaneous yield point is some- 
what lower than 7 because there is a temperature de- 
pendence of the yield point which causes the instantane- 
ous yield point at the recovery temperature of 0°C to be 
less than 47 psi. With a fixed Tp, the instantaneous 
yield point approaches Tg from above as recovery 
goes on. As the instantaneous yield point gets closer 
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Fig. 4—Effect of a large negative stress upon recovery. 
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Fig. 3—Effect of stress upon the recovery of a specimen 
tested at — 50°C and recovered at 0°C. 


to Tr, the tendency to creep increases. It is not ex- 
pected that the stress which affects recovery should 
be any better defined than in Fig. 2 because a sharp 
boundary does not exist between the unyielded and 
yielded states. 

In Fig. 2, negative values of recovery are reported, 
which mean that Tp was greater than the value of 7T, 
adjusted to 0°C. Consequently, the crystal was yield- 
ing at a faster rate than it was recovering. At values 
of Tr equal to or above the instantaneous yield point, 
creep was observed as evidenced by a relaxation in 
the stress, Tp, which was kept constant within a few 
percent by a continual adjustment of the manual 
control knob. 

In Fig. 3 a series is shown where Tr was both 
positive and negative. Again there is a range of Tp 
over which recovery is unaffected. High positive 
values of Tp reduce recovery, but high negative 
values increase it. The value of Tr Fig. 3, at which 
recovery is decreased is about 15 psi less than the 
value in Fig. 2 because 7, for that specimen, Fig. 4 
is also about 15 psi smaller. A typical test for a high 
negative value of 7, is shown in Fig. 4, where there 
is a difference in the stress-strain curve after re- 
covery when compared with Fig. 1. The shape of the 
curve is indicative of a Bauschinger effect where the 
initial yield point To’ is lower than expected and the 
initial rate of work hardening is very rapid. In order 
to better understand the effect of a high negative 
value of Tp, it was desirable to study the effect in 
the absence of recovery. 


SHEAR STRESS-PSI 


02.04 06 08 10 42 44 02 04 
Fig. 5—Typical test showing effect of a negative strain. 
Entire test at —72°C. 


VOLUME 218, OCTOBER 1960-779 


R = 
To 
100 
80 
Th | 
60 Te 
| 
20 
' 1 ! 
| 


INITIAL STRAIN = QI5 
207 STRAIN RATE = .016/MIN. 
16+ e 
a 
is 
st 


STRAIN IN NEGATIVE DIRECTION 


Fig. 6—Change in yield point as a function of negative strain. 
Tested at —72°C. 


b) Effect of a Negative Strain— Fig. 5shows one of the 
tests in a series of negative strain experiments. The 
purpose was to see how an intervening amount of y—- 
affects the stress-strain curve. Calling 7, and 7,4’ 
the yield points immediately before and after y-, 
(T4 Ta’) is plotted against y- in Fig. 6. The 
effect is saturated after a y-— of about 10 pct. The 
initial slope of the curve represents a 7 psi decrease 
in the yield point for 1 pct of y-. This decrease most 
likely represents a decrease in the internal stress 
field for a point located at the source of dislocations. 

The work hardening after a strain reversal is such 
that the flow stress soon rises above an extrapolation 
of the flow stress of the preceding stress-strain 
curve. This rise in flow stress occurs for both strain 
reversals as Shown in Fig. 5. The amount of the rise 
in flow stress of the third stress-strain curve gener- 
ally increased with the amount of y-. The result for 
the second stress-strain curve is different from the 
observation by Edwards et al.}°"* They measured the 
change of flowstress (for y= .03) after a reversal 
at —196°C. and observed a decrease, Fig. 7, which 
became greater with a prior strain of the opposite 
sign. The difference is attributed to a difference 
in testing temperatures. The reasons for the effect 
of testing temperature will be presented in the dis- 
cussion. 


DISCUSSION 


a) Effect of Stress on Recovery-—In agreement with 
the results of Tannenbaum and Kauzmann,’ values of 
Tr less than the instantaneous yield point have no 
effect on the rate of recovery. It would seem that a 
glide process does not determine the rate. The ex- 
perimental results thus strongly indicate that recovery 
does not simply occur by pileups of dislocations 
gliding backward from their obstacle because then an 
applied stress would have an appreciable effect below 
the instantaneous yield point. Most likely climb is 
the rate determining process as suggested by the 
kinetic studies of Drouard e¢ al.," wherein the acti- 
vation energy was that for self diffusion. Since a 
pure shear stress does not exert a force in the di- 
rection of climb on a single dislocation, it would seem 
that the explanation is complete. However , since an- 
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PLASTIC STRAIN 


Fig. 7—(Schematic) Shows effect of testing temperature on 
a reverse strain test. 


nihilation of dislocations is the method of softening, 
then the rate of annihilation could be enhanced by 
squeezing two dislocations of opposite sign closer 
together because the attraction between the dislo- 
cations varies inversely with their separation. The 
distance over which such a squeezing process might 
be effective is roughly Gb/[27 (1-2) Tp] or about 

5 x10* Burgers vectors. Once the dislocations were 
within a distance less than 5 X10* Burgers vectors, 
the applied stress would be relatively ineffective. If 
it is assumed that dislocations of each sign are 
randomly distributed, then the applied stress would 
tend to seperate pairs of dislocations of opposite sign 
as well as squeeze them together so that the net 
effect of the applied stress would be nihil. The 
description of random annihilation as presented by 
Friedel* is consistent with the observation that Tp 
less than the instantaneous yield point does not affect 
recovery. 

It had been proposed by Mott? that recovery could 
be enhanced by a pileup of dislocations, and it would 
be expected that under such a condition an applied 
stress would have an effect. Similarly, Weertman™® 
has discussed the effect of an applied stress on the 
rate of climb when a pileup of dislocations occurs. 

In a hep crystal deformed in simple shear, no bar- 
riers for an appreciable pileup of dislocations exist. 

When 7T,p is large and positive, dislocations are 
generated during annihilation with a net decrease in 
recovery. When Tp is sufficiently large, then the 
number generated exceed the number annihilated, and 
a negative recovery is observed. 

When 7, is large and negative, the yield point 
after recovery is lower than that produced by recovery 
alone, and at the same time the subsequent stress- 
strain curve is altered as in Fig. 4. In order to dis- 
cuss the effect of a large negative Tp, it is better to 
consider the data on the effect of a negative strain in 
the absence of recovery by climb. 

b) Effect of a Negative Strain-The basic variables 
that determine the stress-strain curve are the elastic 
interaction of the dislocations and the stress to cut 
through the forest dislocations as discussed by Seeger. 
To discuss the low yield point after a Strain-reversal, 
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the Bauschinger effect, one has to look at the internal 


elastic stress field as viewed from the source of dis- 


locations. The internal stress field is produced by the 
dislocations which are stuck inthe crystal after plastic 


deformation. As the dislocations are emitted from a 
source, the positive dislocations go in one direction 
and the negative in the opposite direction until they 
are stopped by an obstacle. Consequently, at any 
moment the source sees, for example, more positive 
dislocations on its right then on its left. Thus, the 
source experiences an anisotropic internal stress 


field, which makes it possible to move additional posi- 


tive dislocations to its left at a lower stress than to 
its right. This lowering of the yield point under a 
reverse stress is called the Bauschinger effect. 

At -—72°C, the flow stress (for y>.015) after a 
strain reversal was greater than the extrapolated 
value of the flow stress from the preceding stress- 


strain curve. Inthe investigationby Edwards et al.,1°™ 


at —196°C, the flow stress (for y = .03) was less 
as illustrated in Fig. 7. In this investigation, the 
increase in flow stress became greater with the 
amount of prior negative strain, but in the investigation 
by Edwards et al., it decreased more as the prior 
negative strain was increased. The difference is 
behavior is based on a difference in temperature. As 
suggested by Thompson ef al.,° the reverse strain 


produces annihilation of dislocations. This annihilation 


might be called strain induced recovery. At —196°C, 
the dislocations are completely frozen so that they 
lie-in one slip plane, and thus, complete annihilation 
can occur by glide. However at —72°C, the vacancies 
which had been generated by slip are mobile enough 
to jog the dislocations as in Fig. 8 (2). When a dis- 
location of the opposite sign moves on the same slip 
plane as a jogged dislocation, only incomplete an- 


nihilation can occur, and dislocation loops are gener- 


ated as in Fig. 8 (0). The dislocation loops will have 
little effect on the Bauschinger effect because they 


O 


(a) (b) 


DISLOCATION JOGGED LOOPS AFTER 
BY VACANCIES INCOMPLETE ANNIHILATION 


Fig. 8—(a) Dislocation jogged by vacancies which are pro- 
duced during forward strain. (b) Incomplete annihilation 
during reverse strain produces loops. 


For a vancacy mechanism the rate is roughly 


R 


R, becomes unobservable when T <- 30°C. 


= (Qp/2)/KT 


v 


Since InAp= In A, 


In R,{-72°C) > InR(-30°C) > Ink, (-196°) 


Thus, the kinetics are consistent with the above ex- 
planation. 

The decrease in yield point with increasing y-, 
as shown in Fig. 6, has been attributed to annihilation. 
The leveling-off in the effect of y— at large values 
is probably determined by the number of dislocations 
that can become stuck. The low and decreasing rate 
of work hardening (as observed in Fig. 1) is consist- 
ent with the idea that the number of stuck dislocations 
approaches a limit during easy glide. 
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mune Interesting discussions were held with Dr. R. K. Ham. 
have a short range stress field, but they will increase 


the flow stress because they must be cut like the trees 


in the forest. The above mechanism for the formation REFERENCES 


of dislocation loops would also be valid during a fa- 
tigue test and may account for the dislocation loops 
that have been observed with the electron microscope. 


The above explanation hinges on whether the rate of 
climb as controlled by a supersaturation of vacancies 


is such that there is sufficient mobility at -72°C but 
not at -196°C. A time base for just observing climb 
may be obtained from kinetic studies of recovery on 


zinc where the mechanism is a self diffusion process. 


For a self diffusion mechanism the rate is: 
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High-Temperature Short-Time Creep of Graphite 


Constant-load tensile creep properties were determined at 
3000° to 5300°F. Creep rates of 10~" to 10-* sec-* were observed 
at stresses of 1600 to 4000 lb per sq in. The creep rate increased 


continuously with increasing temperature, and was lower when 


H. E. Martens 


the stress was parallel to the grain rather than perpendicular. 


Elongations up to 40 pct and density decreases up to 18 pct were 
observed. Activation energies of 159 to 240 kcal per mol were 


obtained. 


InrEeREstT in the use of graphite as a high-temper- 
ature engineering structural material has recently 
increased markedly. However, actual use of this 
material has been limited, in part because informa- 
tion about its high-temperature mechanical proper- 
ties has been lacking. The information needed in- 
cludes not only reliable values for the properties, 
but also how to control these properties. 

Malmstrom, Keen, and Green’ have reported on 
the tensile and creep properties of some graphites 
above 2700°F (1500°C). They observed measurable 
creep under tensile loading at 4000°F (2200°C) and 
higher, with elongations of about 7 pct at 4500°F. 
Their typical elongation-vs-time curve showed the 
normal three stages of creep found for many metals 
at elevated temperatures. The specimens used were 
heated by passing an electric current through them. 
This method of heating caused a significant differ- 
ence between the surface and axis temperatures, and 
may have affected the results. More recent work by 
Kattus,” in which the specimens were also heated 
by their own resistance, showed very little plastic 
deformation for either slow or fast tensile testing 
or for creep testing. Work at this Laboratory, al- 
ready reported, showed that for temperatures above 
4500°F and under conditions of slow tensile loading 
some commercial graphites exhibited elongations 
up to 20 pct. 

The work reported here is the continuation of a 
study of the tensile creep behavior of some com- 
mercially available synthetic graphites at tempera- 
tures up to 5300°F, and is preliminary to a more 
systematic investigation of the variables governing 
the high-temperature mechanical properties of 
graphite. 


MATERIALS TESTED 


The tests were conducted on six blocks from four 
lots of synthetic graphite bearing four different com- 
mercial-grade designations. These blocks were sel- 
ected because their tensile stress—strain properties 
had been determined in previous work.* Table I pre- 
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sents the available information, supplied by the pro- 
ducers, on the processing of these materials. Also 

included in this Table are the densities and the ten- 

sile strengths at room temperature and 4500 °F de- 

termined by the authors. 


EXPERIMENTAL TECHNIQUE 


The furnace used to heat the specimens for test- 
ing is shown in Fig. 1. The heating element was a 
graphite tube, 3-in. OD by 2 1/2 in. ID by 24 in. 
length. A spiral was cut into the 6-in. center por- 
tion of this tube to provide a high-resistance sec- 
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Fig. 1—Testing apparatus 
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Table I. Nominal Characteristics and Measured Properties of Graphites Tested 


Commer- Maximum Graphiti- 


Average Tensile Strength4, psi 


Average 


No. tion Forming» Size, In. 2. Block,¢ In. g per cc g per cc Parallel dicular Parallel dicular 
0104 3499 molded 0.005 above 4100 Le 122 1.68 1.58 - = 4570 - 
0105 3499 molded 0.005 above 4100 12sxe1 2-2 1.68 1.58 - - = = 
0106 3499 molded 0.005 above 4100 L212 2 1.68 eS 1730 - 4850 - 
0201 942S extruded 0.033 above 4100 2.5x17x 24 1.65 1.69 1780 1780 3620 2960 
0301 AGR extruded 0.250 5000 16 x 16 x 60 IES 1.59 550 - 1560 - 
0401 H3LM extruded 0.033 above 4100 12D x 72 1.70 1.68 1420 1420 2800 2750 


“Blocks from the same commerical lot have the same first two digits. 


Starting materials for all blocks were petroleum coke and coal tar pitch. All blocks were impregnated with coal tar pitch except 0301 which 


was not impregnated. 


°For molded blocks, smallest dimension in molding-pressure direction; for extruded blocks, largest dimension in extrusion direction. 


dParallel or perpendicular to grain direction. 


tion. Two water-cooled sight ports were used for 
measuring and controlling the specimen temper- 
ature. Located in one of these ports was a total 
radiation pyrometer, focused through an opening 

in the heating element onto the center of the speci- 
men gage section. The output of the pyrometer 
controlled this temperature to within + 25°F by 
varying the power supplied to the furnace through 
a 50-kva saturable core reactor. An optical py- 
rometer was sighted at the center of the speci- 
men through the other port, and temperatures read 
from this instrument on the assumption that the 
effective emissivity was unity. Since the gage 
length was surrounded by the heating element, which 
was about 50°F hotter, the desirability of correct- 
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ing for emissivity and reflectivity was examined. 
Calculations indicated that, if the spectral emissi- 
vity was 0.85, the true temperature was about 25°F 
higher at 4500° and 5000°F than that read. Since 
this difference was about equal to the reproducibility 
of the optical pyrometer, no correction was made. 
Light-absorption by the window was taken into ac- 
count in reporting the test temperature. A survey 
of the temperature along the gage length showed a 
maximum variation of + 25°F. 

An atmosphere of tank helium was used. To pre- 
vent carbon deposition on the windows, the gas was 
admitted through the sight ports just back of the 
windows, as well as at the top of the furnace. The 
gas was discharged at the bottom of the furnace in 
a way which maintained a positive pressure of ap- 
proximately 1 lb per sq in. within the furnace. 

The furnace could be lowered in the loading frame 
to allow visual examination of the assembled load 
train prior to testing. Accurately calibrated dead 
weights were used to provide the desired load. These 
weights were supported by a hydraulic jack which 
allowed gentle loading of the specimen after it has 
been brought to temperature. 

The load train, including the specimen and hold- 
ers, load-transmission rods, and extensometer rods, 
is shown in Fig. 2. The specimen had a 1/4-in.-diam 
by 1-in.-long gage section. Large fillets at each end 
of the specimen reduced stress concentrations and 
provide a seating surface against the holders. The 
specimen holders were graphite, and had spherical 
seats to match the end of the load-transmission rod 
and provide alignment of the specimen. The load- 
transmission rods were made of ungraphitized car- 
bon to reduce the heat flow to the ends of the furnace. 
The extensometer rods were graphite and transferred 
the movement of the specimen holders to a cool por- 
tion of the furnace. This movement was taken to be 
the same as that of the ends of the specimen. The 
extensometer rods were attached to metal rods which 
passed through seals in the top of the furnace and 
actuated the strain-measuring transducer. For the 
early portion of the work, a linear wire-wound re- 
sistor was used as this transducer. This gave a 
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Table Il. Time-Temperature Schedule for Unispecimen Creep Testing 


Temperature, Time at Temperature, 
Min 
4430 180 
4540 60 
4650 30 
4750 30 
4860 20 
4960 20 
5070 20 
5170 20 
5280 20 


step-wise signal with a resolution of approximately 
0.5 pct for a 1-in. gage-length specimen. The major 
portion of the work was conducted with linearly vari- 
able differential transformers. These gave a step- 
less signal which was recorded on a strip chart. 
Some small errors in the recorded strain during the 
initial portion of the test may have been caused by 
the seating of the specimen in the holders. 

The reported stress was calculated on the initial 
area of the gage section. The load was held constant 
during the test. The final measured percent elong- 
ation was based on the length of the gage section be- 
tween the large fillets and the change in overall length 
of the specimen, measured at room temperature and 
taken as the total extension. Whether or not fracture 
occurred, this measured elongation was found to be 
within 2 pct of the recorded elongation. In most in- 
stances, the recorded elongation was slightly greater 
than the measured elongation; the difference is thought 
to result from a slight spreading of the holders. 

The change in density during testing was calcul- 
ated from measurements of the mass and volume of a 
cylindrical sample taken from the end of each speci- 
men prior to testing, and from the same measure- 
ments made on a cylindrical sample cut from the 
gage section after testing. Each test specimen was 
weighed before and after testing to assure that no 
major weight loss occurred (see Ref. 3). 

Tests were run at temperatures from 3000° to 
5300 °F, covering the range in which graphite was 
found to reach a maximum strength when tested in 
tension (1 and 3). For the extruded lots, tests were 
run both parallel and perpendicular to the grain of 
the graphite. In these lots, the grain direction was 
taken to be parallel to the direction of extrusion. 

For the molded lots, tests were run only parallel 
to the grain, which was taken to be perpendicular 
to the direction of molding pressure. 

Since the behavior during short times was of major 
interest, most tests were run for 60 min. When it 
was desired to obtain fracture-behavior data, the test- 
ing time was extended, but in no case was it more 
than 500 min. Elongation-vs-time curves, under 
constant-load conditions, were recorded for various 
temperatures at a constant initial stress, or at var- 
ious stresses for a constant temperature. A new 
specimen was used for each test condition, even 
though fracture did not occur. This is referred.to 
as the multispecimen technique. 

In an attempt to reduce specimen-to-specimen 
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Fig. 3—Elongation vs time at 4960° F, 2000 psi. Block 0401 


variation, another testing technique was tried. One 
specimen was used for a sequence of test conditions; 
this method is referred to as the unispecimen tech- 
nique. The specimen was heated to the minimum de- 
sired test temperature and loaded to the desired 
stress level. The temperature and load were held 
constant while elongation-vs-time data were record- 
ed. After a predetermined period of time, the tem- 
perature was rapidly increased approximately 100°F 
and again held constant. This step-wise increase 
and holding of temperature was continued until the 
maximum desired temperature was reached or frac- 
ture occurred. The times and temperatures chosen 
as standard for this study are given in Table II. 
Some tests were also run to determine the re- 
covery behavior of graphite. For'these, the test 
was started as in the multispecimen technique pre- 
viously described. After a predetermined period 
of time, the stress was removed, the temperature 
held constant, and the elongation-vs-time data 
recorded. 


RESULTS 


Many hundreds of creep curves were obtained in 
the course of this work. The complete results are 
too lengthy to present in this paper. They are given 
in Ref. 4. 

Elongation-vs-Time Curves—One of the difficulties 
encountered in determining the properties of graphite 
is the specimen-to-specimen scatter. Some indica- 
tion of this scatter was obtained during determination 
of the high-temperature tensile properties.* The ef- 
fect there was not of major importance. The scatter 
obtained in creep testing of one block is indicated by 
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Fig. 4—Elongation vs time for various temperatures. Block 
0106. Stress parallel to grain. All tests run to fracture. 


Fig. 3. The test conditions for each series in this 
figure were held constant within the limitations of the 
equipment; that is,+25°F for the temperature and 
+10 psi for the applied stress. 

Fig. 4 shows typical constant-stress creep curves 
to fracture. These curves, and all but those for a 
very few tests, show no third-stage creep. Though 
some of these curves seem to show an almost steady 
creep rate prior to fracture, closer study shows that 
the creep rate decreased continually with increasing 
time. The widely accepted concept of steady-state 
creep-rate region in tests of other materials may 
merely be a result of transition from second-to third- 
stage creep. Since the concept of a steady-state creep 
rate has had wide-spread acceptance and has been 
used as a basis of much analysis of creep data, use 
was made of it in interpretating the data obtained 
in this study. A ‘‘steady-state creep rate’’ was ob- 
tained by fitting a straight line to the elongation-vs- 
time data recorded just prior to fracture; or, if the 
test was stopped before fracture occurred, just prior 
to the end of the test. As shown in Fig. 4, the creep 
rate increases continuously with increasing temper- 
ature and does not show a minimum to correspond 
with the peak found in the ultimate strength.” 

The earlier work on the high-temperature tensile 
properties® showed that most graphites have high- 
er strength and lower ductility parallel to the grain. 
Fig. 5 shows that graphite also has greater high 
temperature creep strength (lower creep rate) in 
the parallel direction. Since these tests were stop- 
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Fig. 6—Recovery curve. Initial stress of 3000 psi parallel 
to grain, removed after 120 min. Temperature 4710° F. 


Block 0110. 
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Fig. 5—Elongation vs time for various stresses. Block 
0201, 4650° F. 


ped prior to fracture, comparison of the creep ductil- 
ities is not possible. 

Fig. 6 is an elongation-vs-time curve recorded 
during the recovery study. The recoverable elonga- 
tion was a significant portion of the total elongation, 


and recovery was still continuing when the test was 


stopped. Apparently the observed creep was not all 
plastic deformation, but was in part anelastic defor- 
mation. Little has been done on this aspect of graph- 
ite creep, but more is being done. 

In an attempt to circumvent the specimen-to-speci- 
men scatter mentioned previously, the unispecimen 
testing technique was tried. A typical elongation-vs- 
time curve obtained by this technique is shown in 
Fig. 7. It will be noted that no major disturbance oc- 
curred in the recorded curve and that ''steady state" 
conditions were reached soon after the temperature 
was changed. 

Activation Energy— Using data similar to those 
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Fig. 7—Elongation vs time by unispecimen technique. Block 


0401 unispecimen 382, stress 2000 psi parallel to grain. 
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Fig. 8—Steady-state-creep rate vs reciprocal temperature. 
Block 0401 stress 2000 psi. 


presented in Fig. 4 it is possible to determine an ac- 
tivation energy for creep from the least-squares lin- 
ear plot of the logarithm of creep rate versus reci+ 
procal of the absolute temperature, Fig. 8. Since 
each point on this plot is a result from a different 
specimen, the scatter shown is not unexpected. 
Values of activation energy obtained by this techni- 
que were in the range of 170 to 240 kcal per mol. 

As mentioned previously, the unispecimen testing 
technique was used in an attempt to reduce the effect 
of the specimen-to-specimen scatter. To obtain ac- 
tivation energies from unispecimen creep, the slope 
of the elongation-vs-time curve just prior to a tem- 
perature change was compared with the slope just 
after such a change. Values of activation energy 
thus determined are given in Table III. These values 
are in general agreement with the value of 199 kcal 
per mol obtained from the multispecimen tests on 
the same block, Fig. 8. 

The activation energies found by the two techni- 
ques used varied from 150 to 240 kcal per mol. 

This is in good agreement with the 200 kcal per mol 


Table III. Activation Energy for Graphite from 
Unispecimen Data, Block 0401 


Temperature Changed Activation Energy, Kcal per Mol 
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Fig. 9—Reduction of area and decrease in density vs elonga- 
tion. Block 0401. 


DECREASE IN DENSITY, % 


reported by Malmstrom, Keen, and Green.” It is 
also consistent with the 163 +12 kcal per mol found 
by Kanter’ for self-diffusion of graphite in the basal 
plane. 

Density Change, Volume Change, and Poisson 
Ratio— During the determination of high-temperature 
tensile properties,” it was found that graphite exhi- 
bits the unusual characteristic of a decrease in den- 
sity at elongations greater than 5 pct. This same 
behavior was found during the creep testing. Fig. 9 
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From, To, Unispecimen Unispecimen 
No. 375 No. 382 
4430 4540 161 173 
4540 4650 153 103 
4650 4750 186 252 
4750 4860 188 194 
4860 4960 150 158 
4960 5070 208 202 
5070 5170 217 187 
5170 5280 209 172 


Stress 2000 psi Parallel to Grain 
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Fig. 10—True strain. Block 0401. Plastic Poisson ratio: 
0.12 for stress parallel to grain; 0.18 for stress perpen- 
dicular to grain. 
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shows the relations between reduction of area, de- 
crease in density, and elongation for one block. 
Since the unispecimen-testing technique provided 
elongations up to 40 pct, it was possible to extend 
the relationship above the 20 pct elongation obtain- 
ed in tension testing. As seen in Fig. 9, the rela- 
tions are nearly linear. 

Fig. 9 also shows that, at a fixed elongation, 
the reduction of area was greater and the decrease 
in density smaller when the stress was applied per- 
pendicular to the grain than when the stress was 
parallel. Fig. 10 is a plot of the natural logarithm 
of the true strain £/, vs the logarithm of the square 
root of the area ratio 4, /A. The slope of the straight 
line through such a plot gives the value of the plastic 
Poisson ratio. It is clear from Fig. 10 that this ratio 
was larger for the stress perpendicular to the grain 
than for the stress parallel to the grain. 

At elongations of greater than 20 pct, this block of 
graphite showed a tendency to pull apart in such a 
way that visible cracks or fissures appeared on the 
surface. Not all lots exhibited this tendency. 


DISCUSSION 


The constant-load creep rate of graphite was found 
in this investigation to increase continuously with in- 
creasing temperature over the range in which the ul- 
timate tensile strength was found to pass through 
maximum.° Thus, the increasing strength of graph- 
ite with increasing temperature, up to 4500°F, is 
purely a fracture, rather than a flow, phenomenon. 
Presumably, at the higher temperatures, the in- 
crease in ductility permits local plastic flow to re- 
lieve internal stress concentrations around pores 
and other inhomogeneities. For a fixed external load, 
the stress around internal stress concentrations will 
then be much lower at the higher temperatures. This 
explanation of the strength-vs-temperature relation- 
ships seems to fit the data better than the explana- 
tion based on differential thermal expansion within- 
the material, as suggested by Mrozowski. 


Since the constant-load creep rate of graphite, as 
determined during this investigation, was found to 
decrease continuously with elongation and thus not 
reach a true steady state, it is desirable when an- 
alyzing the data to use methods which are not depen- 
dent on the assumption of a steady state. 

The decrease in density of graphite which accomp- 
anies tensile deformation and is associated with open- 
ing up of pores, and in some lots with visible cracks 
and fissures, would be expected to affect the high- 
temperature creep behavior of this material. 


CONCLUSIONS 


Short-time constant-load creep tests on several 
commercial grades of graphite at temperatures up 
to 5300 °F led to the following conclusions: 

1) For a given stress, the creep rate increases 
continuously with increasing temperature within the 
range 3000° to 5300°F. 

2) The creep rate for a fixed stress and temper- 
ature is smaller when the stress is parallel to the 
grain direction than when it is perpendicular to the 
grain direction. 

3) The apparent density of graphite decreases 
during tensile creep deformation because of an in- 
crease in pore volume. 

4) The plastic Poisson ratio is greater when the 
stress is perpendicular to the grain direction than 
when it is parallel to the grain direction, on the basis 
of tests of one block of extruded graphite. 
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Dispersion-Hardening in Binary Titanium- 


Copper Alloys 


Dispersion-containing titanium-copper alloys were prepared 
having mean free paths varying from 1.0 to 9.7 u. Tensile studies 
at room temperature and at 1000°F showed that little or no strengthen- R. 
ing occurred when the mean free path exceeded 3 uw. However, at 
lower values of mean free path appreciable strengthening was ob- 
served. A considerable amount of strengthening also resulted from 


copper in solid solution. 


D. N. WILLIAMS is Assistant Division Chief, Battelle Memorial Insti- 
tute, Columbus, Ohio. R. A. WOOD, H. R. OGDEN, and R. I. JAFFEE, 
Members AIME, are Research Metallurgist, Consultant, and Division 
Chief, respectively, Battelle Memorial Institute. 

Manuscript submitted November 30, 1959. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


D. N. Williams 


A. Wood 
H. R. Ogden 
R. |. Jaffee 


Dourinc the past several years, an increasing 
amount of study has been devoted to dispersion 
hardening, an alloying process in which increased 
strength is obtained through the addition of a ran- 
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domly distributed, finely-divided second phase. A 
number of alloying additions capable of forming 
dispersions in titanium are known, such as copper, 
nickel, silicon, carbon, and beryllium. Thus far, 
however, no commercially useful dispersion-hard- 
ened titanium alloys have been developed. 
Copper is an ideal alloying addition for the for- 


mation of a dispersion in titanium since the amount 


and distribution of the dispersed phase can be con- 


trolled quite closely. The equilibrium diagram for 


the titanium-copper system is shown in Fig. 1. The 
B phase decomposes to @ plus the compound TizCu, 
containing 40 wt pct Cu, at 1470°F. The solubility 
of copper in § titanium at the eutectoid point is 7.1 
wt pct. The solubility of copper in a titanium is 


2.1 wt pct at the eutectoid temperature. The eutec- 
toid reaction in the titanium-copper system goes to 


completion very rapidly, making the attainment of 
the equilibrium configuration of a and Ti2Cu rela- 
tively easy. 
To determine whether dispersion-hardening was 
an effective method for strengthening titanium, a 
number of dispersion-containing titanium-copper 
alloys were prepared and the tensile properties 
at room temperature and 1000°F were determined. 
The improvements in tensile properties were then 


compared with the dispersion characteristics of the 


alloys. The results of these studies are described 


in this paper. 


EXPERIMENTAL PROCEDURE 


Binary titanium-copper alloys containing 4, 6, and 


8 wt pct Cu were prepared by arc melting 250-¢ in- 
Sponge titanium having 120 Brinell hardness 


gots. 


was used as the base for all melts. 


The ingots were 
forged to 0.5 by 1.5 in. at 1800°F and rolled to 0.21 

in. at 1400°F, At this point, each alloy was cut into 
nine equal sections and fabricated to 0.045-in. sheet 
according to the flow sheet shown in Fig. 2. The in- 


termediate heat treatments were selected so as to 


give a wide variation in Ti,Cu compound size and dis- 
tribution. The final annealing treatment, given to all 


samples, was selected to insure that the composi- 
tion of the @ phase of all of the samples would be 
the same. Approximately 1.5 wt pct Cu should be 
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Fig.1—Titanium-copper equilibrium diagram! 


in solution in the a phase after this treatment as- 


suming no precipitation occurred on air cooling. 
Two sheet tensile specimens having 1-in. gage 


length sections, 0.25 in. wide, were cut from each 
sample. One was tested at room temperature and 
the other at 1000°F. Platen speed during testing 
was controlled at 0.015 in. per min. The sample 


tested at 1000°F was allowed to remain at tem- 
perature 10 min before testing. All tests were 


conducted in air. Yield strength was determined 
at room temperature by means of strain gages 
and a strain recorder. At 1000°F, the yield 
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Fig. 2—Flow sheet showing fabrication 
and heat treatment of titanium-copper 


alloys. 
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Table I. Structure and Tensile Properties of Titanium-Copper Dispersion Alloys 


Tensile Properties at 75°F Tensile Properties at 1000°F 
ompoun ean Ultimate Yield Klong. Ultimat Yield Elong. 
Sample ompound Diameter, Free Path, Strength, Strength, in Stren sth, Streneth, in 
oO. Distribution 1000 Psi 1000 Pct 1000 Psi 1000 Pct 
1 random 1.0 5.4 78 56 23 35 26 29 
2 random 0.3 4.2 92 74 9 38 Sit 13 
3 random lamellar 5.4 83 64 15 35 D5 14 
4 clustered lamellar 8.6 79 65 14 39 26 14 
5 clustered 1.0 9.7 82 58 20 23 17 36 
6 random 1.0 3.6 79 53 19 30 22 26 
7 random TES) 555 Th 56 25 29 22 34 
8 random Tes Wedl 76 55 20 29 19 31 
9 random 1.0 4.6 78 53 20 30 22 47 
10 random NES 3.0 83 60 19 29 21 28 
il random 0.5 1.9 95 74 if 40 31 19 
12 random 0.5 2.0 89 68 14 40 29 14 
13 clustered lamellar Sal 84 69 1S 39 28 38 
14 random 0.5-1.5 1.8 88 66 16 39 30 32 
15 random 1.5 4.2 86 61 15 31 24 54 
16 random 0.5-1.0 25 83 63 24 32 23 37 
17 random 0.5-1.5 3h 80 63 15 7 23 59 
18 random 0.5-1.5 4.3 78 58 Sen 31 26 53 
19 random 2.0 3.3 90 75 17 27 26 48 
20 random lamellar 1.9 101 82 16 ; 40 32 Sik 
21 random lamellar 2 108 81 11 48 33 23 
22 random lame llara 1.0 101 72 9 45 23 17 
23 random lamellar 2.1 92 73 15 38 28 38 
24 random 1.5 2.4 89 78 8 31 29 21 
25 random 2.0 IED) 90 75 15 33 29 57 
26 random 2.0 2.5 90 74 12 34 29 42 
DY random 3.0 6.5 89 67 16 33 Dae 35 
*Eutectoid structure 
°0.2 pct offset 
“Estimated from load-time curve. 
strengths were estimated from the load-time ' titanium-copper samples is given in Table I. Al- 
curves, the yield strength being taken from the though the variation in particle size was less than an- 
load value at which an abrupt change in the rate ticipated, probably due to agglomeration during the 
of load increase occurred. final anneal at 1400°F, a ten-fold range in mean free 
Photomicrographs of each sample were made path was obtained. Moreover, most of the samples 
at X250, X525, and X1500 for use in evaluating showed a random dispersion of spheroidal particles. 
Ti2zCu particle size, shape, and distribution. Mean- Several typical microstructures are given in Fig. 3, 
free-path measurements were made using the line showing (a) a random dispersion of spheroidal part- 
intercept method (mean free path = / —lo/n, where cles, (b) a random dispersion of lamellar particles, 
1 = total length of randomly drawn line, /o = length and (c) a nonrandom dispersion of spheroidal part- 
of the line passing through particles, and ” = num- icles. 
ber of particles intercepted by the line). Multiple Tensile properties of these samples are given in 
measurements generally agreed within +0.5 py. Table I. The range in tensile properties, both at 


room temperature and 1000°F, was rather small. 
As shown in Fig. 4, the tensile properties were 
closely related, an increase in ultimate strength 


A description of the microstructure of each of the being accompanied by a decrease in elongation. A 


250X 


a) Sample No. 10 Ti - 6 Cu. Rolled b) Sample No. 20. Ti - 8 Cu. Rolled ‘© c) Sample No.5. Ti- 4 Cu. Rolled 
and annealed at 1400° F. at 1400° F, quenched from 1625° F, at 1400° F, air cooled from 1520° F, 
and annealed at 1400° F. and annealed at 1400° F. 


Fig. 3—Structures of typical titanium-copper dispersion alloys. X250. Reduced approximately 37 pet for reproduction. 
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Fig. 4—Relationship between ultimate strength and elonga- 
tion of titanium-copper dispersion alloys. 


tendency for samples having a fine Ti2zCu particle 
size to be less ductile at equivalent strength was 
observed, however. A significant loss of ductility 
is apparently a characteristic of strengthening by 
the dispersion hardening mechanism, 

In Fig. 5, the ultimate tensile strength has been 
plotted vs the logrithm of mean free path. A simi- 
lar set of curves was obtained when plotting the 
yield strength given in Table I vs logarithm of the 
mean free path. The scatter was greater in this 
case, however. Contrary to work on iron-carbon 
alloys,” a single linear relationship between strength 
and the logarithm of the mean free path was not ob- 
served. Instead, the dispersion became effective 
only when the mean free path was less than about 
3 . When the mean free path was greater than 3 
yu, the dispersion appeared to have no effect on ten- 
sile properties. At room temperature the base 
strength level appeared to increase slightly with in- 
creased copper content, such that three separate 
curves—one for each copper level—could be drawn 
in Fig. 5. However, the considerable scatter of the 
data in Fig. 5 does not appear to justify so exact an 
interpretation of the results. It is possible that 
some contamination was encountered either during 
melting or fabrication which could be related to cop- 
per content, but no analyses were made. 

From Fig. 1, it is apparent that the a phase of 
titanium-copper alloys should contain as much as 
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Fig. 5—Variation of tensile strength with mean free path 
in titanium-copper alloys. 


1.5 pct Cu when given a final anneal at 1400°F and 
rapidly cooled. Therefore, considerable strength- 
ening might be expected to result from the presence 
of copper in solution. A comparison of the room 
temperature properties of unalloyed samples pre- 
pared from the 120 Bhn sponge titanium with the 
average properties of binary titanium-copper al- 
loys having mean free paths greater than 3 yp is 
shown below: 


Titanium- Copper 


Alloys 
Unalloyed (MFP greater 
Titanium than 3) 
UTS, 1000 psi 50 80 
0.2 pct Offset YTS, PAU 58 
1000 psi 
Elongation, percent 60 20 


It would appear that copper is capable of raising the 
strength of unalloyed titanium approximately 30,000 
psi, either through solid solution strengthening or 
through precipitation from a on cooling. Since the 
ultimate strength at 1000°F of commercial purity 
titanium is less than 20,000 psi while that of large 
mean free path titanium-copper alloys is 30,000 psi, 
it is probable that the strengthening effect of copper 
is the result of solution hardening, since precipita- 
tion hardening should not be effective at 1000°F. 
Previous work on high-purity titanium-copper alloys® 
showed that 2 wt pct Cu was sufficient to raise the 
ultimate strength of a titanium about 25,000 psi, and 
that the strength increase was relatively insensitive 
to heat treatment. These data also suggest that the 
strengthening is due to solution hardening. 
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Dispersion hardening of titanium- copper alloys 
is seen to be effective only when the mean free path 
is less than about 3 u. Since other investigations 
have shown a progressive effect of dispersions at 
much larger values of mean free path,” it would ap- 
pear that the effectiveness of dispersion-hardening 
in titanium alloys is considerably less than in other 
alloys examined. This may be the result of the in- 
itial high strength of the base alloy. If so, it might 
be expected that further strengthening of the matrix 
phase of the titanium-copper system, as, for example, 
with aluminum, would result in the same type of 
curve as that shown in Fig. 5, except that the level- 
ing off would occur at a higher stress and at a small- 
er mean free path. For example, increasing the base 
strength to 110,000 psi by alloying might be expected 
to result in the loss of dispersion effectiveness as 
indicated by tensile properties at mean free paths 
of greater than about 1.0 u. 

Since the attainment of mean free paths of the or- 
der of 1 » in commercial production could prove to 
be quite difficult, the development of a dispersion- 
hardened titanium alloy may not be practical. 


CONCLUSIONS 


1) A dispersion of TizCu in a titanium-copper 
matrix improves the tensile properties at both 


room temperature and 1000°F when the mean free 
path is less than about 3 u. When the mean free 
path exceeded 3 y, strength was independent of 
mean free path. The mean free path of the samples 
tested varied from 1.0 to 9.7 u. 

2) The copper retained in solution in the titanium 
matrix caused considerable improvement in room 
temperature tensile strength. On the basis of the pub- 
lished phase relationships, about 1.5 pct Cu may have 
been retained in solution after annealing at 1400°F. 

3) Increasing the tensile strength by dispersion- 
hardening resulted in a corresponding increase in 
yield strength and decrease in elongation. The de- 
crease in elongation was quite marked, especially 
at 1000°F. 
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High-Temperature Slip in Tungsten 


Single crystals of tungsten were made and deformed in ten- 
sion at 3000°C. The slip traces so formed on these crystals were 
analysed to determine the apparent slip system. Results indicate 
that deformation occurs in the <111> direction on planes of maxi- 


mum shear stress. This determination agrees with the early work 


Sam Leber 


of Taylor and Elam on other body-centered cubic crystals at low 


temperatures. 


Sup in face-centered cubic and hexagonal close- 
packed metals has consistently manifested itself 
in straight traces which indicate that glide takes 
place on planes of highest atomic density and in 
directions of closest packing. The slip traces ob- 
served on body-centered cubic metals are, on the 
other hand, frequently branched and wavy, and in- 
dicate that while glide takes place in the direction 
of closest packing, it does not necessarily choose 
the plane of highest density. The early work of 
Taylor and Elam’ * indicated that glide took place 
in the close-packed direction on planes close to 
those defined by the maximum shear stress. Sub- 
sequent investigations have tried to rationalize 
SAM LEBER and J. W. PUGH, Member AIME, are Metallurgist and 
Associate in Metallurgy, respectively, Refractory Metals Corporation, 


General Electric Co., Cleveland, Ohio 
Manuscript submitted November 12, 1959. IMD 
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these observations in terms of an elementary pro- 
cess on the close-packed planes { 110}. For ex- 
ample, Elam° and Greninger® have suggested al- 
ternate glide on nonparallel {110} planes with the 
observed result that the summation of these glides 
results in a trace which defines some plane other 
than{110}. Madden and Chen” have recently 
reviewed the phenomenological and theoretical 
aspects of noncrystallographic slip. More re- 
cently Koehler® has presented a model of dislo- 
cation propagation which permits another ratio- 
nalization. He indicated that dislocation loops 
are transferred from one glide plane to another 
by double cross-slip of screw segments. It is 
reasonable to assume that, on the average, such 
transfers may result in a trace which approaches 
the plane of maximum shear stress. 

The work described in this paper will show that 
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Fig. 1—Slip bands formed in tungsten single crys- 
tals deformed at 3000°C. 4X. Enlarged approxi- 
mately 73 pet for reproduction. 


when tungsten is deformed at very high tempera- 
tures, the slip traces formed are concordant with 
the foregoing general description. 


PROCEDURE 


Tungsten rods 20 in. long were prepared by swag- 
ing to 0.125 in. in diam and grinding to 0.120 in. in 
diam so that a smooth surface was produced. A 
nominal chemical analysis of rod prepared in this 
way is as follows: 


Element Present Percentage by Weight 


O 0.0008 +0.0005 

H 0.0000 +0.0001 

Cc 0.002 +0.002 

N 0.0003 +0.0002 

Fe 0.006 

Mo 0.003 

Na, K, Al, Ca 

each less than 0.001 


Ti, Ag, Pb, Li 


These rods were heated to 3000°C by passing current 
through them in high vacuum (<1 yu) and held at tem- 
perature for 15 min. As a result a number of very 
large crystals grew to dimensions which consumed 
the wire section and varied in length from about 0.25 
in. to nearly 2 in. Each rod was pulled in tension, so 
that it elongated about 0.5 in. before it was cooled 
from 3000°C. As a result of this treatment several 
single crystals in each rod were marked with slip 
band traces which appeared to delineate elliptical 
sections of the cylindrical crystals. Fig. 1 is a pho- 
tograph of such a crystal. 

The crystals were etched in a potassium ferricy- 
anide-potassium hydroxide etchant which revealed 
the {110} planes. Using optical reflections from 
these planes, the crystal was oriented so that 
the {110} normal closest to the minor axis of the 
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A SLIP DIRECTION 
@ STRESS AXIS 
© SLIP PLANE 


Fig. 2—Stereographic representation of slip systems 
found in tungsten deformed at 3000°C. 


elliptical trace was approximately parallel to the 
X-ray beam. The exact orientation of the crystal 
was then determined by back-reflection Laue dif- 
fraction methods, and a stereographic projection 
showing the orientation of the crystal plane nor- 
mals was prepared. 

The orientation of the slip plane was determined 
by a modification of ‘‘the method of traces in two 
surfaces’’. For this method, the angle between 
the trace of the slip band and the rod axis was mea- 
sured at predetermined angular positions as the 
crystal was rotated about the rod axis. The data 
for all visible traces on each crystal were plotted 
on a stereographic net. A great circle drawn through 
the plotted points gave a stereographic projection 
of the average orientation of the slip band traces in 
each crystal. The normal to this trace was then plot- 
ted on the standard stereographic projection of the 
crystal. For comparison between crystals, the ster- 
eographic projections of the individual crystals were 
rotated to place all the rod axes in a single unit 
triangle. 

Replicate measurements made on two crystals 
were used to estimate thé precision of the slip band 
determination. The orientation of the rod axis was 
estimated to be within +2 deg, while the deviation 
of the slip band normal was never greater than 
+4 deg. 


RESULTS 


The results obtained for the six crystals exam- 
ined in detail are presented in Fig. 2. A definite 
tendency for these crystals to grow with a prefer- 
red orientation is shown by the distribution of the 
orientation of the rod axes. The concentration of 
the rod axes near the <001> orientation is con- 
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Fig. 3—Comparison between the observed angle between 
the (101) plane and the slip band with that predicted from 
maximum shear stress considerations. 


trary to the <110> fiber texture usually produced 
in recrystallized tungsten. Since the data indi- 
cated a possible correlation between the orienta- 
tion of the crystal and the slip band an attempt was 
made to find crystals which had widely differing 
orientations. The orientations of seven additional 
crystals were obtained, but they were found to be 
quite similar to those shown in Fig. 2. 

The poles of the planes delineated by the slip 
traces evaluated are also shown in Fig. 2. They 
are numbered to correspond with their respective 
rod axes. While these planes obviously are not 
associated with a unique crystallographic orienta- 
tion, they are all planes of a common zone which is 
defined by the [111] direction. This direction is, 
of course, presumed to be the slip direction. This 
data has been replotted in Fig. 3 to show that the 
orientations of the slip bands coincide, within ex- 
perimental error with those which would be pre- 


dicted from a consideration of resolved shear stress. 


The one exception of this is crystal Number 3 which 
indicates a preference for the (101) plane. The or- 
ientation of this crystal is such that it should have 
slipped in the [111] direction rather than the [111]. 
In fact, it might have been expected to slip on the 
(101) [111] system rather than (101) [111]. The re- 
sults observed may be due to a slight misalignment 
of the axis of this crystal during deformation. Crys- 
tal Number 6 appears to be so oriented as to make 
slip practical on more than one system, but this was 
not observed. 

Slip directions have also been estimated from the 
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degree of offset across the slip band. The minimum 
offset, which would be perpendicular to the direction 
of slip, was found near the minor axis of the ellipse 
delineated by the slip band trace. The major axis 
was assumed to be the direction of slip and was found 
to be the [111] direction. 


DISCUSSION 


The results indicate that the deformation of tung- 
sten at 3000°C produces slip traces which delineate 
planes which tend to be close to those of maximum 
shear stress and which contain a <111> close-packed 
direction. This observation coincides with those of 
several early investigators of slip at low temperatures 
in body centered cubic metals. These early analyses 
resulted in the description of slip as ‘‘pencil’’ glide, 
banal glide, or noncrystallographic glide.” These no-— 
menclatures simply implied that once the proper <111> 
direction was selected, the slip plane might be any 
plane which contained this direction and was properly 
oriented with respect to resolved shear stress. 

Goucher’s” early determination for tungsten in the 
range 1000°to 3000°K indicated that the primary slip 
system was {112} <111>. Andrade and Chow’s? 
general classification of body-centered cubic systems 
specified {112}, {110}, and {123} as operative at low- 
intermediate, and high-temperature ranges, respec- 
tively. The determinations described here do not sup- 
port this classification nor does the recent work of 
Schadler** who reports {110} planes to be operative 
at low temperatures. 

The observation that the slip traces evaluated in- 
dicate planes most favorably oriented for maximum 
shear stress does not preclude combinations of speci- 
fic elementary glide mechanisms involving a single 
system such as {110} <111>. On the other hand, the 
nature of these determinations does not permit an 
analysis of the elementary glide mechanism. 
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Measurement of Kirkendall Effect in the 


lron-Chromium System 


Markers in a diffusion couple in the ivon-chromium system 
move towards the high chromium side indicating Do, > Dre at 
the marker composition. By a combination of measurements of 


De and D as a function of composition, this is also shown inde- 
pendently. Des is calculated as a function of composition, and 
shown to be in reasonabie agreement with measured values by 


other workers. 


Measurements of marker movements in diffu- 
sion couples have been used from time to time to 
demonstrate that a vacancy or interstitial mechanism 
may be operative. Since there is a possibility that 
ring diffusion’ may be operative in chromium,” * the 
present experiments are of interest in Showing some 
non-ring mechanism in iron-chromium alloys around 
the equiatomic composition. 


EXPERIMENTAL PROCEDURE 


The movement of markers originally at the inter- 
face between 1-in. sq sections of pure Cr (6 mm 
thick) and outer slabs of 30 Cr-70 Fe alloy was fol- 
lowed as a function of time at temperatures from 
1150° to 1425°C, in a Kanthal-wound furnace. Tem- 
perature control was +5°C over extended periods. 
The analyses of these alloys are given in Table I. 

Selection of suitable markers presented a con- 
siderable experimental problem; the eventual solu- 
tion was to draw quartz rod down to 0.01 cm and 
seat this in V-grooves 0.01 cm deep on each side of 
the chromium prior to welding. A preliminary ex- 
periment in which the groove was machined in the 
alloy gave identical results. Welding was accom- 
plished by passing a heavy current through speci- 
mens under moderate pressure in a helium atmos- 
phere. This method produced good welds witha 
planar interface as shown by subsequent metallo- 
graphic investigation. Any markers which did not 
adequately fill their groove and showed subsequent 


Table | 
Nominal 
Composition, Mode of Actual 
ectsCr Preparation Pct Cr Pct O Pct N Other 
100 Sintered ~100 0.002 0.002 0.004 C 
powder 
30 Vacuum 30.2 Not 0.0009 0.004 C 
melted as determined 0.012 S 
12# ingot 
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contamination from the atmosphere during heat 
treatment were not considered reliable. 

The composite sample was ground and metal- 
lographically polished on the four sides perpen- 
dicular to the interface. Fiducial marks (deep milled 
slots) were made outside the diffusion zone to check 
on total volume change. All necessary measurements 
were made on a metallograph reading to +0.0005 cm. 
The samples were wrapped in tantalum foil and given 
diffusion anneals for times to 200 hr in carefully 
purified dry hydrogen in a sealed McDanel porcelain 
tube. Chromium-zirconium chips were introduced 
near the specimen as an additional getter. The 
specimens were cooled relatively slowly after the 
diffusion anneal to preserve the McDanel tube but 
no significant error in effective time at temperature 
was thereby introduced. At least 1 mm was ground 
off the surface before measurements were taken. It 
was observed that the grain size following short 
diffusion anneals was several mm and was appre- 
ciably larger in the 30 Cr alloy than in the pure Cr. 
No significant grain boundary penetration was pres- 
ent as indicated by the etch limit. The results are 
presented in the next section. Measurements of D 
were made by standard sectioning techniques with 
chemical analysis. Machining difficulties limited the 
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Fig. 1—Movement of quartz markers initially at the inter- 
face between pure chromium and a 30 Cr-70 Fe alloy asa 
function of V¢ at various temperatures. 
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Fig. 2—Various diffusion coefficients as a function of 
composition in the Fe-Cr system. The symbols @ (Ivanov 
et al. 8) and (Shinyayev!”) represent direct tracer de- 
terminations of Die* The other curves are discussed in 
the text. 


minimum thickness of sections to 0.03 mm which 
handicapped the precise location of the markers dur- 
ing the sectioning. 


RESULTS 


The marker movement which was towards the 
chromium in a series of Cr vs 30 Cr-70 Fe couples 
is plotted as a function of t”” in Fig. 1. This re- 
sults in linear relationships as is often usual in this 
type of experiment.” 

In many systems it is common to find a consider- 
able amount of porosity in the diffusion zone cor- 
responding to the condensation of excess vacan- 
cies.*"” In spite of careful and prolonged investi- 
gation under a wide variety of experimental condi- 
tions, no porosity was observed in any of the speci- 
mens. Resnick and Seigle’* have demonstrated that 
the nucleation of voids is heterogeneous and if the 
available sites @. g., oxides) are reduced, the poros- 
ity is also markedly affected and may essentially 
disappear. The materials used here were reason- 
ably low in oxygen and nitrogen and this may be the 
cause of the low porosity. It would not be proper to 
infer that the absence of voids invalidates the 
vacancy mechanism. 

It has also been usual in marker movement ex- 
periments to find that the marker originally at the 
interface moved toward the component of lower 
melting point since this commonly has the higher 
partial diffusion coefficient. The movement towards 
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the chromium at first sight then appears anomalous; 
measurements described later show independently 
that at the marker composition, Dc, is in fact greater 
than Dre. 

Careful measurements of total length change 
between points well removed from the diffusion zone 
showed no detectable differences at beginning and 
end of the experiment. A length change of +0.03 pct 
could have been measured; this is not sufficiently 
sensitive to detect the small specific volume change 
in the Fe-Cr system. In Barnes’ experiments® on 
Cu-Ni and Cu-Zn for comparison, the length increase 
for somewhat smaller Dt is of order 1 pct; he felt 
that this could essentially all be explained by pro- 
duction of vacancies and their condensation into 
voids. 


Values of the chemical diffusivity D at 1250°C 
after a diffusion anneal of 72 hr are plotted in Fig. 2. 
These were calculated by a Matano analysis?’ of a 
smoothed probability plot from both diffusion zones 
in the specimen. 

Measurements are available® of the variation in 
the iron-chromium system of the self-diffusion co- 
efficient Dé, with composition at 1275°C. Since this 
system around this temperature is thermodynamic- 
ally very close to ideal, ** following Darken,” at each 
composition of interest, 


Dex = De; 


where Dc; is the partial diffusion coefficient of 
chromium in a concentration gradient. By correct- 
ing Dé, to 1250°C by assuming an activation energy 
of 60000 cal per mol (a change of + 10000 cal per 
mol here is not a serious error), and knowing D at 
1250°C, it is possible to calculate Dr-(and thus Dj.) 
as a function of composition from Darken’s equation 


D = Ner Dre + 


The variation of Dy. with composition is much less 
than for Dé, Fig. 2. 

We note that at the marker composition (about 50 
at. pct Cr) Dre< Dc; which is consistent with experi- 
mental observation of the direction of marker move- 
ment. 

From Darken’s*® second equation 


aNcr 


we should be able to predict the displacement of the 
marker x,, at time ¢. Lack of precision in sectioning 
makes a quantitative check inaccurate; the calculated 
movements are however of the same order of mag- 
nitude as the observed ones. 


DISCUSSION 


The major result which emerges from the above 
work is that the observed marker movement results 
because of the large variation in diffusivity of chrom- 
ium as a function of composition; indeed it does not 
seem unlikely that the mechanism of diffusion itself 
may change. Recently the variation in D and Q for 
both iron and chromium has been measured as a 
function of composition.”'® The results agree rea- 
sonably well with each other where comparison is 
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possible; the values of Dre at 1250°C given by Ivanov 
et al.*® and Shinyayev’’ are not too different from the 
derived values in the present work as shownin Fig. 2. 

Both sets of values for Dp,at 1250°C seem to 
extrapolate to a value significantly above the value 
for Dé. for pure chromium. This is rather puzzling 
since it then becomes quite unclear what the mechan- 
ism of iron diffusion is. 

Further work is planned to try to elucidate this 
point and to study the diffusion of other body-cen- 
tered transition metals in chromium. The kinetics 
of vacancy formation and migration will also be 
studied by quenching experiments. It might also 
prove of interest to study couples, say of 80 Cr/20 
Fe and pure chromium, though because of the low 
diffusivities involved, the experimental techniques 
would be rather difficult. 


SUMMARY 


1) Marker movements and an independent, more 
direct method indicate Dc, > Dre at Nc, =0.5. Some 
non-ring diffusion must occur around this composi- 
tion. 

2) From measurements of Dé, and D, Df, has 
been calculated as a function of composition. The 
agreement with independently measured values is 
reasonably good. Dj}, does not extrapolate to the 
value of Dé, in pure chromium, which is a rather 
puzzling point. 


3) The mechanism of diffusion at various compo- 


sitions in the Fe-Cr system is in sad need of clari- 
fication. 
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The Deformation of Unalloyed Titanium Sheet as 


Function of Orientation and Strain Rate 


The modulus of elasticity and yield strength of commercially 
pure, annealed titanium sheet was investigated at room tempera- 
ture as a function of strain rate and direction of loading. The value 
of E varied with direction of measurement in the sheet but was un- 


affected by strain rate in the range 0.04 x 10-3 to 10-2min=, The 


C. P. Gazzara 


yield strength increased with increase in strain rate and varied with 


specimen orientation. 


VALUES of the modulus of elasticity, E£, in tension 
for commercially pure titanium have been reported 
at from 14 to 20X10° psi. Reasons suggested for 
this variation have been a) composition, b) strain 
rate, c) texturing, and d) creep. For example, alloys 
of titanium with aluminum, manganese, and nitrogen 
have yielded modulus values of from 12.5 to 16.8 
x 10° psi at room temperature.” It was shown by 
Klier® that the modulus in titanium plate was sensi- 
tive to strain rate, while Dotson and Kattus* meas- 
C. P. GAZZARA, Member AIME, is with Watertown Arsenal Labora- 
tories, Watertown, Mass. KE. P. KLIER, Member AIME, is Professor of 
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ured variations in E as the strain rate was increased 
from 3X107° to 60 min”. For RC-70A, 0.040-in. 
titanium sheet at room temperature Dotson and 
Kattus found that the average values of E, for speci- 
mens in the rolling direction, increased from 14.7 to 
16.0 x 10° psi as the strain rate increased. Simul- 
taneously, the 0.2 pct yield strength increased from 
74,700 to 95,700 psi for the same specimens. 
Differences in yield strength and E have been re- 
ported as a function of directionality in titanium 
sheet. Dotson and Kattus report such an effect, and 
Feola® found in annealed titanium sheet marked 
anisotropy in tensile strength, yield strength, reduc- 
tion in area and elongation at room temperature, with 
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Fig. 1—Typical loading cycles for each specimen tested. 


the yield strength being a minimum at 45 deg to the 
rolling direction. Unalloyed titanium is subject to 
creep at room temperature’ while Gluck and Free- 
man” have shown that creep rate in this material is 
dependent on orientation and the level of cold work- 
ing. 
The deformation of titanium clearly is markedly 

influenced by the orientation of the measurements. 
Indirectly it has appeared that the properties in the 
thickness direction®® may play an especially impor- 
tant role in determining the flow characteristics of 
sheet titanium. The present work consequently was 
undertaken to obtain direct measurements of the 
properties in the thickness direction for comparison 
with the tensile properties measured in the other 
principal sheet directions. 


EXPERIMENTAL PROCEDURE 


RC-170 annealed titanium was received in sheets 
36 by 96 by 0.080 in. The composition of this ma- 
terial was as follows: 0.16 pct C, 0.075 pct Mn, 
0.005 pct W, 0.005 pct Cr, 0.23 pct Fe, 0.036 pct Nz, 
0.0128 pct Hz, 0.218 pct O,. 

Tension specimens, with a cross-sectional area 
of 0.040 sq in., oriented at 0, 45, and 90 deg to the 
rolling direction, were concentrically loaded using 
a hydraulic universal tensile test machine. The 
60,000-lb range was within 1 pct accuracy, and the 
6000-lb range was accurate to 0.5 pct as determined 
by standard proving rings. 

The compression specimen was prepared from 
0.962 + 0.002-in. diam discs cut from the sheet 
stock. These discs were lapped on metallographic 
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Fig. 3—Stress vs strain for two limiting strain rates. 
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Fig. 2—Modulus of elasticity of RC-70 titanium sheet 
measured in increasing and decreasing loads in the 
elastic range. 


emery paper of 0, 00, and 000 grit and were stacked 
to form a specimen 1.154 in. in height. A differential 
transformer extensometer was used for both tension 
and compression tests. The extensometer was cali- 
brated by means of dial gages before and after test- 
ing and retained its calibration within 0.5 pct. 


EXPERIMENTAL RESULTS 


The modulus of elasticity E was expected to vary 
with strain rate. Since this behavior may not be an 
intrinsic property of titanium, but may be due to 
residual stresses that persist in the metal even after 
annealing it was considered desirable to load the 
specimen to about 2/3 the yield strength and then to 
cycle the same specimens to different loads in the 
elastic range rather than to employ new specimens 
for each test. Several kinds of tests were completed 
with these specimens, as is indicated schematically 
in Fig. 1. 

A) The tension specimens were cycled at a con- 
stant strain rate of 6 = 0.2—-0.3 x 10° min“ to 
12,500, 25,000, 37,500, 50,000 and 62,500 psi which 
were all stresses within the elastic range. The 
compression specimen was cycled to stress values 
of 13,760, 27,520, 41,280, 55,040, and 68,800 psi. 
The modulus of elasticity was measured both during 
the ascending and descending load cycles and the 
various values are plotted in Fig. 2. The compres- 
sion test values in this series may be disregarded 
as the variations in the measurements indicate that 
‘‘seating’’ of the component discs is taking place 
and the numerical values are not valid. 

The modulus values were influenced by orientation 
with Ej < E45.< E, where ~ 15 X10°psi,and E,s. 
~16X10° psi and E, ~ 17X10° psi. 

B) All specimens were loaded and unloaded as in 
A to approximately 0.1 pct yield strength followed 
by the loading, constant stress, unloading procedure 
shown in Fig. 1. 

The summary experimental creep results are 
shown in Fig. 3. Here it is evident that modulus 
measurements made at stress values of less than 
about 50,000 psi would not be influenced by creep. 
Modulus measurements obtained from the straight 
line portion of the stress-strain curve in the inter- 
val at about 0.5 times the 0.1 pct yield strength 
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are, therefore, considered as potentially the most 
reliable. 

C) The variation of yield strength with strain rate. 
The yield strength of titanium is strongly influenced 
by strain rate. The specimens which had been sub- 
jected to the stress cycles already discussed were 
next loaded at selected strain rates to allow the de- 
termination of the 0.1 pct yield strength. The cycling 
was completed in the order of increasing strain rates 
on the assumption that in this way strain hardening 
would be minimized. In addition, in an effort to 
separate the strain rate and strain-hardening effects, 
a low strain-rate test was completed after the maxi- 
mum strain-rate test. While it is recognized that 
these data cannot be accepted as defining fully the 
relationship between yield strength and strain rate, 
nonetheless they are believed to be of considerable 
interest and are presented in Fig. 4. 

It is indicated that yield-strength variations meas- 
ured in this series of tests result in only slight 
measure from strain hardening. Elevation in the 
yield strength with increase in strain rate in the 
interval studied stems largely from the action of 
strain rate. Because of this the yield strength is 
measured at nearly the same value for a specified 
strain rate before and after this set of tests. For 
all orientations the yield strength increases at 
nearly the same rate with increase in strain rate. 

D) The variation of elastic modulus with strain 
rate. The modulus of elasticity for titanium has 
been reported as varying with both strain rate and 
prior strain. In the present work it has not been 
possible to complete the elastic modulus measure- 
ments in compression without prior plastic strain, 
so it was considered desirable to make parallel 
measurements for the several tension specimens. 
The experimental results are presented in Fig. 5. 
Here it is evident despite the scatter in the data 
that the modulus in the thickness direction is 
Significantly higher than that in the plane of the 
sheet. This value lies on the average above 20 
x 10° psi but less than 21 x 10° psi. The elastic 
modulus measured in the plane of the sheet for 
all orientations has been slightly lowered due to 
the prior strain history of the specimens. This is 
in agreement with data reported elsewhere. For 
none of the specimens is there measured a varia- 
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Fig. 5—Modulus of elasticity vs strain rate for RC-70 
titanium sheet (successive cycles). 


tion of E with change in strain rate over the in- 
terval examined. 


SUMMARY AND CONCLUSIONS 


The deformation characteristics of titanium sheet 
have been determined at room temperature as a 
function of orientation in the sheet for tension and 
in the thickness direction for compression. The 
following conclusions are drawn: 

1) For a strain rate of 0.2 -0.3 X10~° min * the 
following modulus of elasticity values were meas- 
ured: 


E, = 16.9 + 0.1 X10° psi (cross direction) 
= 15.8 + 0.1 X 10° psi 
E; = 15.2 + 0.05 x 10° psi (rolling direction) 


2) After approximately 0.6 pct plastic strain the 
elastic modulus values measured were: 


E, = 19.8 X10° psi (compression - thickness 
direction 
E, = 16.1x 10° psi 


= 15,4 10-psi 
Ey = 14.8 x 10° psi 


3) The modulus EF was unaffected by changes in 
strain rate from 0.04 to 10 x 107? min™! 

4) The increase in yield strength, shown in Fig. 4, 
was largely due to a strain-rate effect, and with a 
reduction in strain rate, the yield strength was again 
measured at the original value. 
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Rates of Growth of Cementite in Hypereutectoid 


Steels 


The growth of grain boundary films and Widmanstdtten plates 
of proeutectoid cementite in hypereutectoid steels was considered 
quantitatively in three plain carbon steels and one ‘‘pure’’ iron- 
carbon alloy. Growth was found to take place at a slower rate than 
would be predicted on the basis of a model invoking rate control by 


long range diffusion of carbon. The films in the pure alloy grew 


R. W. Hecke! 


faster than those in the plain carbon steels. A possible explana- 


tion is suggested. 


In 1904, Nernst’ and Brunner’ postulated that ionic 
crystals growing in supersaturated aqueous solu- 
tions grew at rates determined by diffusion through 
the solution to the growing crystal interface. The 
gradient down which the diffusion took place was 
assumed to be fixed by the supersaturated bulk 
solution concentration, the concentration at the 
crystal surface and some arbitrary distance. The 
flux of material to the crystal was described as 
Flux = D-A- 
where D is the diffusion coefficient, A the crystal 
surface area, C,; the bulk solution concentration, 
C, the saturated solution concentration, and 6 the 
thickness of the diffusion zone. It is obvious that 
the expression is an adaptation of Fick’s® first law 
of diffusion (steady state). 

This was the initial formulation of what will be 
defined here as ‘‘diffusion controlled growth,’’ 
i.e., growth limited by the long range diffusion of 
a component either to or from the advancing inter- 
face assuming both phases at the interface to be 
in equilibrium. This idea of equilibrium interface 
concentration implies an infinite reaction rate at 
the interface. 

Volmer,* Zener,° and Ilschner® have derived ex- 
pressions for the diffusion controlled growth of 
spherical precipitates in metallic systems. These 
analyses agree that the growth in a given direction 
should be parabolic with time. Brown and Hawkes’ 
observed that graphite, formed both from the de- 
composition of cementite and from the decomposi- 
tion of eutectoid austenite in cast irons, grew ac- 
cording to a parabolic relationship and, therefore, 
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concluded that the laws of diffusion controlled 
growth, as defined above, were obeyed. They, 
among others, failed to consider, however, that 
parabolic growth is a necessary, but not sufficient, 
condition for diffusion controlled growth. 

Mehl and Dube®’® have pointed out that equilibrium 
may not be realized because the concentration at the 
interface cannot change instantaneously from that of 
the bulk to the saturation value. Furthermore, they 
propose that an equilibrium solute concentration in 
the parent phase adjacent to the precipitate would 
remove the thermodynamic activity gradient across 
the interface and, thus, stop the growth process. 
Frisch’ has also emphasized the importance of 
interface concentrations that vary throughout the 
growth of a new phase. The variation in activity 
across an interface, as discussed by Ono” and 
Cahn and Hilliard,” is of fundamental importance 
to this question. 

Ham” considered the data of Turnbull” on the 
growth of barium sulfate in aqueous solutions. He 
concluded that the data could be analyzed in terms 
of a radiation-type boundary condition. 


Flux across interface = K(C,— C,) [2] 


where C, is the concentration in the solution at the 
interface, C, the saturated solution concentration, 
and K the proportionality constant. 

The edgewise growth of Widmanstatten plates, 
frequently referred to as the rate of lengthening, 
was first considered by Zener.’° Basing a mathe- 
matical analysis on steady-state (constant velocity) 
growth he concluded that 


2 Co, (1-42) 3 


where G is the growth rate, D the solute diffusivity, 
C, the concentration in the bulk, C, the equilibrium 
interface concentration, C, the concentration in the 
precipitate, a a constant, 7 the radius of curvature 
of the edge of the plate, and 7, the critical radius, 
i.e., the radius which would increase the activity of 
solute at the interface at equilibrium under the in- 
fluence of capillarity to that of the bulk. Zener” ~ 
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Table 1. Compositions and Designations of Steels Used in the 
Present Investigation 


Mn* Si* 
Steel C 1.20 0.91 03 
Steel D 1.48 0.90 0.24 
Steel E 167.2 0.90 0.25 
Steel F** 1.16 0.001 0.001 


*Weight percent. 
**Chief impurity was 0.03 pct Ni 


claimed that plates should grow at a rate maximized 
with respect to the radius of the edge. For 


Gi=2G' 


Hillert*® substantiated the expression derived by 
Zener’ and also evaluated the constant a to be 2. 


EXPERIMENTAL PROCEDURES 


The object of the present investigation was to 
study the rate of growth of proeutectoid cementite 
from austenite and compare the results with models 
that might be used to describe the various phenom- 
ena. To this end four steels were examined; their 
compositions are given in Table I. 

Cementite was formed in the steels by standard 
isothermal transformation techniques. Austenite, 
formed by solution annealing at 1185°C for 30 min 
in a furnace designed to minimize decarburization, ot 
was held at various temperatures below the A,,, for 
reaction times up to a day. These reactions were 
carried out in commercial ‘‘lead pot’’ furnaces. 
The precipitation process was terminated by an 
ice-water quench. The cementite was seen to pre- 
cipitate in a parent phase of homogeneous austenite 
usually characterized by a grain size of ASTM 1.* 


*In one phase of the work it was desirable to determine the effect of 
austenite grain size. In this instance grain sizes of ASTM 2, 3, and 4 
were produced by treatments of 1100°C — 20 minutes, 1000°C — 30 min- 
utes, and 950°C — 20 minutes, respectively. Furthermore, steel F ex- 
hibited a grain size of ASTM—1 to 0 when given the 1185°C —30 min- 
utes treatment. 


The first precipitate morphology formed in the 
four steels at all reaction temperatures studied 
was grain boundary cementite. A typical micro- 
structure is shown in Fig. 1. At later reaction 


Fig. 2—Steel E (ASTM 1) reac 


ted at 950° C for 4 min show- 


ing intergranular and grain boundary Widmanstitten plates. 


X150. Reduced approximately 21 pct for reproduction. 
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Fig. 1—Steel C (ASTM 1) reacted at 800°C for 2 hr show- 
ing typical microstructure used for film thickness meas- 
urements. Carbide films surround former austenite 
grains (now martensite). X150. Reduced approximately 
21 pet for reproduction. 


times, as shown in Fig. 2, a Widmanstdtten struc- 
ture was seen to form except at temperatures 
close to the A,,,; this was observed as both side- 
plates emanating from the grain boundary films 
and as intergranular plates. 

Because of their uniform geometries, both the 
grain boundary films and the Widmanstatten struc- 
tures were adaptable to standard analyses using 
quantitative metallography. Thickness of films, 
assuming them to have a disc-like shape, were 
obtained from the expression derived by Fullman, *® 


[4] 


where J is the mean thickness of the films obtained 
by a lineal traverse across the polished surface, 
and T is the actual normal thickness of the films. 
The use of the expression implicitly assumes all 
the films to be of equal normal thickness and to 
vary only in spatial orientation. 

A nonstatistical approach was adopted in the study 
of the Widmanst&tten structure, since extreme pre- 
cision in the measurements was not warranted. 

The parameters of particular interest were the 
edgewise growth rates of Widmanstitten plates and 
the radii of curvature of the plate edges. The first 
of these was found by taking half the length of the 
largest intragranular plate in the microstructure 
and dividing this by the growth time. The assump- 
tion of a constant growth rate is in accordance with 
the theories of Zener” and Hillert’® and has been 
recently substantiated by Aaronson et al.*® in the 
Ti-Cr system. Radii of curvature of plate edges 
were approximated from electron photomicrographs 
of the structure. 


GROWTH OF GRAIN BOUNDARY CEMENTITE 


In order to establish a standard to which the 
growth data could be compared, formation of a 
shell of cementite on a sphere of austenite was 
considered. This model, as may be seen from a 
glance at Fig. 1, is geometrically similar to the 
actual growth of grain boundary cementite films. 
If diffusion controlled growth is assumed, a con- 
centration of carbon vs distance across the ce- 
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Fig. 3—Schematic concentration-distance plot across the 
diameter of an austenite sphere-cementite shell com- 
posite at an intermediate stage of growth, assuming a 
diffusion controlled growth mechanism to be operative. 
Cy» Co, C;, and C,, are defined in the text. 


mentite : austenite composite would appear as 

. Shown in Fig. 3. The process that is envisioned 
entails carbon diffusing to the cementite : austenite 
interface and eventually uniting with the cementite 
lattice along with three iron atoms. 

There is no necessity for volume diffusion of iron 
atoms in this process if the volume change, which 
is slight, can be accommodated by dilatation or, if 
nonuniform, by plastic flow. The cementite : aus- 
tenite interface moves by the admission of iron and 
carbon in a 3:1 ratio into the cementite lattice. 
Any carbon atoms in excess of the C, concentration 
in the austenite at the interface may, together with 
three times their number of iron atoms, unite with 
the cementite causing it to grow. Since C, is much 
less than C,, the process must await the delivery 
of carbon to the interface via diffusion. The carbon 
gradient in the austenite may cause the iron to dif- 
fuse toward the center of the grains, but the mag- 
nitude of this effect is quite small due to the very 
low diffusivity of iron in austenite and this effect 
may never even come close to equilibrium. 


It was observed that the film of cementite between 
two austenite grains is formed by carbon diffusion 
to the grain boundary from both grains; thus only 
half of the film thickness should be associated with 
a single grain. A carbon balance between the carbon 
in the austenite and that in the cementite permits the 
unique expression of the film half-thickness, if one 
assumes the specific volumes of the two phases to 
be equal. The carbon originally present in a spher- 
ical grain of radius 7 is 
where C; is the initial carbon concentration of the 
sphere. After a given growth time when the thick- 
ness of the film on the sphere has reached the 
thickness x corresponding to the half thickness of 
a film between two adjacent austenite grains, the 
amount of carbon remaining in the austenite sphere 
is 


Yaa 
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Fig. 4—Calculated half thicknesses of cementite films in 
steel C (ASTM 1) reacted at 700°, 750°, 800°, and 850°C 
assuming a diffusion controlled growth model, Fig. 3 and 
Eqs. [7] and [8]. The data band (750°, 775°, 800°, 825°, 
and 850° C) is included for comparison. 


where C,, is the mean carbon concentration in the 
austenite. The amount of carbon in the cementite 
film after the film has reached the thickness x is 


Cp — (r—x)°Cp, 


where C;, is the concentration of carbon in cemen- 
tite. A balance between the carbon loss of the 
austenite and the carbon gain of the cementite may 
be written 


Ys — (r—x)* Cm 
= Cp — 1 Cp. 


Solving for x, 


[5] 
The grain radius can be calculated from Full- 
man’s* expression relating the mean area, S, of 


circles formed by taking sections through compacts 
of uniform spheres to the sphere radius. 


The mean area was obtained from standard ASTM 
grain size rating charts. 

Assuming the value of x to be small compared to 
y and the diffusivity of carbon in austenite, D, to be 
constant over the austenite sphere, the value of Cy», 


can be calculated as a function of growth time, ¢.”° 
6 = 1 Dn? t 


where C, is the equilibrium concentration of carbon 
in austenite. 

It should be pointed out that growth time as used 
here is defined as the difference between total re- 
action time and incubation time as observed micro- 
scopically; the nucleation of cementite then oc- 
curred at zero growth time by this definition. 

Graphical solutions of Eq. [6] have recently been 
put forth by Crank.” The concentration term C, 
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Fig. 5—Calculated half thicknesses of cementite films in 
steel D (ASTM 1) reacted at 800°, 850°, 900°, and 950° C 
assuming a diffusion controlled growth model, Fig. 3 and 
Eqs. [7] and [8]. The data band (800°, 850°, and 900° C) 
is included for comparison. 


may be obtained from the Fe-Fe,C phase diagram” 
and the diffusivity from the data of Wells, Batz, 
and Mehl.” 

Figs. 4, 5, and 6 show the calculated values of x 
as a function of growth time for steels having car- 
bon contents equal to those of steels C, D, and E 
and grain sizes of ASTM 1. The data obtained 
from these three steels are indicated also. The 
effect of varying the grain size on the calculated 
values and also on the experimental data is shown 
in Fig. 7. The effect on the growth kinetics of the 
silicon and manganese in steels C, D, and E is 
evaluated in Fig. 8 by a comparison of the data 
of steel C to steel F. It is unfortunate that the 
carbon contents and austenite grain sizes are not 
identical. However, the data presented in Fig. 7 
indicate that the difference is not important. 

A comparison of the experimental thickening data 
with the calculated values obtained by the mathe- 
matical analysis of diffusion controlled growth 
brings out several interesting facts: 


T T T 
ASTM | 
Steel C 
1.20% C 
0.91% Mn 
> 0.23 W, Si 
§ Reaction Temperature -800°C 
= ASTM 2 
n 2 4 
c 
x 
= 
= 
Data—All Four Grain Sizes 
10° 10! 102 108 107 10° 


Growth Time (Seconds) 


Fig. 7—Calculated half thicknesses of cementite films in 
steel C, having a variety of grain sizes (ASTM 1, 2, 3, and 
4), reacted at 800°C. The data band for all four grain 
sizes is shown for comparison. 
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Fig. 6—Calculated half thicknesses of cementite films in 
steel E (ASTM 1) reacted at 850°, 900°, 950°, and 1000°C. 
assuming a diffusion controlled growth model, Fig. 3 and 
Eqs. [7] and [8]. The data band (900°, 950°, and 1000° C) 
is included for comparison. 


a) In all situations examined, the cementite films 
thickened much more slowly than would be pre- 
dicted by a diffusion controlled growth model. (If 
the values were compared on a linear plot instead 
of semilogarithmic, the difference in growth rates 
would have been much more obvious). 

b) The experimental results are relatively in- 
sensitive to grain size and reaction temperature. 

c) The experimental results are insensitive to 
carbon content if the alloy content is held fixed. 

d) The experimental results are sensitive to al- 
loy content at fixed carbon content. 

Reasonable variations in the assumptions made 
in connection with the diffusion controlled growth 
model and the experimental measurements are not 
enough to account for the deviations apparent in 
Figs. 4 through 8. Further, the effect of trans- 
formation stresses in the region of the cemen- 
tite : austenite interface on the thermodynamic 
activity of carbon, and thus the diffusion gradient, 
were approximated from dilatometric data and a 
simple stress analysis formulation. Here again the 
effect was small enough to be insignificant. 


6 T T is T 
Steel C Steel F 
120 %C 
0.91% Mn <0.001 % Mn = 
a 0.23 4% Si 0.00! & Si 
Ss Grain Size Grain Size 
=4r ASTM | ASTM to O 
2 Reaction Temperature — 800°C | 
2 Steel F - Calculated 
° 
= Steel F - Data 
Steel C - Data 
1 
0 
10° (0! 102 103 104 108 


le) 
Growth Time (Seconds) 


Fig. 8—Calculated half thicknesses of cementite films in 
steel F (ASTM-1 to 0) reacted at 800°C. The data for 
both steels C (ASTM 1) and F (ASTM-1 to 0) reacted at 
800° C are shown for comparison. 
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Fig. 9—Schematic concentration-distance plot across the 
diameter of an austenite sphere-cementite shell com- 
posite at an intermediate stage of growth, assuming a 
diffusion-interface controlled growth mechanism to be 
operative. The various concentrations are defined in the 
text. 


The experimental results for the pure iron- 
carbon binary alloy, steel F, may be explained by 
considering a nonequilibrium carbon concentration 
in the austenite adjacent to the advancing cemen- 
tite : austenite interface. The concentration of car- 
bon vs distance across the cementite : austenite 
composite for this situation would appear as in 
Fig. 9. It may be seen that the surface concentra- 
tion of carbon in the austenite, C,, lies between Cy 
and C;. In fact it may be assumed to be at C; at 
the start of precipitation and approach C, as the 
reaction proceeds. The nonequilibrium interface 
may be rationalized as resulting from the combi- 
nation of an inherently high flux of carbon to the 
cementite : austenite interface and a slow reaction 
rate at the interface. The relatively slow inter- 
face reaction rate may be the result of complex 


Gementite Austenite 
3 8 
Qs; 
oO 
_ 
= 
Oc 
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Fig. 11—Schematic representation of the variation of car- 
bon and silicon activities at the advancing cementite :aus- 
tenite interface. The carbon gradient is assumed to have 
been leveled under the action of its own gradient. Non- 
equilibrium interfaces are assumed. 
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Fig. 10—Steel C (ASTM 1) reacted at 725°C for 22 hr. 
Grain boundary carbide in a martensite matrix with oc- 
casional ferrite patches indicated by arrows. X1000. 
Reduced approximately 21 pct for reproduction. 


atomic rearrangements on the part of both iron and 
carbon in being transferred from the face-centered 
cubic austenite to the orthorhombic cementite. The 
overall effect may be visualized as ‘‘flooding’’ of 
the austenite in the region adjacent to the cementite, 
thus, decreasing the carbon gradient and lowering 
the overall rate of movement of carbon to the 
interface. 

The difference between the thickening of cemen- 
tite films in steels C and F, as shown in Fig. 8, 
may be attributed to the silicon content in the 
former. Fig. 10 shows the formation of small 
pockets of ferrite at the grain boundary cementite 
film in a specimen reacted at 725°C. Ferrite was 
also observed in lesser amounts in steel C re- 
acted at 750°C. It is significant to note that pearl- 
ite was not observed anywhere in these microstruc- 
tures. The ferrite in Fig. 10 may be explained by 
considering the localized buildup of a ferrite- 
stabilizing alloy element—silicon. The role of 
silicon is even further substantiated by the fact 
that it is reported” to have only negligible solu- 
bility in cementite. Silicon rejection at the ad- 
vancing interface would cause a continually in- 
creasing buildup here because of its low diffusivity. 
This leads to a retardation in growth by a combi- 
nation of the necessity of silicon removal before 
cementite can form and its effect on increasing the 
activity of carbon in austenite thus reducing locally 
the carbon activity gradient. There may also be 
problems with silicon adsorption at the interface 
but no method is clear to the authors of evaluating 
the magnitude of such an effect at the moment. 

Manganese, on the other hand, would probably 
have little effect on growth kinetics, because of the 
complete miscibility of Fe,C and Mn,C.™ Further- 
more, manganese is an austenite stabilizer and 
cannot be held responsible for the ferrite forma- 
tion in Fig. 10. 

The model that is proposed for the steels con- 
taining manganese and silicon (steels C, D, and E) 
is characterized by a retardation of the growth 
kinetics brought about by both nonequilibrium in- 
terface concentrations and silicon enrichment 
ahead of the interface. This situation is shown 
schematically in Fig. 11. Thermodynamic activi- 
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growth time for the 
data of steels C and 
F reacted at 800°C 
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culated curve for 
steel F at 800°C. 
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ties of silicon and carbon are plotted to facilitate 
discussion of diffusion in this system of more than 
two components. The activity gradient of carbon is 
shown to be quite small since the cementite grows 
at a rate slow enough to allow the gradient to ‘“‘level 
out.’’ Because of the relatively low diffusivity of 
silicon in austenite, the silicon gradient next to the 
cementite : austenite interface does not ‘‘level out’’ 
quickly. It may be expected that, after growth has 
proceeded for some time, a steady-state condition 
is reached whereby the flux of silicon across the 
interface equals that going into the bulk austenite. 

The widespread use of the proportionality between 
precipitate dimension and the square root of growth 
time as sufficient evidence to establish diffusion 
controlled growth warrants some comment on its 
validity at this time. Fig. 12 shows such a plot for 
the data of steels C and F reacted at 800°C along 
with the calculated curve for steel F at 800°C. The 
calculated values in the range shown are linear; at 
later times there is a significant departure from 
linearity before the center of the grain falls below 
C; because of the spherical geometry of the system. 
It should be noted, however, that except for the last 
points on the data curves, these too could be claimed 
to be linear. This should serve to illustrate the 
point that linearity of data when plotted as in Fig. 12 
is necessary, but not sufficient to indicate diffusion 
controlled growth. 


EDGEWISE GROWTH OF WIDMANSTATTEN 
PLATES 


The Zener-Hillert’®”** theory of the edgewise 
growth of Widmanstatten plates states that 


(7 
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Fig. 13—Calculated Widmanstatten plate edge radii as a 
function of growth temperature for three plain carbon 
steels (C, D, and E). The horizontal mark on each curve 
represents the approximate upper limit of temperature 
at which Widmanstatten plates form in times of order 
104 sec. 


and 
2r, 


upon maximizing the growth rate. 
We can simplify these expressions to: 


[8] 


The only term in Eq. [8] that is not readily obtain- 
able in hypereutectoid steels is 7,. 

The critical radius was defined as a capillarity 
effect manifested as a pressure of magnitude suf- 
ficient to increase the effective concentration 
(activity) of the solute in the matrix at the inter- 
face to that in the bulk. The effect of pressure on 
activity of a component is given” by the expression: 
a; = exp [9] 
where a; is the activity at pressure P, a, the ac- 
tivity at zero pressure, V the partial molar volume 
of solute, R the gas constant, and T the absolute 
temperature. This formulation may be adapted as 
the definition of 7, if 

20 

Te’ [10] 
where o is the specific interfacial free energy of 
the precipitate : matrix interface at the leading edge 
of the plate, a; is the activity of solute in the matrix 
at the interface of radius 7,, and a, that at a plane 
interface at zero pressure. This necessarily as- 
sumes that the transformation stresses in the pre- 
cipitate are small compared to 20/r,, an assump- 
tion in accord with the strain energy theory of 
Nabarro.” Thus, 

20V 
RT [11] 
Applying this expression to the Widmanstiitten 
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Fig. 14—Steel D (ASTM 1) reacted at 850°C for 40 sec 
(positive carbon replica). Widmanstatten carbide in a 
matrix which is now predominantly martensitic. X5000. 
Reduced approximately 28 pct for reproduction. 


cementite in the steels of the present investigation 
by extrapolating the carbon activity data reported 
by Smith,” the growth radii given in Fig. 13 may 
be calculated [vy = 2r,, 0 = 700 ergs per sq cm (as- 
sumed) V = 4 cc per mole (assumed)]. 

If the tip were a semicircle with radius half the 
thickness of the plate, the order of magnitude of 
the radius would be 500 to 1000A from Figs. 14 
and 15. The radius is obviously less than this but 
a quantitative estimate is questionable since 

a) some growth may have occurred during the 
quench 

b) shadowing of replicas may obscure tip detail 

c) plane of polish may not be perpendicular to 
the plates 

d) the resolving power is marginal. 
Qualitatively, the agreement may be considered 
reasonable. 

Theoretically the problem could be attacked at 
higher temperatures when tip radii should be 
larger. In practice, however, there is a maximum 
temperature for each steel above which Widman- 
stitten plates do not form in times of order 10* to 


Fig. 15—Steel D (ASTM 1) reacted at 800°C for 6 sec. 
(positive carbon replica). Widmanstatten carbide in a 
matrix which is now predominantly martensitic. X5000. 
Reduced approximately 28 pct for reproduction. 


10° sec; at higher temperatures, decarburization 
then becomes significant. From the form of the 
isothermal transformation curve there may well 

be a real maximum temperature above which plates 
do not form, and longer holding times would be of 
no avail. It is of interest to note on Fig. 13 that 
this maximum temperature occurs at about the 
same theoretical value of tip radius, viz., 50A, 

for all three compositions. 

Knowledge of the critical radii of the edges of 
the Widmanstitten plates permitted the direct eval- 
uation of the Zener-Hillert expression for the 
growth rates. The calculated rates are given in 
Fig. 16 and may be compared to the experimental 
values in Table II. 

Although the precision of the data may be re- 
garded as no greater than a factor of two to four, 
the experimental values nevertheless may be seen 
to be several orders of magnitude less than the 
calculated values. Since the Zener-Hillert analysis 
was based on a steady state diffusion controlled 
growth model, the difference between the data and 
the calculated values may be explained as before in 
terms of a nonequilibrium interface condition and/or 
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Fig. 16—Calculated growth rates of Widmanstatten plates 
for three plain carbon steels (C, D, and E) using the re- 
sults in Fig. 13 and the Zener-Hillert’®»6 model. 
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Table Measured Edgewise Growth Rates of Widmanstatten 
Plates in Steels C, D, and E (ASTM 1) at Various Reaction 


Temperatures 
Steel Reaction Temperature, °C Growth Rate, Cm/sec 
Cc 800 
Cc 775 8 x 10~” 
750 
725 3x 10° 
D 900 310m 
D 850 D1 
D 825 4x 
D 800 2x 10> 
D 
D 750 8 x 107 
D 725 2 
D 700 21052 
E 1000 
E 950 
E 900 2x 
E 850 2x 10°? 
E 825 4x 10> 
E 800 2x 107° 
E 750 1x 107 
E 700 3x 107° 
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Steel D 
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Steel C 
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a silicon buildup at the cementite : austenite inter- 
face. 


SUMMARY AND CONCLUSIONS 


The rates of thickening of grain boundary films 


and of lengthening of Widmanstatten cementite were 


measured by standard techniques of quantitative 
metallography. The work was carried out on four 
hypereutectoid steels. In the case of the films the 
growth rates were compared to a model based on 
diffusion controlled growth. The rate data on Wid- 


manstatten plates were compared to rates predicted 


on the basis of the Zener-Hillert expression. 

1) Grain boundary films of cementite grew more 
slowly than would be expected on the basis of dif- 
fusion controlled growth. 

2) The pure steel exhibited a faster rate than a 
plain carbon steel of comparable carbon content. 

3) The pure steel growth behavior may be ex- 
plained on the basis of a nonequilibrium carbon 
concentration in the parent austenite adjacent to 
the cementite : austenite interface. 

4) The plain carbon steel growth rates may be 
explained in terms of both a nonequilibrium inter- 
face condition and also a silicon buildup at the 
interface. Manganese, because of its solubility in 
cementite, would probably have little effect on the 
kinetics. 

5) The radii of curvature of the edges of Wid- 
manstatten plates may be predicted from thermo- 
dynamic principles by considering the Zener defi- 


nition of a critical radius accompanied by the effect 


of capillarity on the pressure at the plate edges. 
6) The Zener-Hillert expression for the edge- 
wise growth of Widmanstatten plates gives rates 
several orders of magnitude larger than are ob- 
served experimentally in plain carbon steels. The 
effect is presumably due to a nonequilibrium in- 


terface condition and/or a silicon buildup at the 
cementite : austenite interface. 
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Identification of Chi and Sigma Phases in Stainless 


Steel with the Electron Probe Microanalyzer 


Direct identification in situ of x and o phase precipitates in 
stainless steel is possible with the electron probe microanalyzer. 
Although particles in the 1 u size range are too small to yield ab- 


solute percent composition, the relative % Cr/% Mo ratio can be 
used to distinguish the two phases with better than 95 pct confi- 
dence. Wet chemical analysis of extracted residues gives Cr/Mo 
ratios in good agreement with electron probe results extrapolated 


to the 4to 5 UM size range. 


L. S. BIRKS and J. M. SIOMKAJLO are with X-Ray Optics Branch, 


U. S. Naval Research Laboratory, Washington, D. C. P. K. KOH, Mem- 


ber AIME, is Staff Scientist, Allegheny Ludlum Research Laboratory, 
Brackenridge, Pa. 
Manuscript submitted December 29, 1959. IMD 


806-VOLUME 218, OCTOBER 1960 


L. S. Birks 
J. M. Siomkajlo 
P. K. Koh 


Wen stainless steels are subjected to extended 
heating in the temperature region around 1600°F, 
precipitation of the brittle o or y phases may occur 
and impair the properties of the material. Identi- 
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Fig. 1—(a)—Sigma phase in specimen 3 of Table II. (b)—Chi 
phase in specimen 4 of Table II. 


fication of these phases by microscopy is often not 
feasible because of their similarity as shown in 
Fig. 1(a) and (b). Neither is X-ray diffraction in 
situ suitable because of matrix interference. Wet 
chemical analysis or X-ray diffraction of extracted 
residues are time consuming and, of course, give 
only an average composition when both x and o oc- 
cur together in a specimen. 

As has been pointed out by Castaing’ and others,” 
the electron probe microanalyzer is well suited to 
the measurement of small precipitates zn situ. In 
the electron probe a 1-y diam beam of high voltage 
electrons is focused on any desired spot of the speci- 
men surface. These electrons excite the character- 
istic X-ray spectra of the elements contained in the 
1 uw circle, and by measuring the wavelength and in- 
tensity of the emitted X-rays, the chemical composi- 
tion of that area of the specimen may be determined. 
There is, however, also some generation of X-rays 
outside the 1-y circle due to secondary fluorescence. 
Thus, it has been estimated that the smallest area 
for which the absolute composition may be given is 
3 to 4 uw. Unfortunately, the o and xy phase precipi- 
tates that occur in practice are very seldom as large 
as 3 to 4 wand the question becomes: Is identification 
of the phases possible in the practical size range? 
This paper shows that indeed x and o phase particles 
may be identified in situ down to the 1-y size range 
and that the differences are such that it may be done 
even though the alloy composition is changed some- 
what from that used as standard. 


EXPERIMENTAL PROCEDURE 


Specimens of type 317 stainless steel and Timken 
alloy of the compositions shown in Table I were heat 


Table Il. Heat Treatment 


Specimen Alloy Treatment 4 
1 317 30 min 2350°F plus 100 hr 1600°F o 
2 317 20 min 2000°F plus 100 hr 1600°F o+xX 
3 317 30 min 1950°F; water quench; cold 
rolled; 525 hr 1600°F o 
4 Timken alloy Mill annealed plus 516 hr 1600° F x 
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Table |. Composition of Specimens in Wt Pct 


Steel Cr Mo Ni Mn Fe 
317 18.10 3.20 13.53 15 63 
Timken alloy 16.34 5.90 15.24 7.40 55 


treated at Allegheny Ludlum Research Laboratory to 
produce x and/or o phase precipitates over a size 
range from several microns down to less than 1 un. 
Heat treatments are shown in Table II. Segments 
about 3 mm on a side were mounted in bakelite and 
given a good quality metallurgical polish and then 
etched very lightly in 50 pct boiling HCl to deline- 
ate the x and o precipitates. 

The specimens were examined in the Naval Re- 
search Laboratory electron probe™ set for simul- 
taneous measurement of Cr, Mo, Ni and Fe. Man- 
ganese was measured separately on several oc- 
casions but did not contribute to the identification. 
X-ray intensities were calibrated in terms of per- 
cent composition by using untreated specimens of 
the same alloys as standards. This procedure 
would not be expected to give precision better 
than 5 pct of the amount present for each element 
even for large precipitates, but this was more 
than sufficient for the identification desired. 

In order to check the X-ray results against wet 
chemical analysis, extractions were made from 
specimens 3 and 4 of Table II which were believed 
to contain all o and all x, respectively. The ex- 
tractions were carried out in ferric chloride solu- 
tion with the specimen as anode and with the cathode 
inside an alundum crucible to prevent contamination 
of the specimen residue with any products formed 
at the cathode. X-ray diffraction of the extracted 
residues showed only o phase for specimen 3 and 
only xy phase for specimen 4. 


RESULTS 


Numerous precipitates were examined in each of 
the four specimens of Table II. Sometimes both x 
and o phases occur together as shown in Fig. 2 
for specimen 2. Here the x phase occurs as num- 


Fig. 2—Numerous small x-phase precipitates and isolated 
large O-phase precipitates in specimen 2 of Table II. 
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Table Ill. Estimated Composition of Precipitates 
and Pct Cr per Pct Mo Ratio 


Spec. Particle Size Cr Mo Ni Fe Cr/Mo Phase 

(near grain boundary) 
2 ~1-2 19.3 5-829 538-2205) 
4 ~ 1-2 17.2 10.9) 2.02 

Wet chemical results 
3 SO! 2.6 
4 26.05" 19°), 1.4 x 


erous small particles of 1 to 2 uw size, but the o 
phase occurs only as isolated large particles of 
3 to 5 microns size. 

Measured X-ray intensities were converted to 
estimated compositions from the calibrations de- 
scribed in the previous section and typical values 
from all four specimens are listed in Table III. 
The next to last column of Table III shows the % 
Cr/%Mo ratio; this ratio was found to be the most 
sensitive means of identifying xy and 0 phases. As 
would be expected, the Cr/Mo ratio increases when 
the precipitates becomes smaller than the electron 
beam because of the relatively greater contribution 
of the low molybdenum matrix to the total X-ray in- 
tensity. Observed Cr/Mo ratios are plotted vs ap- 
proximate precipitate size in Fig. 3, and although 
there is scatter in the data, the y-phase and o - 
phase values are well separated. The standard 
deviation is 0.4 for the o-phase values and 0.2 for 
the x-phase values. As shown in Fig. 3, the bands 
representing two standard deviations on each side 
of the averages are well separated for the o and x 
phases; therefore we are more than 95 pct confi- 
dent that we can distinguish 0 and x phases in the 
measured size range. Extrapolation to larger size 
would indicate similar precision. 

It is of interest to compare the Cr/Mo ratios ob- 
tained from X-ray results with those from wet chem- 
ical analysis of the extractions from specimens 3. 
and 4. As listed in Table III and shown in Fig. 3, 
the chemical results for the Cr/Mo ratios are 2.6 
for 0 and 1.4 for x. The X-ray values of Fig. 3 
would seem to approach the chemical values at 
large particle size but have not reached them at 
say 4 up, the size sometimes stated as giving rea- 
sonably accurate quantitative analysis. For both 
the X-ray and the chemical methods the Cr/Mo ra- 
tio is about twice as large for the o phase as for 
the x phase. 

Several other alloys were examined in less detail 
than the 317 steel and the Timken alloy and maybe 
summarized as follows: 
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Particle Size in Microns 


Fig. 3—%Cr/%Mo ratio for X- and O-phase precipitates. 
The shaded bands represent the 95 pct confidence intervals. 
The dashed lines to the right are the Cr/Mo ratios from wet 
chemical analysis of extracted residues. 


Type 316 steel gave Cr/Mo ratios in the o and x 
phases that were indistinguishable from those of 
317 steel. 

Chi phase was observed in a 25 pct Cr-10 pct Mo 
cobalt base alloy but not in a similar nickel base 
alloy. 

In an alloy containing 25 pct Cr, 5 pct Mo, 60 pct 
Fe and 10 pct W, the x phase appeared to have taken 
up almost all of the tungsten; the estimated composi- 
tion was 13 to 14 pct in the precipitate and only about 
1 pct in the matrix. 


CONCLUSIONS 


The results of electron probe measurements on 
X and o phases in stainless steel indicate that the 
estimated Cr/Mo ratio may be used to identify the 
two phases with better than 95 pct confidence in situ 
even when the precipitate size is smaller than the 
electron beam size. The Cr/Mo ratio from X-ray 
data is about twice as large for o phase as for x 
phase and this ratio is in good relative agreement 
with similar ratios from wet chemical analysis of 
extracted residues. 

Although the Cr/Mo ratio measured in type 317 
steel remains about the same for a series of sim- 
ilar alloys, it does change appreciably when there 
is a radical change of alloy composition such as 
the addition of 10 pct W or the substitution of cobalt 
or nickel-base alloys for the iron base alloys. 

A significant advantage of the electron probe is 
that individual precipitates in a specimen may be 
identified as x or 0 phase. For instance, even if 
both phases occur in an alloy, it may be only the 
precipitates at particular locations such as grain 
boundaries that control the mechanical properties. 
With the electron probe it is possible to distinguish 
particles at a special location from all others. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


6 


REFERENCES 


1R. Castaing: Application des Sondes Electroniques a une Methode d’Analyse 


Ponctuelle Chimique et Cristallographique, Thesis, University of Paris, 1952. 
2aj, Philibert and C. Crussard: J. Iron Steel Inst., 1956, vol. 183, p. 42. 
bR. Castaing: Laboratoires, 1956, no. 17, p. 7. 
cR. M. Fisher and J. C. Schwartz: Conference, Industrial Applications of 
X-Ray Analysis, Denver, 1956. 


aL, S. Birks and E, J. Brooks: Rev. Sci. Instr., 1957, vol. 28, p. 709. 

el. B. Borovskii et al.: Bull. Acad. Sci. USSR, 1957, vol. 21, p. 1415. 

fD. W. Wittry: Thesis, California Institute of Technology, 1957. 

&R. E. Maringer, N. A. Richard, and A. E. Austin: AJME Trans., 1959, vol. 
215.9. 


The Effect of Oxide Microstructure on the 
Oxidation Kinetics of Cu-Ni-Mg Alloys 


Small additions of Mg to a 62 Cu-38 Ni alloy reduce the oxi- 
dation rates drastically between 500° and 850°C. Metallographic 
examination of the oxide scale disclosed a continuous network, 
identified by X-ray diffraction as (Ni, Mg)O solid solutions, lo- 
cated along the former alloy grain boundaries. This network acts 
as a barrier to diffusion. It is thought to result from the segrega- 


tion of Mg to the alloy grain boundaries. Oxidation occurs pre- 
ferentially in these regions because of the presence of this more 
active element. To substantiate these ideas, homogenized alloys 


J. A. Sartell 
S. H. Bendel 


were oxidized. No oxide network was produced and oxidation rates 
were the same as for the parent 62 Cu-38 Ni alloy. ae C. H. Li 


AN interesting aspect of the oxidation of the 

62 Cu-38 Ni alloy previously described by the _ 
present authors, is the relationship between oxi- 
dation kinetics and changes in the microstructure 
of the oxide.* The oxide scale on these alloys con- 
sists of two layers: a thin layer of CuO outside a 
much thicker layer of Cu,O in which particles of 
NiO are dispersed. In addition, immediately be- 
neath the oxide-metal interface there is an in- 
ternally oxidized zone in which NiO particles are 
dispersed in a copper-rich alloy matrix. Experi- 


mental observations on the growth of the individual — 


layers under isothermal conditions have led to the 
conclusion that the rate-determining step in the 
oxidation of this alloy is the diffusion of anions 
through the Cu,O layer. It has been found that this 
diffusion rate is increased by the recrystallization 
of the outer CuO layer. 

Willardson and Gorton have reported that the ad- 
dition of magnesium to the 62 Cu-38 Ni alloy causes 
a decrease in the oxidation rate.” The present in- 
vestigation was undertaken in order to determine 
the mechanism by which magnesium additions im- 
prove the oxidation resistance of the 62 Cu-38 Ni 
alloy. 


EXPERIMENTAL PROCEDURE 


Fifty-gram ingots of Cu-Ni alloys were prepared 
by vacuum melting materials of 99.999+ pct purity. 
These ingots were then remelted in a He atmos- 


J. A. SARTELL and C. H. LI, Members AIME, are Senior Research 
Scientist and Research Supervisor, respectively, Minneapolis-Honeywell 
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phere and magnesium added in the form of a pre- 
viously prepared and analyzed Cu-Mg master alloy. 
This procedure was necessitated by the high reac- 
tivity of pure magnesium at high temperatures. The 
proportion of the alloying elements was adjusted so 
as to obtain alloys with the desired magnesium con- 
tent while maintaining a Cu-Ni ratio of 62:38 by 
weight. (All alloy compositions will be given in 
weight percent.) 

Since it was considered desirable to study the 
oxidation of only single-phase, solid-solution al- 
loys, it was necessary first to determine the ap- 
proximate limit of solid solubility of magnesium 
in the 62 Cu-38 Ni alloy. A series of melts with 
various magnesium contents was made, homoge- 
nized by annealing for 48 hr at 975°C, then cooled 
in the furnace. 

Metallographic samples were prepared, etched 
in a potassium dichromate solution and examined 
at X1500 for the presence of a second phase. The 
alloys were then chemically analyzed and it was 
found that the approximate limit of solid solubility 
of magnesium in the 62 Cu-38 Ni alloy was 1 pct Mg. 

The ingots containing less than 1 pct Mg (0.19, 
0.29, 0.58, and 0.87 pct Mg) were cold-rolled down 
to thicknesses suitable for oxidation experiments 
and specimens for gravimetric studies were cut to 
dimensions of 3.0 by 1.5 by 0.05 cm, specimens for 
inert marker studies, 0.6 by 0.6 by 0.17 cm. These 
were heat-treated in a protective atmosphere at a 
temperature (975°C) well above the oxidation tem- 
peratures and furnace-cooled to insure structural 
stability of the alloy during oxidation. 

Immediately prior to oxidation, the specimens 
were chemically cleaned by immersion for 1 min 
in a solution of 2 parts nitric acid, 1 part acetic 
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Fig. 1—The growth 
rates of the oxides 
on the Cu-Ni-Mg al- 
loys and the 62 Cu- 
oa 38 Ni alloy at: 

(a) 500° C; 704°C; 
(c) 816° C; (d) 944°C. 


WEIGHT GAIN (mg/cm?) 


TIME (HOURS) 


(d) 


acid, and 1 part water, then rinsed and dried. The 
oxidation procedures and apparatus for both gravi- 
metric and inert marker experiments have been 
described in an earlier paper.’ The oxidizing at- 
mosphere was purified oxygen introduced at atmos- 
pheric pressure and passed through a drying train 
employing calcium sulfate, activated alumina, and 
magnesium perchlorate. Gas flow was maintained 
at a rate of 0.15 liters per min. 


EXPERIMENTAL RESULTS AND DISCUSSION 


The gravimetric data obtained at 500°, 704°, 816°, 
and 944°C are plotted in Fig. 1. The curve for the 
62 Cu-38 Ni alloy with no magnesium is included in 
each figure for comparison. It is significant that 
the Cu-Ni-Mg alloys oxidize in a nonparabolic man- 
ner, with oxidation proceeding more rapidly than 
the 62 Cu-38 Ni alloy in the initial stages and later 
slowing down to rates well below those observed for 
the 62 Cu-38 Ni alloy. This behavior is especially 
marked for the alloys of higher magnesium content 
oxidized at low temperatures (500°C). At this tem- 
perature the oxidation of the 0.87 pct Mg alloy vir- 
tually stops after a rapid initial oxide buildup. It 
should be noted that the degree of oxidation protec- 
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tion is not a simple function of the magnesium con- 
tent of the alloy. 

The general features of the oxide microstructure 
and the positions of the inert markers are essen- 
tially similar to those previously described for the 
62 Cu-38 Ni alloys. When viewed under polarized 
light, the colors of the oxides in the scale were the 
same; and specifically, there was no evidence of 
the presence of pure MgO. The inert markers are 
always found at the CuO/Cu,O + NiO interface within 
the scale which indicates that the CuO layer grows 
by cation diffusion while the Cu,O + NiO layer grows 
by anion diffusion. There is one striking difference, 
however, between the microstructure of the scale on 
the Cu-Ni-Mg alloys and that on the 62 Cu-38 Ni al- 
loy. Running through the entire Cu,O + NiO layer on 
the Cu-Ni-Mg alloys is a network of ‘‘NiO,’’ which 
is located at the former alloy grain boundaries as 
shown in Fig. 2. This network also penetrates into 
the alloy along the grain boundaries ahead of the 
*““NiO”’ located within the grains. No such network 
is seen in the oxides on the 62 Cu-38 Ni alloys. 
Furthermore, as can be seen from Fig. 3 at (a), 
the amount of internal oxidation is sharply reduced 
in areas where the network screens the alloy from 
the anion current. 

In addition, examination of the outer surfaces of 
the oxide scale on the Cu-Ni-Mg alloys by X-ray 
diffraction gave no indication of the presence of 


Fig. 2—The Cu,O + NiO layer on the 0.87 pct alloy oxi- 
dized 8 hr at 944° C showing the ‘‘NiO’’ solid solution 
network at the former alloy grain boundaries. X250. 
Reduced approximately 45 pct for reproduction. 
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Fig. 3—The surface and internally oxidized zone of the 
0.87 pet Mg alloy oxidized 8 hr at 944°C showing the —— 
*““NiO”’ at the alloy grain boundaries acting as a screen 
at (2). X250. Reduced approximately 36 pct for repro- 
duction. 


pure MgO. However, the lattice dimensions of NiO 
did increase measurably; an increase which was 
especially marked when the internally oxidized 

zone of the alloy was examined, Table I. The higher 
the Mg content of the alloy, the greater was the 
change in lattice dimensions, approaching but no 
exceeding those of MgO. P 

The MgO-NiO constitution diagram? indicates 
complete mutual solid solubility of MgO and NiO. 
The diagram is quite uncertain, however, having 
been developed on the basis of X-ray diffraction 
results from a single composition* (50 pct MgO, 

50 pct NiO). For this reason it was felt that a brief 
X-ray diffraction investigation of several MgO-NiO 
alloys of low MgO content would be of value. Several 
such alloys were made by mixing powders of the two 
components, hot pressing, and then sintering. Sin- 
tering was done at 1000°C, for a time sufficiently 
long to ensure reasonably homogeneous alloys. 

The X-ray diffraction results from powder pat- 
terns are summarized in Table II. For each of 
these compositions a single diffraction pattern was 
obtained, a result which indicates that these are 
solid solution alloys. The change in lattice dimen- 
sion with increasing MgO content in the composition 
range from 0 to 25 at. pct is somewhat less than 
predicted from Vegard’s law. 
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b Fig. 4—A schematic 

~ representation of 
the progress of 
““NiO”’ network 
formation during 
the oxidation of the 
Cu-Ni-Mg alloys. 
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Table I. Lattice Constants of NiO Located at the Alloy-Oxide 
Interface on Cu-Ni-Mg Alloys 


Material dy (A) 


Pure NiO 4.1776 
“NiO’”’ on 0.19 pet Mg alloy 4.1787 
“NiO”? on 0.29 pct Mg alloy 4.1840 
“NiO”? on 0.58 pct Mg alloy 4.1839 
‘NiO’? on 0.87 pct Mg alloy 4.1857 
Pure MgO 4.2123 


From these results it is reasonable to conclude 
that the Mg ions exist in solid solution with NiO in 
the scale on the Cu-Ni-Mg alloys. The change in 
lattice constant, @), observed in the NiO solid solu- 
tion on the 0.29, 0.58, and 0.87 pct Mg alloys actually 
exceeds the shift observed for the 25 pct MgO-75 pct 
NiO alloy. This shift in lattice constant seems 
anomalously large in view of the small amount of 
Mg in the Cu-Ni-Mg alloys and indicates that the 
oxide is rich with respect to Mg ions. It must be 
borne in mind that these measurements were made 
at the metal/oxide interface where the oxides were 
located largely at the alloy grain boundaries. These 
findings indicate strongly that the oxide which is in 
the network is rich with respect to Mg ions. 

The preferential formation of the NiO solid solu- 
tion along the grain boundaries may be explained by 
assuming that grain boundary segregation has oc- 
curred. A study of segregation in solid solutions 
by Thomas and Chalmers’ has led to the conclusion 
that solute concentration at a grain boundary is a 
function of temperature, decreasing with increas- 
ing temperature. Segregation of a metal such as 
magnesium, which is more active than either copper 
or nickel, would cause oxidation to proceed more 
rapidly at these locations than inside the grains.° 
This would result, after a short initial period, in 
the buildup of a continuous network of the (Ni, Mg)O 
solid solution. The results offer strong evidence 
that the oxide, as nucleated, is either MgO or a 
Mg-rich (Ni, Mg)O solid solution and that with sub- 
sequent growth the Mg content decreases gradually 
to a value which corresponds more nearly to that 
expected from the composition of the alloy. 

It is proposed here that the rapid initial weight 
gain occurs during the period when the (Ni, Mg)O 
network is becoming established. This stage is 
represented by Fig. 4(a). The subsequent comple- 
tion of the first layer of the continuous network, 
Fig. 4(0), results in an abrupt decrease in oxida- 
tion rates. After the sharp drop in oxidation rate 
a relatively steady state exists at the advancing 
oxidation front, Fig. 4(c). At this stage the low- 
temperature (500°C) oxidation rates are comparable 
to those observed for the later stages of the oxida- 
tion of pure nickel at 500°C, even though the oxida- 


Table II. Lattice Constants Obtained from NiO-MgO Alloys 


Composition (At. Pct) mm (A) 
2.5 MgO 97.5 NiO 4.1775 
5.0 MgO 95.0 NiO 4.1781 
7.5 MgO 92.5 NiO 4.1786 

10.0 MgO 90.0 NiO 4.1798 

25.0 MgO 75.0 NiO 4.1810 
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tion of Ni is parabolic while the oxidation of the 
Cu-Ni-Mg alloy is nonparabolic. In order to test 
this model experimentally, samples of each of the 
alloys were given a high-temperature (975°C) ho- 
mogenizing anneal and then quenched in water to 
minimize segregation of Mg to the grain boundaries 
during cooling. These samples were oxidized at 
500°, 704°, 816°, 944°, and 971°C. In all cases 
the oxidation rates of the quenched samples were 
equal to or greater than those of the 62 Cu-38 Ni 
alloy with no magnesium addition. A plot of the 
results obtained at 971°C is shown in Fig. 5. Ex- 
amination of the microstructure showed that pref- 
erential grain boundary oxidation to form a con- 
tinuous (Ni, Mg)O network had not occurred. 

The model described above considers only the 
effect of magnesium located at the grain bound- 
aries and does not take into account the effect of 
magnesium in the bulk of the grains upon oxidation 
rates. There is at present no explanation for the 
observation (see Fig. 1) that the degree of protec- 
tion cannot be directly correlated with the mag- 
nesium content of the alloys. This question is 
now being investigated. 


CONCLUSIONS 


It is proposed that the improved oxidation re- 
sistance of a 62 Cu-38 Ni alloy containing small 
additions of magnesium is due to the formation of 
a continuous network of a (Ni, Mg)O solid solution 
within the oxide layer. This network is presumed 
to result from the oxidation of a structure in which 
magnesium has segregated to the alloy grain bound- 
aries, thereby causing the preferential nucleation of 
either MgO or a Mg-rich, (Ni, Mg)O solid solution 
at these locations. When the magnesium is not al- 


0.19% Mg QUENCHED 
62 Cu-38Ni 
fe} 
Fig. 5—The oxida- S toh 
tion rates at 971°C 0.19% Mg 
of the 0.19 pct Mg z Do x7 FURNACE COOLED 
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the quenched condi- 
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lowed to segregate the NiO network does not form 
and oxidation proceeds either at the same rate or 
more rapidly than for the 62 Cu-38 Ni alloy. 
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Precipitation Processes in Copper-Rich Copper- 


lron Alloys 


Precipitation processes occurring during both furnace cooling 
and aging of copper-iron alloys were studied by means of electrical 
and magnetic measurements. On furnace cooling, two distinct 
stages in the precipitation process were detected; one occurring 
above and the other below 850°C. The kinetics of precipitation 
from quenched alloys were studied between 200° and 700°C. The 
reaction appears to be consistent with the concept of nucleation of 
precipitate particles at dislocation loops formed by the clustering 


of quenched -in vacancies. 


A. BOLTAX, Junior Member AIME, formerly with Nuclear Metals, Inc., 


A. Boltax 


A study of precipitation in copper-iron alloys is 
particularly interesting because the combination of 
magnetic and electrical properties in these alloys 
provides a quantitative means of following the course 
of the precipitation reaction. (The details of precip- 
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itation reaction.) The details of precipitation which 
can be studied include the average composition of 
the solid solution and the amount and type of pre- 
cipitate formed as a function of aging time. The 
following work provides the necessary data for use 
of this technique and is applied to the study of the 
precipitation processes occurring during furnace 
cooling and aging of copper-iron alloys. 

The copper-iron phase diagram is given in Fig. 1. 
The first aging experiments made by Hanson and 
Ford* and Tammann and Oelsen? and later work*~” 
showed that the initial precipitate formed by aging 
below 700°C was weakly paramagnetic and could 
become ferromagnetic after cold-working or ex- 
tended aging at elevated temperature. Smith®’’ 
suggested that the paramagnetic precipitate was 
coherent with the face-centered cubic copper ma- 
trix and demonstrated that cold-working would 
transform this precipitate to the stable ferromag- 
netic body-centered cubic form. 

Since 1951, X-ray measurements by Denney® and 
Newkirk® have verified Smith’ s®” suggestion that 
the paramagnetic transition phase is coherent with 
the matrix. Newkirk® further demonstrated that the 
lattice parameter of the coherent transition phase 
is consistent with an extrapolation of the lattice 
parameter of y iron from 910° to 20°C. Denney® 
reported that the coherent precipitate does not 
transform to the incoherent structure by any 
thermal treatment below 800°C. However, 
others have reported transformation of the 
coherent precipitate to the incoherent by thermal 
treatment. Explanations for this discrepancy in- 
volving differences in quenching rates and im- 
purity levels have been discussed by Denney® and 
Boltax.* 


EXPERIMENTAL METHOD 


The copper-iron alloys were prepared from 
vacuum-melted copper and high-purity electro- 
lytic iron. A 1000-g charge was melted by induc- 
tion under vacuum in a beryllia slip-lined high- 
purity alundum crucible. The metal was kept 
molten for approximately 1 hr and then bottom 
poured into a warm beryllia slip-lined alundum 
mold. The casting was homogenized in vacuum 
for 1 week at 1000°C. The final sample diameter 
of 0.0625 in. was obtained by extrusion and cold 
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Fig. 2—Comparison of resistivity values for copper-iron 
samples cooled by several methods from various solution 
temperatures. The solution temperature used in the 
present work was 1040°C. 


swaging. A series of alloys from about 0.0005 to 5 
wt pct Fe were made by this technique. 

Cooling of the solution-treated samples (4-in. 
lengths of the 0.0625-in. diam wire) was carried 
out by four techniques. The fastest cooling was 
accomplished by quenching samples, which were 
held at 1040°C in a resistance furnace for 1 hr 
under an argon atmosphere, into a bath of liquid 
mercury. Spectrographic analysis showed no trace 
of mercury after the samples were carefully etched 
in HNO,. The second technique consisted of heating 
samples individually sealed in vacuum in vycor 
tubes in a resistance furnace for 4 hr at 1040°C. 
The quench was carried out by cracking the tubes 
open under water. Bright surfaces were maintained 
on all specimens prepared in this manner. Quench- 
ing after aging heat treatments between 200° and 
700°C was carried but by this latter technique ex- 
cept that the vycor tubes were not broken during the 
quench from the aging temperature. The last two 
cooling techniques were air cooling and furnace 
cooling, the latter at 2° and 4°C per min. 

Electrical resistivity measurements were carried 
out by the current and potential method in the tem- 
perature range 20° to 50°C with an estimated ac- 
curacy of + 0.1 pct. Values of intrinsic saturation 
induction (47) were determined by ballistic gal- 
vanometer methods at 20°C in applied fields up to 
12,000 oersteds. Sample preparation for high mag- 
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nification light microscopy involved a mechanical 
polish, the last step of which was carried out on a 
high-speed wheel of silk cloth plus a suspension of 
fine particles of alundum in water. Samples were 
then chemically etched by swabbing for 15 to 20 sec 
in a solution of equal parts of H,O, NH,OH, and 

3 pet 


SOLUTION-TREATED ALLOYS 


A) Results— Following the solution treatment at 
1040°C, samples were cooled to room temperature 
by four techniques, z.e., quenching in mercury, 
quenching in water, cooling in air, and furnace 
cooling at 4°C per min. The results of room- 
temperature electrical resistivity and magnetic 
measurements made on all samples are shown in 
Figs. 2 and 3. The data labelled ‘‘complete pre- 
cipitation’’ were obtained after a series of aging 
and cold- working treatments designed to achieve 
the room-temperature equilibrium condition for 
each alloy. 

The electrical resistivity data obtained are com- 
pared with results of others”’”’** in Fig. 2. The 
initial slope for quenched alloys of 9.2 microhm cm 
per wt pct Fe is in good agreement with work of 
Hanson and Ford’ and Linde.*® The higher resis- 
tivity values obtained after mercury quenching as 
compared to water quenching are due to the reten- 
tion of more iron in solid solution. The data shown 
in Fig. 2 for the alloys quenched in mercury and 
water, it should be noted, are the highest resistivity 
values obtained for each composition. For a given 
composition above 1 wt pct Fe, a scatter of the order 
of +0.25 microhm cm was observed for the as- 
quenched electrical resistivity. 

The saturation induction data for alloys quenched 
from 1040°C agrees closely with Tammann and 
Oelsen’s’ data obtained by quenching from 1035°C. 
From such data, as shown in Fig. 3, Tammann and 
Oelsen’ reported the solubility of iron in copper at 
1035°C as 3.05 wt pct. Analysis of Figs. 2 and 3 
reveals that air cooling from the solution tempera- 
ture results in the formation of a large amount of 
precipitate and that this precipitate is primarily 
coherent in samples containing 3.25 wt pct Fe, but 
is not in samples containing 5.0 wt pct Fe. The 
saturation induction values obtained on furnace- 
cooled samples show clearly that a large amount 
of ferromagnetic precipitate is formed during slow 
cooling. 

The calculated curve for samples in which all of 
the iron atoms are assumed to be part of a ferro- 
magnetic phase, shown in Fig. 3, is based ona 
saturation induction value of 20,750 gauss for the 
iron-rich phase containing 2 wt pct Cu in equilib- 
rium with copper, as compared with 21,580 gauss 
for pure iron.’® The experimentally determined 
saturation induction values for completely precip- 
itated samples fit the calculated curve reasonably 
well. 

B) Discussion—As an aid to understanding the 
experimental data presented in Figs. 2 and 3, the 
following points should be noted. For a given com- 
position, a low value of the electrical resistivity 
indicates that iron atoms have precipitated from 
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Fig. 3—Intrinsic saturation induction vs composition for 
copper-iron samples cooled by several methods from 
the solution temperature 1040°C. 


solid solution and are in the form of either non- 
ferromagnetic coherent precipitate or ferromag- 
netic incoherent precipitate. The measurement of 
saturation induction indicates which type of pre- 
cipitate is formed during the precipitation process. 
For example, a large increase in saturation induc- 
tion is direct evidence for the formation of the in- 
coherent precipitate. Accordingly, an interpreta- 
tion of the precipitation process will involve an 
examination of both the resistivity and magnetic 
data for a given heat treatment. 

If we assume that the data given for the samples 
quenched in mercury represent the electrical re- 
sistivity of complete solid solution of the indicated 
iron content as shown in Fig. 2, then the amount of 
iron in solid solution in any given sample can be 
determined from an electrical resistivity measure- 
ment. A simple experiment described below was 
performed to test this assumption. 

After the solution treatment and quench in mer- 
cury, several samples were aged between 550° and 
700°C and their electrical resistivities determined. 
Magnetic measurements revealed that the precipitate 
was coherent. In order to make a direct measure- 
ment of the amount of coherent precipitate to cor- 
relate with the drop in resistivity on aging, the sam- 
ples were severely cold-worked to transform the 
coherent precipitate to the ferromagnetic incoherent 
precipitate. If all the coherent precipitate is trans- 
formed to the ferromagnetic modification, a satura- 
tion induction measurement allows a determination 
of the amount of precipitate. The results obtained 
on a Cu-1.7 wt pct Fe sample are given in Table I 
as an illustration of the above experiment. The re- 
sults of similar experiments on other copper-iron 
alloys aged at 550°C or above indicated that the 
electrical resistivity could be used as a measure 
of the amount of iron in solid solution. The scatter 
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Table I. Results of an Experiment to Determine the Distribution 
of Iron in an Aged Copper — 1.7 Wt Pct Fe Alloy Sample 


Intrinsic Calculated Distribution of Iron, 


Electrical Saturation Wt 

Ss Resistivity, Induction, Solid Incoherent Coherent 
Sample Condition  Microhm-Cm Gauss Solution Phase Phase 
As solution treated 9.7 Bea 
quenched) 5 Negligible 0 
Aged 1000 min 
at 3.0 0.14 Negligible 1.56 
Cold worked 80 pct - 315 0.14 1.45 0.11 


*The weight percent of iron in solid solution was determined from the resis- 
tivity value and the resistivity-composition curve in Fig. 2. The amount of in- 
coherent phase was determined from the intrinsic saturation induction value 
and the saturation induction-composition curve in Fig. 3. The remaining iron 
is in the coherent precipitate phase. 


in such data was similar to that indicated by the 
data for complete precipitation given in Fig. 3. 
Samples aged at temperatures below 550°C contain 
small coherent particles which are difficult to 
transform to the ferromagnetic form by cold-work 
and, therefore, the results on such specimens could 
not be used to test the hypothesis. 


-FURNACE-COOLING EXPERIMENTS 


A) Results—The purpose of this experiment was 
to study the mechanism of formation of the incoher- 
ent phase during slow cooling. Samples of the Cu- 
3.25 wt pct Fe alloy were furnace cooled from the 
solution temperature of 1050°C to various tempera- 
tures and then quenched in water or allowed to air 
cool. During the above heat treatments, the sam- 
ples remained inside evacuated Vycor tubes until 
they cooled to room temperature. The electrical 
and magnetic properties were measured following 
this treatment and the distribution of iron in each 
sample calculated in the manner described above. 
The experimental results are shown in Figs. 4 and 5. 

B) Discussion—The magnetic data in Fig. 4 show 


several interesting features. Curve A, determined _ 
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Fig. 5— Electrical resistivity of Cu-3.25 wt pet Fe sam- 
ples solution treated at 1050° C, followed by furnace cool- 
ing to a given temperature, and then quenched in either 
water or air. 
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Fig. 4—Intrinsic saturation induction of Cu-3.25 wt pct Fe 
samples solution treated at 1050° C, followed by furnace 
cooling to a given temperature, and then quenched in 
either water or air. 


from the equilibrium diagram, represents the solu- 
bility of iron in copper as a function of temperature 
and is drawn for the condition that all the iron 
precipitated from solid solution is present as the 
incoherent ferromagnetic phase. Therefore, the 
difference between curve A and the other curves in 
Fig. 4 represénts the total quantity of iron in the 
supersaturated solid solution plus the quantity of 
iron as coherent precipitate. Comparison of curves 
B and C in Fig. 4 reveals the large effect of cooling 
rate on the formation of the incoherent precipitate; 
z.e., the slower the cooling rate, the greater the 
amount of incoherent precipitate. Cooling rates 
slower than 2°C per min would presumably be 
closer to curve A, which corresponds to infinitely 
slow cooling. The similarity between curves C 
and D indicates that the presence of incoherent 
precipitate is not caused by strain-induced trans- 
formation (by quenching) of the coherent phase. The 
small difference between curves C and D is believed 
to be due to a small amount of growth of the inco- 
herent precipitate during the relatively slow air 
cooling. The small amount of incoherent precip- 
itate indicated for samples water quenched from 
1050°C is observed in all copper samples contain- 
ing 3.25 wt pct Fe and is believed to be related to 
the effectiveness of the quench as determined by 
the specimen geometry and thermal conductivity.° 
The electrical resistivity data in curve A, Fig. 5, 
is the counterpart of curve A in Fig. 4, since they 
both describe the equilibrium condition for the al- 
loy. Curve A in Fig. 5 was determined by combin- 
ing the phase diagram data in Fig. 1 and the elec- 
trical resistivity data shown in Fig. 2. Because of 
the difficulty of retaining the high-temperature 
distribution of phases during the water quench to 
room temperature, the experimental resistivity 
values lie below the equilibrium values after 
quenching from high temperatures. On the other 
hand, after quenching from low temperatures, the 
experimental resistivity values are higher than the 
equilibrium values because the experimental cooling 
rates are sufficiently rapid to retain the nonequilib- 
rium distribution of phases. Air cooling from the 
high temperature accounts for the very low values 
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Fig. 6—Calculated distribution of iron in the solid solution, 
coherent, and incoherent phases for Cu-3.25 wt pct Fe 
samples furnace-cooled 2° C per min from the solution 
temperature 1050° C and quenched in water at the tem- 
peratures indicated. 


of electrical resistivity for curve D. At any tem- 
perature, the difference between curve A and 
curves B, C, or D represents the difference be- 
tween the equilibrium condition and the amount of 
iron in solid solution for a given heat treatment. 

The calculated distribution of iron in the solid 
solution, coherent, and incoherent phases as a 
function of temperature for samples furnace cooled 
2°C per min is presented graphically in Fig. 6. The 
amount of incoherent phase increases steadily dur- 
ing cooling from 1050° to 800°C and then only 
slightly on further cooling. The water quench from 
1050°C retains only about 50 pct of the iron in solid 
solution, and the major fraction of the precipitated 
phase is coherent. However, quenching from 800°C 
and below probably retains the high-temperature 
distribution because of the sluggishness of the re- 
action at these temperatures compared with the 
quenching rate. 

The complexity of the precipitation reaction can 
be greatly simplified by making a small change in 
Fig. 6. If the high-temperature distribution of 
phases could be retained at room temperature, 


only one major change in the data would be expected. 


This condition could be realized experimentally if 
the samples were given an extremely fast quench. 
By adding the portion of the curve labelled ab in 
Fig. 6 to that labelled ‘‘solid solution,’’ the net ef- 
fect is to ignore the precipitation which takes place 
during the water quench to room temperature. 

The data changed in this manner is shown in 
Fig. 7. Notice that the small amount of incoherent 
phase present on quenching from 1050°C was neg- 
lected and the amount of coherent precipitate ex- 
trapolated back to the temperature axis. The net 
effect of these changes is that the incoherent phase 
appears to be related to the high-temperature 
(above 850°C) precipitation reaction, whereas the 
coherent precipitate seems to form below about 
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Fig. 7—Calculated distribution of iron in the solid solution, 
coherent, and incoherent phases as in Fig. 6, except that a 
correction is made to ignore the precipitation taking place 
during the water quench. 


850°C. These processes are described by the fol- 
lowing equations: 


Above 850°C 


supersaturated 
solid solution — solid solution + y (fcc) [1] 


At 850°C 
y (fcc) + a (bec) [2] 
Below 850°C 


supersaturated 
solid solution + solid solution + y (fcc coherent) 
[3] 

The increase in the amount of incoherent phase be- 
low 850°C is probably due to growth of the incoher- 
ent particles present. 

Further experimental evidence for the nature of 
the precipitation process during cooling from the 


" 


we 


Fig. 8—Microstructure of a Cu-2.5 wt pet Fe sample solu- 
tion treated at 1050° C and furnace-cooled at 3°C per min 
to 850°C and quenched into water. The ferromagnetic 
particles often appear in large colonies within the grains. 
The photograph shows the edges of two such colonies. 
X2000. Reduced approximately 52 pct for reproduction. 
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Fig. 9—Microstructure of a Cu-2.5 wt pet Fe sample solu- 
tion treated at 1050°C and furnace-cooled at 3°C per min 
to room temperature. The ferromagnetic particles appear 
as large black triangles, squares, and stars while the co- 


herent precipitate forms the unresolvable grey background. 


X2000. Reduced approximately 52 pct for reproduction. 


solution temperature was obtained from metallo- 

graphic observations. Fig. 8 shows a region of a 

Cu-2.5 wt pct Fe sample furnace cooled from 

1050° to 850°C and water quenched. Fig. 9, ob- 

tained from a similar sample furnace cooled from 

_ 1050°C to room temperature, shows two distinctly 
different types of precipitate particles. The coarse 

precipitate is believed to be the incoherent phase 

and the fine precipitate the coherent phase. 

From the above results, it appears that only the 
precipitate formed above 850°C transforms spon- 
taneously to the incoherent phase. This may be a 
consequence of a critical particle size requirement 
for a coherent face-centered cubic particle to 
transform spontaneously to the stable incoherent 
phase. Coherent particles formed at high temper- 
atures, above 850°C, may be supercritical and 
transform at 850°C in accordance with the equilib- 
rium diagram. The observed microstructure tends 
to support this view. However, the experimental 
evidence that the face-centered cubic precipitate 
is apparently indefinitely stable below 800°C®” is 
contrary to the general notion of a critical particle 
size for spontaneous transformation of coherent 
particles to the incoherent phase. The experi- 
mental observations lead one to believe that there 
may be a difference between the high- and low- 
temperature face-centered cubic precipitate 
phases. For example, whereas the face-centered 
cubic phase which forms at low temperature is 
coherent, the face-centered cubic phase formed 
above 850°C may be incoherent and, therefore, 
would be expected to transform spontaneously to 
the body-centered modification in accordance with 
the equilibrium phase diagram. 


AGING EXPERIMENTS 


A) Results— Aging experiments in the tempera- 
ture range from 200° to 700°C were performed on | 
Cu-1.7 wt pct Fe samples. Prior to the aging treat- 
ment, the samples were solution treated at 1040°C 
for at least 4 hr and quenched into mercury. After 
complete removal of mercury, the electrical resis- 
tivity measurements yielded values of 9.250 + 0.250 
microhm cm. The behavior of the electrical re- 
sistivity during subsequent isothermal aging is 
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Fig. 10—Electrical resistivity vs aging time for Cu-1.7 wt 
pet Fe samples aged between 200° and 700°C. 


shown in Fig. 10. Each point on Fig. 10 represents 
a different sample. This technique was adopted to 
meet conditions required for other experiments.* 


*The samples were subsequently irradiated with fast neutrons at the 
CP-5 reactor. Earlier experiments carried out at the Materials Testing 
Reactor were reported in ASTM Special Publication no. 208, 1956, 

p. 183. 

The saturation induction values of these samples 

did not change significantly during aging, indicating 
that the precipitate was nonferromagnetic. The 
precipitation reaction can, therefore, be represented 


by the following equation: 
Aging of Quenched Samples between 200° to 700°C 


supersaturated 
solid solution -— solid solution + y (fcc 


coherent precipitate) [4] 


B) Precipitation Kinetics—The kinetics of the 
precipitation reaction were analyzed in terms of the 
following general rate equation: 


[5] 
where f/ is the fraction transformed, ¢ the time, 
K the rate constant, 7 the impingement exponent, 
and w the time exponent. On integrating, one ob- 


tains: 
[6] 


0 
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Fig. 11—Determination of activation energy for precipita- 
tion, Qp by plotting aging time vs the reciprocal of the 
absolute temperature for constant values of electrical re- 
sistivity. The original data was given previously in 

Fig. 10. 


which becomes: 


j= when i = 0 [6a] 
1 kt” 
= when z = 1 [6b] 


The impingement exponents 0, 1, and 2 were ex- 
amined to determine which best fit the experimental 
data. The rate constant is related to the activation 
energy Qx by the following equation: 


K = Ae RT 


[7] 
where A is a constant, # is the gas constant, and T 
the absolute temperature. The activation energy for 
the precipitation reaction, Qp, is given by the fol- 
lowing relation: 


_ Qk 
[8] 
which is independent of the impingement exponent.*® 
The fraction transformed used in the kinetic equa- 
tions was determined in two ways. The simplest 
form involved the measured values of electrical 
resistivity according to the following relation: 


Po— 
Po — Pr 
where p, is the as-quenched resistivity, p the as- 
aged resistivity, and p; the equilibrium resistivity 
obtained from the equilibrium solubility at the aging 
temperature. In the second form, the fraction trans- 


[9a] 
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Fig. 12—Determination of the time exponent, n, in the rate 
equation for i = 2 by plotting a suitable function of the 
electrical resistivity vs the aging time for a series of 
aging temperatures. The rate equation describes the ex- 
perimental data up to the early stages of aging at 475°C. 


formed was calculated using the measured elec- 
trical resistivity values to obtain a weight percent 
fraction transformed from the data plotted in Fig. 2, 
for samples quenched in mercury. The fraction 
transformed is given by: 


J Cr 

where C, is the concentration of iron in solid solu- 

tion as solution quenched, c the solid solution iron 

concentration after aging, and c, the equilibrium 

solubility of iron in copper at the aging temperature. 
Figs. 11 and 12 illustrate two of the twelve 

curves plotted in the attempt to find the best fit 

of the experimental data to the rate equation. The 

rate equation used was 


[9b] 


f 
[ af _ Ae RT ¢” 
n 


obtained by combining Eqs. [6], [7], and[8]. An 
analysis of the results is summarized in Table II. 
The experimental data is best described by kinetics 
using an impingement exponent of 2. From the best 
fit of the data to the rate equation, the values of 
n = 0.28 + 0.03 and Qp = 34 + 5 kcal per mole were 
obtained. The above values supersede those re- 
ported previously,*® namely, n about /, and @ R 
about 37 kcal per mole. 

B) Discussion—1) Activation Energy for Precip- 
itation—The experimentally determined value for 
the activation energy for precipitation is consider- 


[10] 
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Table Il. Summary of Kinetic Data 


Table Ill. Summary of Precipitation Kinetics on Copper-lron Alloys 


Region of Agreement 


Activation Energy, 
Between Data and Rate 


Kilocalories 


. Time Equation per Mole 
quation Exponent, Temp. Fraction 

Plotted n Range,°C Transformed Ox Ge 
Eq.[5] and[9al with 

i 0.3 (200to 300) 40 pet 8.1 

1 0.27 (200to300) 30 pet 36 
0.25 (200to475)* 90 pet* 38.8 
Int vs 1/T 8.1 29.4** 
Eq. [5] and[9b] with 

0 0.25 (200to 300) 45 pct 6.9 27.6 
R= 0.3 (200to335) 45 pet 75 25.0 
0.3 (200 to 335)* 70 pet* 10.7 35.8 
Int vs 1/T 9.2 33.4** 
Average with 0.28+ 0.03 a 
Average of best 

data* with maxi- 0.28+ 0.03 9.44+1.3 3445 


mum range 


*Best agreement between data and rate equation. 
**With n= 0.28. 


ably below that reported by Mackliet’® for the ac- 
_tivation energy of diffusion of iron in dilute copper 
alloys, which is given by the following equation for 
the diffusion coefficients:* 


*A rough calculation of the diffusion constant required for precipita- 
tion (from D = x*/t with a particle spacing of 500A, and the time for 
50 pct transformation), indicated that the diffusion constant given in 
Eq. [11] was much too small to account for the measured transformation 
tates. 


-51, 800 
Similar disparities between the activation energies 
of precipitation and diffusion have been reported by 
Turnbull and Treaftis for aluminum-copper” and 
aluminum-silver.”* Several explanations for this 
effect have been offered which include Seitz’s™ 
suggestion* of enhanced diffusion due to a high 


*See Appendix for further discussion. 


concentration of lattice vacancies retained in solu- 
tion by quenching, and Turnbull’s** suggestion that 
moving dislocation channels permit easier diffusion. 
The results of other studies of precipitation 
kinetics on copper-iron alloys are summarized in 
Table II]. The factors which must be considered in 
a comparison of the results are the property meas- 
ured, the stage of the precipitation process ex- 
amined, and the composition of the alloy as shown 
by Geisler” and Koster and Sperner.”° With ap- 
propriate consideration of these factors, the re- 
sults given in Table III appear mutually consistent. 
2) Time Exponent, n—If precipitation is controlled 
by the diffusion of the solute atoms, then as shown 
by Zener” the lowest possible value of the time ex- 
ponent, 7, is ',, Kinetics requiring a time exponent 
of less than 72 probably require localized attraction 
between solute atoms and lattice imperfections, such 
as dislocations. Examples of stress-assisted pre- 
cipitation include strain aging in a-ferrite™>™ and 
the tempering of steel. 16 Tement and Cohen” found 
a time exponent of 0.3 for the tempering of steel and 
used a one-dimensional Cottrell-Bilby dislocation 
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Activation En- 


ergy of Precipi- Time 
Wt Pet tation, Q, Kilo- Exponent, Property 

Iron calories per “ole n Measured Remarks Reference 

0.5 42 - Magnetic Poor solution (26) © 
susceptibility treatment 

34+5 0.28+0.03 Electrical Present 
resistivity paper 

2.4 38+2.3 1.5 Saturation Kinetics prob- (8) 
induction ably describe 

the coales- 


cence stage 


attraction model to derive a kinetic formula with a 
time exponent of 73. 

It has been suggested that dislocation loops, 
formed during the quench from the solution tem- 
perature, are nucleation sites for precipitation 
from solid solution.** * Dislocation loops formed 
by the clustering of vacancies have been observed 
in copper,* aluminum, silver, and gold.**** The 


*Dislocation loops in copper are not sessile, as would be expected 
from the low value of stacking fault energy, but glissile prismatic dis- 
locations.** 
numbers obtained for density of loops, 10*° per 
cubic-centimeter, and their average diameter, 
about 200A, are consistent with number of pre- 
cipitate particles observed in copper-iron alloys, * 


*Preliminary measurements at X50,000 on samples aged at 700°C gave 
a particle density of about 10*° per cc. 


and the initial vacancy concentration of about 
10223 

It was also suggested that the precipitation ki- 
netics observed in copper-iron (n = 0.28) and 
copper-aluminum (x= 7/3)”* alloys were controlled 
in part by solute atom-dislocation loop attraction.*° 
The problems involved in calculating theoretically 
a time exponent for solute precipitation on disloca- 
tion loops have been examined. The main difficulty 
is to derive an interaction energy term between a 
solute atom and a dislocation loop when a large 
fraction of the solute atoms are close to small di- 
ameter (200A) dislocation loops. Another case of 
difficulties in calculating the time exponent was 
shown by Ham*° who reinvestigated the problem of 
stress-assisted precipitation on edge and screw 
dislocations. Ham’s results differed from those 
of Harper,”® and Ham concluded that the disagree- 
ment between the predicted and measured time 
exponents indicated that the actual precipitation 
process may be more complex than assumed by 
Cottrell and Bilby. ”® 

3) General—In studies of the copper-cobalt Sys- 
tem, which is analogous to copper-iron, Cahn*® 
found that 10*°-10*° cobalt-rich precipitate par- 
ticles formed per cubic centimeter upon aging in 
the range 400° to 700°C. This result was in- 
terpreted as evidence for homogeneous nucleation 
since precipitation occurred on a finer scale than 
any known defect structure. One might expect a 
similar behavior in the copper-iron system; how- 
ever, available evidence for the density of iron 
precipitate particles and the value of the time ex- 
ponent is consistent with the concept of stress- 


VOLUME 218, OCTOBER 1960-819 


assisted precipitation on dislocation loops. Studies 
of the effect of thermal history on precipitation 
kinetics and nucleation rate (similar to that re- 
ported by Silcock*” and Turnbull et al.**) would 
offer one means of determining the role of defects 
on nucleation in copper-iron alloys. 


CONCLUSIONS 


1) On furnace cooling Cu-3.25 wt pct Fe samples 
from 1050°C to room temperature, two distinct 
stages in the precipitation process were detected. 
Above 850°C, a coarse face-centered cubic precip- 
itate is formed which transforms spontaneously to 
the body-centered cubic form below 850°C, in ac- 
cordance with the phase diagram. Below 850°C, the 
precipitation reaction continues with the formation 
of fine face-centered cubic coherent particles which 
are stable at room temperature. 

2) The results indicate that there may be a dif- 
ference between the high- and low-temperature 
face-centered cubic precipitate phases. It is sug- 
gested that the high-temperature face-centered 
cubic phase is incoherent and thus would be ex- 
pected to transform spontaneously to the body- 
centered cubic form whereas the low-temperature 
phase is coherent and apparently indefinitely stable. 

3) A study of the kinetics of precipitation by 
electrical resistivity measurements in a Cu-1.7 wt 
pet Fe alloy yields a value of m = 0.28 + 0.03 for the 
time exponent in the rate equation and an activation 
energy of 34 + 5 kcal per mole. 

4) Aging a Cu-1.7 wt pct Fe alloy between 200° 
and 700°C for up to 10* min results in the formation 
of a coherent nonferromagnetic precipitate. 

5) The observed precipitation processes in the 
quenched samples appear to be consistent with the 
concept of nucleation of precipitate particles at dis- 
location loops formed by the clustering of quenched- 
in vacancies. 
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APPENDIX 


Variation of Activation Energy as a Function of 
Aging Time—An analytical expression can be de- 
rived to describe the variation of the activation 
energy as a function of he stage of precipitation 
starting with the Seitz™ vacancy model for enhanced 
diffusion. The nucleation of precipitate particles is 
assumed to take place during the first stages of 
aging or even possibly during the quench, and the 
number of particles is not considered to be a func- 
tion of aging temperature.* It is realized that if 


*This assumption is reasonable when nucleation takes place on de- 
fect structure which depends mainly on solution temperature, 
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Fig. 13—Dependence of log K upon temperature T as a 
function of aging time t. The differences between the 
dotted lines A, B, and C represent the decreasing con- 
centration of quenched-in vacancies. The slopes of the 
solid lines give the activation energy for precipitation as 
a function of aging temperature. 


the number of precipitate particles varies with the 
aging temperature then the comparison of activation 
energies for precipitation and diffusion would be 
meaningless as pointed out by Hardy and Heal.”” 

Diffusion in a solution-quenched sample proceeds 
by two parallel processes. The first is normal dif- 
fusion which requires two activated steps; the for- 
mation of a vacancy Q; and its motion Q,, through 
the lattice. The second diffusion process involves 
the quenched-in vacancies and requires an activa- 
tion of only @,,. The rate constant in Eqs. [5] and 
[7] then can be written as: 


(Or+@,,) 
=k 1D. RT +AC, RT 


where D is the total diffusion coefficient, D), Rk, 
and A are constants, @,, and @ ys the activation en- 
ergies of vacancy formation and motion, respec- 
tively, and C,(¢) the concentration of quenched-in 
vacancies which is a function of aging time, ¢. The 
maximum value of C,(¢) is given by: 


C,(0) = Be: RT, [13] 


where T, is the solution temperature and & a con- 
stant. According to Kimura et al.,*° the decay of 
the isolated vacancy concentration can be approxi- 
mated by an exponential of the form: 


C,(¢) = Be 


[12] 


[14] 
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where @ is a constant. By combining Eqs. [12] and 
[14] and assuming that the constant D, is about equal 
to the product AB in Eqs. [12] and [14], one obtains: 


Ink = nk + nInD,— 


e RT +e eat 


[15] 


This equation is plotted in Fig. 13 for several cases 
with Q,, = Q;=1 ev. 

When ¢ is small, an activation energy of precip- 
itation equal to @,, could be obtained at low temper - 
atures if the equilibrium number of vacancies at T. 
were retained during the quench. Actually, less 
than the equilibrium number are retained and the 
measured activation energy of precipitation will fall 
between q,, and + @,;.- As increases the tem- 
perature at which the parallel processes overlap 
moves toward lower temperatures; thus, at a given 
temperature range below T, one would expect to 
find the activation energy increasing as aging 
progresses. If a precipitation reaction is examined 
in a narrow temperature range for relatively short 
times, then the activation energy would be expected 
to be essentially constant and between @,, and 
@ m at 

The value of activation energy for precipitation 
in Cu-1.7 wt pct Fe alloys appears to be constant 
in the temperature range from 200° to 400°C and 
is between q@,, (about 23,000 cal per mole) and 
@m + Q, (51,800 cal per mole). In aluminum-silver 
alloys Koster*° presented data of the elastic limit 
which gave an activation energy for precipitation 
of 24,000 cal per mole at low temperatures and 
31,000 cal per mole at higher temperatures. The 


above results can be explained by the effects of 
quenched-in vacancies on diffusion. 
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The Aging Characteristics of the Ti-13V-1Cr- 


AAI Alloy 


The aging characteristics of a titanium alloy containing 13 pct 
V, 11 pet Cr, and 4 pct Al have been investigated by hardness 
measurements, X-ray diffraction, and metallography. The B phase 
decomposes intoB + aand B+ a+TiCr, above about 1050°F; below 


this temperature a transition phase, believed to be w, precipitates 
first, followed by a and TiCr,. The observed hardening is attributed 
to these reactions. Cold working of solution-treated specimens ac- 
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celerates hardening and raises the hardness level attained. A TTT 


diagram is proposed. 
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New titanium-base alloys, designated as ‘‘all-beta,’’ 
have recently been developed. These alloys contain 
large amounts of £-stabilizing elements such as 
molybdenum, chromium, or vanadium. When cooled 
from the solution temperature, they consist only of {; 
in particular, the martensitic a’ phase does not form. 
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Fig. 1—Hardness as a function of aging time. 


One of the all-8 alloys contains 13 pct V, 11 pct Cr 
and 4 pct Al. This alloy is solution treated in the 
single-phase region and hardened by heating into the 
transformation range after cooling to room tempera- 
ture. Forming operations can be conducted between 
these two heat treatments. The hardening has been 
attributed to the decomposition of the 8 phase.’ The 
investigation reported here was intended to deter- 
mine the mode of decomposition of 8 and to shed 
light on the mechanism of hardening. 


EXPERIMENTAL PROCEDURES 


Cylindrical specimens were cut from annealed rod 
supplied by Crucible Steel Co. According to the an- 
alysis furnished, the material contained 12.8 pct V, 
11.1 pet Cr, 4.1 pct Al, 0.03 pet N, 0.02 pct C, 0.20 
pet O, and 0.0150 pct H. 

The solution treatment was carried out in vacuum 
for 1 hr at 1400°F followed by air cooling. A few 
specimens were solution treated 2 hr to determine 
the effect of solution time. The solution-treated 
Specimens were aged at 700°, 800°, 900°, 950°, 
1000°, 1100°, 1150°, and 1250°F for times up to 
400 hr and quenched in water. The aging treatments 
were conducted in vacuum at temperatures above 
1000° F and in molten salt baths at 1000°F and below. 

In order to investigate the effect of cold work on 
the aging process some Solution-treated specimens 
were compressed 8 or 16 pct in thickness before 
reheating. They were then aged for various times 
at 800°, 900°, and 1100°F. 

Heat-treated specimens were prepared for hard- 
ness testing by polishing in order to remove any 
oxide layer. Averages of five Rockwell ‘‘C’’ values 
for each specimen are reported. 

After hardness testing each specimen was electro- 
polished 45 sec in an electrolyte containing 6 pct 
perchloric acid in glacial acetic acid. Polished 
specimens were etched in a solution of 6 pct hydro- 
fluoric acid, 10 pct nitric acid, and 84 pct glycerin. 

The X-ray diffraction results were obtained with 
an automatic spectrometer. The fluorescence of 
titanium was suppressed by using a scintillation 
counter and pulse-height analyzer, as previously 
reported. 
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Fig. 2—Lines of equal hardness for different times and 
temperatures of aging. 


EXPERIMENTAL RESULTS 


Hardness—An increase of the solution time from 
1 to 2 hr had little or no effect on the hardness of 
specimens in the solution treated condition. The 
average value after either treatment was Rockwell 
C30 

Fig. 1 shows the hardness of specimens aged at 
various temperatures as a function of aging time. 
Apparently complete hardening is attained in 400 hr 
or less at 900°F and above. In this range of aging 
temperatures the time required to attain the maxi- 
mum hardness as well as the hardness level de- 
crease with increasing temperature. 

Fig. 2 summarizes the effects of time and tem- 
perature on the aging process. Each curve repre- 
sents one level of hardness attainable with various 
combinations of aging time and temperature. The 
point at which a curve has a horizontal tangent indi- 
cates the time at which softening begins at the cor- 
responding temperature. 

As shown in Fig. 3, specimens solution treated 
2 hr have a slower rate of hardening than specimens 
solution treated 1 hr. Fig. 4 shows that prior com- 
pression increases the rate of hardening and the 
maximum hardness resulting from aging at a given 
temperature. 


—— —-— Solution treated Ihr. 


49 
Solution treated 2hrs. 


= 
7 


Hardness, Rockwell C 


0.1 1.0 
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Fig. 3—Hardness as a function of aging time - effect of 
solution time. 
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Fig. 4—Hardness as a function of aging time - effect of 
cold work prior to aging. 


X-Ray Diffraction—The phases 6, a and TiCrz2 
were identified by X-ray diffraction. Two lines 
which could not be attributed to these phases were 
present in the diffraction patterns of specimens aged 
96 hr at 900° F and 200 hr at 800°F. With specimens 
aged at 1000°F and below, for intermediate times, 

a narrower range of diffraction angles was covered; 
this range included only the stronger of the unidenti- 
fied lines. This line persisted at 800° and 900°F, but 
disappeared after longer aging times at 950° and 
1000°F. This behavior indicated the formation of a 
transition phase. Such a phase is known to form in 
binary alloys of titanium with vanadium and chrom- 
ium*° and is called w. The stronger line observed, 
which partly overlapped with the (110)s3, seems to 
correspond to the (1011),,, (1120), line reported by 
Silcock et al.;* the weaker line similarly seems to 
correspond to the (0001),, line. It is thus probable 
that the transition phase observed in this investiga- 
- tion is w , but more lines would be required for 
positive identification, especially as Bae different 
structures have been proposed for w”® and the 
values of its parameters are given by Silcock e¢ al. 
only to three significant figures. In this paper, 
the designation ‘‘the transition phase’’ and the sym- 
bol ‘‘w(?)’’ will be used. The results of the diffrac- 
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Fig. 6—Lattice parameter of @ as a function of aging time. 
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Fig. 5—Temperature-Time-Transformation diagram. 


tion analysis for B, a, TiCr2 and the transition 
phase are presented in Fig. 5 as a Temperature- 
Time-Transformation diagram. 

The solution-treated structure consisted of 8 with 
less than 0.1 pct a, as estimated from the relative 
intensity of the lines. No change in this structure 
was observed after short aging times. 

During aging at temperatures up to 1000°F, ac- 
cording to the interpretation suggested above, the 
transition phase forms initially by the reaction 
B-B, + w(?) and subsequently decomposes to a 
by the reactions 6, + w(?)—6, + w(?)+a- 8, 
6B, + @ + TiCrz. The symbols £8, and 
designate solute-rich 8 and ultimate 8, respec- 
tively. 

After aging at 1100°, 1150°, and 1250°F the tran- 
sition phase was not detected. Proeutectoid a pre- 
cipitates by the reaction B= 8, + a followed by 
the formation of the compound TiCrg3. 

The boundaries of the temperature-time region 
in which the transition phase is present are shown 
as dashed lines in Fig. 5. It should be recognized 
that in this region the amount of the transition phase 
first increases and then decreases. Also, the bound- 
ary between the regions designated as (8 + @) and 
(8 + a + TiCrz) represents the start of the formation 
of TiCr,, but not the end of the precipitation of a, 
which continues while TiCr, forms. The shape of 
the boundary of the region in which TiCr, first 
appears seems to indicate that the prior decompo- 
sition to the transition phase accelerates the forma- 
tion of the compound. 

The lattice parameter of the 6 phase is plotted in 
Fig. 6 as a function of aging time. In interpreting 
these measurements it should be realized that alumi- 
num has only a slight effect on this parameter, while 
chromium and vanadium decrease it appreciably.’ 
The observed changes of the parameter, therefore, 
are attributed to changes in the concentrations of 
these elements in the 8; a decrease in parameter 
indicates an increase in chromium or vanadium 
content of 

The precipitation of a results in an enrichment 
of the chromium and vanadium contents of the 6 
as would be expected from the binary phase dia- 
gram; the formation of w has a similar effect. : 

The observed decrease of the lattice parameter 
is consistent with either of these precipitation re- 
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Fig. 7— Photomicrograph of Class A structure. Solution 
treated 1 hr at 1400°F, aged 4 hr at 900°F. Oblique il- 
lumination. X2000. Reduced approximately 28 pct for re- 
production. 


actions. The formation of TiCr2z is accompanied 
by a slight increase in the parameter of the 6, 
probably because of the reduction of its chromium 
content. 

Metallography— The microstructures depended 
markedly on the temperature of aging. Two types 
of structure were observed, one after aging at 
900° F and below, and another after aging at 1100°F 
and above. Between 900° and 1100°F a mixture of 
the two structures formed. The structures and 
their respective temperatures of formation were: 
Class A—700° to 900°F; Class A-B—900° to 1100°F; 
and Class B—1100° and 1150°F. (No metallogra- 
phic observations were made on specimens aged 
at 1250°F.) Observable changes in the micro- 
structure took place isothermally with time of aging. 

The solution-treated specimens consisted of a 
matrix of grains of 8. Small particles of @ were 
present in the grain boundaries. These particles 
seemed to grow at all temperatures during the 
early stages of aging, but never became dominant. 
Aaronson et al.® have observed similar particles in 
the grain boundaries of titanium-chromium alloys 
and have referred to them as @ allotriomorphs. 

Class A structures after short and intermediate 
times of aging are characterized by a network of 
veins, delineating the subboundaries, as shown in 
Fig. 7. In Specimens aged for short times this net- 
work was dark under polarized light indicating that 
little or no @ was present. It was first observed in 
those aged specimens which exhibited the first in- 
creases in hardness. After intermediate aging times, 
particles of a were visible in the veins. Prolonged 
aging was accompanied by agglomeration of a and 
the network was no longer discernible with bright- 
field illumination. 

In Class B structures, intragranular plates, or 
needles, of proeutectoid a, apparently oriented along 
three habit planes, began to form after short aging 
times. These plates formed preferentially within the 
grains and left a border of untransformed 8 adjacent 
to the grain boundaries, Fig. 8(@) and 8(b). With con- 
tinued aging, small Widmannstatten sideplates formed 
in the border, Fig. 8(c) and 8(d). Similar structures 
have heen reported for binary titanium-chromium 
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Fig. 8—Photomicrographs of Class B structures. (a) Solu- 
tion treated 1 hr at 1400°F, aged 8 hr at 1150°F. (b) Same 
as (a). Polarized light. (c) Solution treated 1 hr at 1400°F, 
aged 64 hr at 1150°F. (d) Same as (c). Polarized light. 
X2000. Reduced approximately 44 pet for reproduction. 


alloys.”® Alpha allotriomorphs were present in the 


grain boundaries after all aging times. 

At temperatures characteristic of Class A-B 
platelets precipitated at the subboundaries after in- 
termediate aging times. These platelets consisted 
of a and were oriented along two habit planes, 

Fig. 9@) and 9(6). Prolonged aging caused the pre- 
cipitation of plates presumably of @ in association 
with TiCr2 throughout the subgrains. 


DISCUSSION OF RESULTS 


The occurrence of a maximum in the hardness 
during isothermal heating and the decrease with 
increasing temperature of the magnitude of this 
maximum are consistent with an age-hardening 
mechanism. The hardening may be caused by the 
dispersion and possible coherency of the precipitat- 
ing phases, @ and the transition phase. Concur- 


Fig. 9—Photomicrographs of Class A-B structures. (a) 
Solution treated 1 hr at 1400°F, aged 4 hr at 1000°F. (b) 
Same as (a). Polarized light. X2000. Reduced approxi- 
mately 44 pct for 
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rently, the enrichment of the 6 phase in chromium 
and vanadium may result in further hardening. 

The rates at which maximum hardness is reached 
at different temperatures exhibited a discontinuity: 
based on the aging times required for maximum 


hardness at 900°, 950° and 1000°F, the times at 1150° 


and 1250°F should have been 82 and 55 hr respec- 
tively, but the observed times were 54 and 20 hr. 
This indicates that the predominant reactions above 
and below about 1050°F are not identical. This dis- 
continuity is attributed to the formation of the transi- 
tion phase during early stages of aging in the lower 
temperature range. 

The following decomposition reactions occurring 
in different temperature ranges were tentatively es- 
tablished below about 1050°F: 


B= B + +-w(?)+a- 8, 

and above about 1050°F: 


These reactions are shown in the TTT diagram, 
sFig. 5. 

An earlier diagram’ does not show any reaction 
involving the transition phase. Another difference 
between the two diagrams is in the position of the 
lines indicating the start of the reactions 6 — B, 

+ and 6,+@+TiCr,. In the diagram 
proposed here, these lines lie at shorter times. It 
should be recognized that the times for the beginning 
of a transformation determined by X-ray techniques 
are usually longer than the actual times since dif- 
fraction lines appear only when the amount and par- 
ticle size of the phases causing them have become 
sufficiently large. The times for the beginning of 
var ious reactions in Fig. 5, therefore, would be ex- 
pected to be too long rather than too short. 

The retardation of the hardening reaction in speci- 
mens solution treated two hours may be due to more — 
complete homogenization of the 8 phase or a deple-— 
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tion of @ nucleation sites. While specimens solution 
treated 1 hr and those solution treated 2 hr had the 
same grain Size, the longer solution time may have 
permitted some annealing out of defects thus reduc- 
ing the density of possible nucleation sites. Cold 
work by compression of solution-treated material, — 
on the other hand, generated additional defects which 
could act as nucleation sites for the formation of a. 

The untransformed border of 8 in Class B struc- 
tures shown in Fig. 8(a@) and 8(b) can be explained by 
the enrichment of that region in chromium and ~ 
vanadium caused by the growth of a on either side: 
at the grain boundaries, allotriomorphs of a formed 
and, in the interior of the grains, plates of a pre- 
cipitated. With the formation of TiCr2 on subsequent 
aging, the depletion of chromium permitted £6 to 
decompose to form the Widmannstatten sideplates 
seen in Fig. 8(c) and 8(d). 
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The Absorption and Effusion of Hydrogen in 


Alpha Iron 


Rates of absorption and effusion of hydrogen in solid iron 
were measured by a Sieverts type of apparatus. With clean a 
iron these rates are diffusion controlled down to 420°C and are 


represented by the equation 


D = 6.70 x 1072 TK omy? sec-? 


Certain surface impurities can affect these rates at all temper- 
atures. Thin oxide films lower the apparent diffusivity of an- 
nealed iron markedly. Cold-worked iron (75 pct) annealed at 
430°C has practically the same solubility and diffusivity as an- 


nealed iron. 


Tue mechanism of absorption and evolution of hy- 
drogen in solid iron alloys is not fully understood 
despite the large number of investigations on the 
subject. While there appear to be many instances 
of simple solid-state diffusion control of rate, there 
are many cases where investigators have either 
concluded that surface reactions are rate control- 
ling or that some ‘‘nondiffusible’’ hydrogen resides 
in discontinuities. 

The purposes of this research were 1) to develop 
a sound method for studying this absorption and 
evolution behavior, 2) to examine it in pure an- 
nealed iron, and 3) to determine the effects of im- 
portant variables, such as cold work, surface con- 
dition, and composition. This paper relates the 
progress toward these objectives. 

Much of the present knowledge of the movement 
of hydrogen through iron alloys comes from per - 
meability studies which involve the measurement 
of the rate of passage (under steady state condi- 
tions) through membranes of the order of 1 mm in 
thickness. This method is open to question on vari- 
ous grounds. If surface reactions are involved, two 
different surfaces operating under two different 
conditions must be considered. The presence of 
defects in the membrane even of microscopic di- 
mensions may lead to erroneous results. A few 
people have studied evolution of hydrogen into 
vacuum, under carefully controlled (unsteady state) 
conditions, and some of the best diffusivity data 
come from these sources. Most of these methods 
measure rates of evolution only and thus do not 
make a rigorous test for reversibility of behavior. 

It appeared that an ‘‘unsteady state’’ method that 
would permit the measurement of both rates of 
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evolution and absorption under controlled temper- 
ature, pressure, and other conditions would offer 
several advantages. Accordingly the modified 
Sieverts apparatus described below was designed 
and built. 


APPARATUS 


This apparatus is shown in Fig. 1. The sample 
bulb is detailed in Fig. 2. 

Hydrogen of 99.5 pct purity and argon of 99.99 pct 
purity were used. The hydrogen was deoxidized and 
dried by means of a Deoxo unit followed by a ‘‘Dri- 
erite’’ tower. The argon was only dried. 

The gas burette was graduated in tenths of a cubic 
centimeter, and, with the aid of a travelling magni- 
fier, readings could be estimated to the nearest 
0.01 cc. The level of mercury in the burette was 
adjusted by means of a leveling bulb operated by a 
fine screw adjustment. An electrical system, con- 
sisting of two slightly separated platinum electrodes 
inserted in one leg of the manometer and a small 
light bulb was used to obtain rapid accurate adjust- 
ment of the pressure. 

The capillary tubing of the Vycor sample bulb 
was 3 mm bore as was all tubing back to the gas 
burette. The samples were discs made from 
vacuum-melted Ferrovac-E iron of greater than 


NWO VOLT A.C. 
TEMPERATURE CONTROLLER- RECORDER 
ABSORPTION BULB (SAMPLE) 
BALL & SOCKET JOINT 

GAS BURETTE 

MERCURY LEVELING BULB 
MERCURY MANOMETER 
DRYING TOWERS 

. DEOXO UNIT 


VACUUM LINE 


© WN 


TUBE FURNACE 
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_Fig. 1—Apparatus 
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Fig. 2—Cross section of absorption bulb, drawn to scale. 


99.9 pct purity, from the Crucible Steel Co. The 
discs were 0.270 + 0.001 in. thick and 1.450 

+ 0.001 in. in diam and were finished on fine 
metallographic polishing paper to a smoothness 
of 4 to 5 uw “‘RMS.’’ Eight discs totalling 450 g 
were used. Several very small indentations were 
made on each disc which held them apart by 0.03 
to 0.04 in. 

The resistance tube furnace was controlled to 
+0.3°C by a Leeds and Northrup D.A.T. controller- 
recorder and a Pt-Pt 10 pct Rh thermocouple. The 
thermocouple was at the end of the bulb, correc- 
tions being made for difference in location of 
samples and thermocouple. 


PROCEDURE FOR ANNEALED ALPHA IRON 


Absorption runs were made at 378.5 mm Hg, and 
temperatures of 315°, 420°, 523°, 627°, and 726°C. 
Before each run the system was evacuated and the 
sample was outgassed at 825°C for approximately 
12 hr and then cooled to the working temperature 
where it was held for at least 1 hr. The sample 
bulb was then closed off from the rest of the sys- 
tem by a stopcock, hydrogen was admitted to the 
gas burette, and the pressure in the burette system 
was adjusted to 378.5 mm. The level of the mercury 
in the burette was read, the stopcock next to the 
sample bulb was opened to admit hydrogen to the 
bulb, and the timer was started. As the iron ab- 
sorbed hydrogen, the pressure was held constant 
at 378.5 mm by continuously adjusting the mercury- 
leveling bulb. Simultaneous readings were taken of 
the time elapsed and the cumulative volume of gas 
used out of the burette. The temperature of the gas 
in the water-cooled burette was measured by a ther- 
mometer enclosed in the water line. The specimens 
reached equilibrium in times ranging from 1400 to 
3000 sec and the runs were continued for at least 
an additional 3000 sec. 

Corrections for ‘‘dead volume’’ and ‘‘leakage’’ 
through the Vycor tube had to be made to the raw 
data in order to determine the amount of hydrogen 
actually occluded by the iron at any time. The 
‘‘dead volume’’ was determined with argon. The 
total ‘‘leakage’’ was determined at the end of each 
run by extrapolation of the later straight part of the 
time-volume plot to zero time. This leakage was 
prorated and subtracted from each of the readings. 
Leak rates found in regular runs were similar to 
those through an empty Vycor bulb and were about 
0.04 cc per 1000 sec at 315°C and about 0.14 cc per 
1000 sec at 726°C. Solubilities were readily ob- 
tained by subtracting dead volume and cumulative 
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Table |. Solubility of Hydrogen at 378.5 mm Hg 
in Annealed Iron at 315° to 726° C 


Temp., °C Solubility, cc H, at S.T.P. per 100 g Fe 
This Reseaich Armbruster’ 
726 
627 0.926 0.929 
523 0.576 0.573 
420 0.295 0.306 
315 0.125 0.127 


leakage from the volume absorbed after the final 
steady state was reached. 

Effusion runs were made at 430°, 627°, and 
726°C. At the two higher temperatures they were 
made by saturating the sample with hydrogen at 
747 mm Hg and then allowing hydrogen to effuse 
at a pressure of 378.5 mm. At 430°C the accuracy 
of the runs was much improved by effusing at 
250 mm Hg. The procedure was similar in prin- 
ciple to that of the absorption runs except that the 
operations were performed in reverse. The ‘‘dead 
volume’’ for effusion was the result of the expan- 
sion of the nonoccluded gas in the sample bulb from 
747 to 378.5 mm Hg (or 250 mm) and was measured 
using argon. The hydrogen leakage through the bulb 
was added for the effusion runs rather than sub- 
tracted. 

It was well established that the same solubility 
figure was obtained, regardless of whether the 
equilibrium was approached from the high or the 
low side. 


Runs 1 through 19 were made with the one sample 
and sample bulb, runs 20 through 30 with a second 
sample assembly, and runs 17M and 18M with a 
third. For each new sample it was necessary to 
carry out several hydrogen absorption and effusion 
treatments in succession before the sample became 
sufficiently stabilized to give reproducible results. 
It was believed that this was due to impurities 
(mainly oxygen) on the surface of the specimens. 
By means of this solution, values of Ey and ¢ taken 
from the experimental data can be used to calcu- 
late D. The assumptions of the method are: 

1) D does not vary with concentration. 

2) The sample has an initially uniform concen- 

tration. 

3) Surface composition is constant throughout the 

run. 
The validity of the first assumption should be good 
for such dilute solutions. Assumption No. 2 is valid 
for all practical purposes. The constant pressure 
conditions of our runs make the validity of No. 3 
possible, but the best test for the validity of all 
three seems to be the degree of consistency of the 
calculated results. 


SOLUBILITIES IN ANNEALED ALPHA IRON 


Solubilities were determined from the runs at 
315°, 420°, 523°, 627°, and 726°C, and at a pres- 
sure of 378.5 mm Hg. The experimental values 
are contained in Table I and compared with the 
generally accepted solubilities of Armbruster, as 
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calculated from her formula.’ The close agree- 
ment indicates that the techniques employed are 
good. 


CALCULATION OF DIFFUSION COEFFICIENTS 
OF ANNEALED ALPHA IRON 


Apparent diffusion coefficients were calculated 
by making use of Newman’s’ solutions for Fick’s 
second law of diffusion. His solutions, as applied 
to hydrogen diffusing at constant pressure into or 
out of finite cylinders involve a combination of the 
solutions for the infinite cylinder and the infinite 
slab. In these solutions, the relative concentration 
E, is found to be a series function of the dimen- 
sionless time variable, Dt/a’: 


E = f (Dt/a’) [1] 


where D is the diffusion coefficient, is time, @ is 
the radius of a cylinder or the half-thickness of a 
slab, and E is defined as: 


E = (Cy— Ce)/(Co- Ce) [2] 


where C, is the average concentration at time /, 

C. is the equilibrium concentration, and C, is the 
initial concentration of the sample. Newman’’® sup- 
plies in tabular form corresponding values of E and 
Dt/a* for the solutions for the infinite slab and the 
infinite cylinder and gives the solution for a finite 
cylinder, as the product of the solutions for the in- 
finite slab and the infinite cylinder, namely: 


E for finite cylinder = Ej, = Es X Ec. [3] 


The method of calculating apparent diffusion co- 
efficient involved the preparation of a master graph 
which applied to our finite cylinders, with half- 


thickness (a,) of 0.343 cm and radius (a,) of 1.84 cm. 


This was done as follows: a pair of values of E, and 
Dt/az for the infinite slab was taken from Newman’s 
table. The Di/a? value was multiplied by the con- 
stant a2/a2 = (0.343)?/(1.84)? = 0.03467 to give a 
corresponding value of Dt/a2. This Dt/a? value 
was used in turn to find from Newman’s table the 
corresponding values of E, for an infinite cylinder. 
This E, value was multiplied by the E, value, from 
the first pair, to give an E;, value for our sample. 
Such a calculation was made for each of the values 
of Dt/az in Newman’s table® and the resulting values 
of Ef, were plotted on a logarithmic scale vs the 
corresponding Dt/a?, values on a linear scale. This 
form of plot is valid because in the solution of the 
diffusion equation E is related to Dt/a® in this ex- 
ponential manner. This master graph, shown in 
Fig. 3, gives values for the solution of Fick’s sec- 
ond laws for discs with the dimensions used in 
this research. This master graph was used in 
calculating values of D from experimental data 
in a manner described below. A slight variation 
of this graph was also used for testing for diffusion 
controlled behavior. 

In a calculation of D from a point on the experi- 
mental absorption and effusion curves the first 
step was to evaluate Ey, for that particular time 
point (¢). For absorption, Es, is given by the sim- 
plified expression: 


828-VOLUME 218, OCTOBER 1960 


Efe 


O8F 4 


O 2 4 6 8 Ke) 
Dt /aé 


Fig. 3—The relative concentration as a function of the 
dimensionless time variable for a sample with the dimen- 
sions used in this investigation. 


amount of hydrogen absorbed at time ¢ 
Efe = [4] 


total amount absorbed in reaching equilibrium 


and for effusion E;, is given by: 


Exe Ei eos amount of hydrogen effused in time ¢ [5] 


total amount effused in reaching equilibrium 


These Ey, values were then used in conjunction 
with Fig. 3 to find the corresponding value of 
Dt/a%. Substitution of the known time (¢) and slab 
half-thickness readily yielded the value of D. 

Many experimental points were obtained for each 
run. However, it was only necessary to use about 
ten of these points to calculate a sufficient number 
of values of D. Points near the beginning and 
toward the end of the run were not used as these 
gave less consistent results, as would be expected. 

Fig. 4 shows the theoretical line for a diffusivity 
of 1.70 x 10°* sq cm per sec for samples of our 
dimensions at 523°C and shows experimental 
points from runs 7 and 18 at this temperature. 

The dotted line indicates, for comparison, the 
theoretical curve for a diffusivity of 1.65 x 1074 
sqcm per sec. This illustrates the precision with 
which D could be determined. 

These methods of calculating D, when applied to 
all good runs, yielded the results summarized in 
Table II, and illustrated in Fig. 5 where the aver- 
ages of the absorption runs and the effusion runs 
at each temperature are plotted separately. 
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Table II. Diffusion Constants for Hydrogen in Annealed @ Iron 


Temp., Run Dx 10* 


AG No. in cm?/sec Remarks 
725 4 IAD Absorption (bulb No. 1) 
5 2.20 Absorption (bulb No. 1) 
6 22D Absorption (bulb No. 1) 
21 225 Absorption (bulb No. 2) 
22 2.20 Effusion at 378.5 mm Hg 
Ay. 
627 11 2.00 Absorption 
12 1.99 Absorption 
2.00 Absorption 
14 2.01 Absorption 
30 2.02 Effusion at 378.5 mm Hg 
Av. 2.00 
523 7 1.70 Absorption 
18 Absorption 
Av. 1.70 
420 9 1.29 Absorption 
10 1.31 Absorption 
19 1.35 Absorption 
Av. 1.32 
430 17M 1.24 Effusion at 250 mm Hg (bulb No. M) 
18M 1.39 Effusion at 250 mm Hg (bulb No. M) 
Av. 
7315 24 0.08 Absorption, D based on solubility for run 25 
25 0.10 Absorption 
26 0.06 Absorption, D based on solubility for run 25 


Best value 0.10 


SIGNIFICANCE OF WORK ON ANNEALED 
ALPHA IRON 


The reproducibility and consistency of the results 
from both absorption and effusion runs were good at 
all but the lowest (315°C) temperature. At 726° and 
627°C the absorption and effusion points in Fig. 5 
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Fig. 5—Variation of diffusivity with the reciprocal of the 
absolute temperature. 
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Fig. 4—Sample plot of relative concentration as a function 
of time. Theoretical line for D = 1.70 x 10~4 is solid; for 
D =1.65 x 10-4 dashed. Experimental points from runs 7 
and 18 (523°C) are shown as crosses and circles, re- 
spectively. 


coincide. Since the volume of gas absorbed by the 
iron at 315°C and 0.5 atm is quite small the ac- 
curacy was poor at this temperature. Although it 
was realized that the degree of precision at this 
temperature could be much improved by modifying 
the apparatus to work at a lower pressure, this was 
not done. Since the results at 315°C were not ob- 
tained under optimum working conditions they were 
not considered to be fully reliable and thus were 
not plotted. 

The best straight line representing these points 
(with due regard to somewhat lower accuracy at 
420°C) corresponds to the equation 


D= [6] 


where D is given in sq cm per sec and T is the 
temperature in °K, 

Eq. [6] is in reasonably good agreement with the 
often quoted one from Sykes, Burton, and Gegg’*; 


Dene [7] 


whose calculations were based on Sieverts’® and 
Fowler and Smithells’® solubility figures and on 
permeability data from Smithells and Ransley’” and 
Borelius and Lindblom. Geller and Tak-ho Sun® 
used Bennek and Klotzbach’s” permeability data 
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Fig. 6—Apparent diffusivity of 75 pet cold-worked iron and oxidized annealed iron at 430°C vs time of holding. 


and give an equation yielding somewhat higher D 
values in our temperature range. Stross and 
Tompkins,” and Eichenauer, Kunzig and Pebler” 
in very recent work measuring rates of effusion 
into vacuum found 


D = 8.85 x 5/7 Stross and Tompkins 
10, 


Eqs. [7], [8], and [9] are illustrated in Fig. 5 for 
comparison. 


The fact that practically identical values of D 
obtained for both absorption and effusion in our 
work definitely establishes the reversibility of be- 
havior of hydrogen in our a iron above about 400°C. 
This and the consistency of our results with New- 
man’s solutions of the diffusion equation (see Fig. 4) 
are strong evidence that both absorption and ef- 
fusion were indeed diffusion controlled in this tem- 
perature range and that Eq. [6] is a good represen- 
tation of the diffusion coefficient of hydrogen in 
annealed a iron. 

The question then arises as to why the equation of 
Sykes, Burton, and Gegg, and that of the present 
authors differ so much from the recent results of 
Stross and Tompkins’.** Stross and Tompkins 
claim to find no significant deviation from diffu- 
sion control down to 150°C, which conclusion is 
at variation with the reports of many other 
workers.”*°** While evolution into vacuum by 
their technique might be expected to reduce sur- 
face reaction influence to a minimum, their method 
is open to question on several counts. Results 
based on evolution alone do not allow tests for re- 
versibility. ‘‘Nondiffusible’’ hydrogen has been 
shown to be a factor with certain types of quench 
after charging with hydrogen.*® Although the in- 
fluence of surface reactions and ‘‘nondiffusible’’ 
hydrogen was certainly not great in Stross and 
Tompkins’ work it may have been sufficient to give 
somewhat low values for diffusion coefficients, 
particularly at the lower temperatures. After the 
main body of our work was done the apparatus was 
modified to give a ten-fold increase in accuracy at 
315°C. A polished and deoxidized sample gave an 
apparent D value coinciding with the Stross and 
Tompkins line. However after five successive 


[8] 
[9] 


Eichenauer ef al. 
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oxidation-reduction treatments were made to in- 
crease the effective surface area the apparent D 
value was raised to 8.4 x 107° cm” sec”* which was 
well above Stross and Tompkins’ line but still 
somewhat below our extrapolated line. This indi- 
cated that surface reactions do indeed play a role 
in this temperature range. Obviously more work 
needs to be done in the low-temperature range and 
at different pressures in order to establish a sound 
basis for future research on the effects of cold 
work, composition, and so forth. 

Newman’s final solutions to the diffusion equa- 
tions are identical with the solutions from other 
sources used by Stross and Tompkins." Stross 
and Tompkins, and certain other workers™*~* using 
vacuum evolution, have simply used these solutions 
in a differential form. 

No effect of grain size was observed. Several 
authors”»*”»*® have demonstrated that it has no ap- 
preciable effect within extremely wide limits. 


COLD-WORKED IRON 


The same apparatus and the same general method 
were used to study the absorption and evolution be- 
havior of cold-rolled (75 pct reduction of area) pure 
iron at 430°C. 

Since recovery of properties becomes more pro- 
nounced the higher the temperature, low tempera- 
tures are desirable for studying the effect of cold 
work. Since 430°C was the lowest temperature at 
which absorption and effusion had been shown to be 
diffusion controlled this temperature was a sound 
place to start. 

Absorption and effusion runs were made in the 
same manner as with the annealed iron except that 
the effusion runs were all made at about 250 mm 
Hg pressure and the temperature never exceeded 
430°C. Apparent diffusivities (D.) were calculated 
using the method previously described. 

The effect of cold work on rates of absorption 
and effusion at 430°C is illustrated in the highly 
expanded graph in Fig. 6. This graph shows the 
results of successive runs on one sample of 75 pet 
cold-worked iron, held at temperature throughout 
the whole experimental period and never exposed 
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to anything but hydrogen or argon throughout this 
period. The behavior of the cold-worked iron was 
considerably more irregular than previously ex- 
perienced with annealed iron with no history of 
cold work. The early runs show D, values much 
lower than the diffusivity (D) of pure annealed iron 
but these quickly rise in a few runs to be consid- 
erably above D and then fall off to a lower value but 
one still somewhat above D. It was at first thought 
that the initial low values were entirely due to cold 
work and that the rapid rise was probably due to the 
rapid recovery of certain properties at this tem- 
perature. However, it was known from previous 
work that oxygen on the surface of samples caused 
anomalous behavior until it was removed. The ef- 
fect of introducing a small amount of oxygen (9.3 

x 107° g per sq cm of Fe surface) to a previously 
deoxidized annealed sample is also illustrated by 

a series of runs in Fig. 6. The early runs show 
similar low D, values which indicate that any 
newly charged sample has enough oxygen on its 
surface to give low D, values in early runs. (New 
cold-worked samples given a few quick deoxida- 
tions with hydrogen did not show low values in 
early runs.) The maximum values of D, reached 

a few runs later followed by the levelling still later 
are not associated solely with cold- worked iron. 
Something like this behavior is found in the early 
runs on annealed iron and thus it appears to be 
associated either with removal of impurities other 
than oxygen or the possible gradual reduction of the 
total amount of surface by annealing. No great sig- 
nificance is attached to the fact that the final more 
or less steady values of D, are somewhat greater 
than D. Although the calculated accuracy of the 
method would lead one to think these differences 
significant, a careful inspection of the procedure 
showed that the mercury level-sensing device had 
lost a good deal of its sensitivity which might have 
been responsible for such a variation in runs at 
430°C under these pressure conditions. This was 
rectified by modification of the apparatus but it was 
too late to have any effect on this research. Ac- 


cordingly one must conclude that clean 75 pct cold- 
worked iron annealed at 430°C absorbs and effuses 
hydrogen at rates which are for all practical pur- 
poses diffusion controlled and that the diffusivity is 
the same as for annealed iron within experimental 
error. Annealing of companion pieces in argon for 
100 hr showed that the Rockwell B hardness dropped 
only from 67 to about 57 at 430°C. The uncold- 
worked iron showed Rockwell B7. The microscope 
revealed no signs of recrystallization after 190 hr 
at 430°C. Thus the iron was still far from the an- 
nealed state. 

The solubility of hydrogen fluctuated in the early 
runs between 4 pct and 11 pct above that of annealed 
iron but eventually stabilized at about 8 pct above 
that of annealed iron. 

The finding that clean 75 pct cold-worked iron 
annealed at 430°C exhibits absorption and evolution 
behavior practically the same as fully annealed 
a iron is in line with the reports of recent work- 
ers.!° These workers have shown that pure iron 
cold worked to approximately this extent has prac- 
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tically the same hydrogen solubility as annealed 
iron. Hill and Johnson“ have shown very recently 
that a cold-worked Fe-0.16 C alloy has a diffusivity 
of about one magnitude lower than annealed pure 
iron at 250°C and that the diffusivity rises with 
temperature due to annealing effects. However, 
even at 400°C the 60 pct cold- worked Fe-0.16 C 
alloy showed an apparent diffusivity about one- 
sixth that of pure iron. Hill and Johnson postulate 
that the high solubility and low diffusivity of hy- 
drogen in cold-worked steel are due to the severe 
deformation of the pearlite causing a large internal 
surface in the form of cracks and that considerable 
hydrogen is bound to crack surfaces by chemisorp- 
tion. If this hypothesis is true then the similarity 
in behavior between the cold-worked pure iron and 
annealed pure iron at 430°C is not so surprising 
because no pearlite is present. 


THE EFFECT OF OXIDE FILMS 


A short study of the effect of oxide films was 
found necessary to explain phenomena observed in 
newly prepared samples. 

Annealed and deoxidized samples were coated 
with oxide films ranging from 0.2 x 107° to 
10 x 10°° g O, per sq cm of geometric surface by 
introducing the proper volume of O, from the 
burette. Films of increasing thickness up to about 
1 x 107° g O, per sq cm had an increasingly marked 
effect toward lower apparent diffusivities in absorp- 
tion runs. No effusion runs were made. With films 
of greater thickness the effect became erratic and 
tended to disappear. Although this work was only 
of a probing and preliminary nature it clearly 
demonstrated that when hydrogen movement work 
is carried out under conditions where the oxide 
film has not been completely removed, or not held 
at a carefully controlled thickness, the results are 
not likely to be quantitative and comparable with the 
work of other researchers. 


CONCLUSIONS 


1) A useful ‘‘unsteady state’’ method for studying 
the absorption and effusion of hydrogen in iron has 
been developed and proven. This technique is being 
used for further studies in this field. 

2) The solubility of hydrogen in pure qa iron an- 
nealed at 825°C is accurately represented by 
Armbruster’s* formula. 

3) The absorption and evolution behavior of hy- 
drogen in pure clean qa iron at high temperatures 
(above about 400°C) is diffusion controlled and can 
be represented by a diffusion equation of the stand- 
ard form: 


D = 6.70 x 1072 /T 


4) There is some evidence that surface effects 
influence rates of evolution and absorption of clean 
a iron at lower temperatures (below about 400°C). 

5) Even at higher temperatures the presence of 
oxygen or other surface contamination can cause 
deviation from diffusion controlled behavior. Films 
of oxide corresponding to 1 x 107° g O2 per sq cm 
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of polished surface lower the apparent diffusivity 
markedly. 

6) Cold-worked (75 pct) a iron exhibits absorp- 
tion and evolution behavior practically the same as 
annealed a iron at 430°C despite the fact that the 
greater part of the cold-worked hardness remains 
and no microscopically detectable recrystallization 
occurs. 
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The Role of Stress in Hydrogen Induced 


Delayed Failure 


The initiation of localized cracking in hydrogenated high 
strength steel was dependent on the development of a critical 
hydrogen concentration and relatively insensitive to the magnitude 
of the applied stress. The stress was believed to influence the 


delayed failure process by providing the means for grouping the 
hydrogen. On the basis of an assumed distribution law the observed 
changes in the lower critical stress as a function of notch acutty, 


E. A. Steigerwald 
F. W. Schaller 


yield strength, and temperature were predictable over a significant 


vange of these variables. 


Tue phenomenological characteristics of delayed 
failure in high-strength steel have been compre- 
hensively investigated and the behavior has been 
attributed to the strong embrittling action of hydro- 
gen.’-* Delayed failure or, as it is also termed, 
static fatigue, is the most sensitive means of de- 
tecting hydrogen embrittlement since it allows the 
maximum time for hydrogen diffusion during a test.* 

The nature of delayed failure can be aptly de- 
scribed by four parameters which are schematically 
depicted in Fig. 1. The upper critical stress corre- 
sponds to the rupture stress in a conventional notch 
tensile test. The lower critical stress or static 
fatigue limit is the stress below which no delayed 
failure will occur. The incubation period is the time 
required for the formation of the first crack and the 
fourth parameter is the failure time. 

An increase in hydrogen content, notch acuity, or 
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strength level of the material increases the sus- 
ceptibility for delayed failure by decreasing the 
lower critical stress, the incubation period, and the 
time to failure.’’* A decrease in test temperature 
prolongs the incubation. period in accordance with 
the lower diffusion rate of hydrogen, and also de- 


UPPER CRITICAL 
INCUBATION TIME 
a FRACTURE TIME 
J 
a 
= 
LOWER CRITICAL STRESS 
w gistaric FATIGUE LIMIT) 
5 
a 
a 
| | | 
10 100 1000 


FRACTURE HOURS 


Fig. 1—Schematic representation of static fatigue charac- 
teristics of a hydrogenated high strength steel. 
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creases the static fatigue limit over the temperature 
range from +80°F to -50° F.* 

The kinetics of crack propagation in delayed 
failure have been investigated*’® and it has been 
shown that cracking proceeds in a discontinuous 
manner.* The delayed failure process is composed 
of a series of incubations, each followed by in- 
stantaneous but limited crack propagation. There- 
fore, a knowledge of the factors determining the in- 
cubation time would be particularly useful in an- 
alyzing the delayed failure mechanism. 

The initiation of a hydrogen-induced crack is 
believed to be dependent on two factors: a) stress- 
induced diffusion producing an appreciable segre- 
gation of hydrogen in a localized region, and b) 
the basic effect of hydrogen on the material causing 
localized failure, i.e. a crack. The object of this 
investigation was to examine the individual effects 
of stress-induced diffusion and the embrittling 

action of hydrogen in an effort to obtain a clearer 
understanding of the role of ewrces in the delayed 
failure process. 


MATERIAL AND PROCEDURE 


Aircraft quality SAE- AISI-4340 steel was used for 
the investigation. The composition of the steel and 


method of specimen preparation have been previously 


reported. 
Tensile specimens with various notch geometries, 


as indicated in Figs. 2 and 3, were employed for the 
experiments. Types A and B were comparable to 
the normal unnotched and 60-deg V-notch specimens 
used in previous delayed failure studies.’’* The 
specimens designated C, D, and E corresponded to 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


jaiso 


90° NOTCHED TENSILE SPECIMEN 
SPECIMEN TYPE C 


NOTCH RADIUS 0.075" 
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ecometrics for which detailed stress analyses were 
available.” 

Hydrogen was introduced electrolytically and two 
types of charging conditions were employed. For the 
delayed failure studies, specimens were degreased in 
carbon tetrachloride and then cathodically charged in 
a 4 pct sulfuric acid solution at a current density of 
0.02 amp per sq in. Following charging, the speci- 
mens were washed in water and cadmium plated ina 
sodium cyanide-cadmium oxide bath for 15 min at 
20 amp per sq ft. In order to homogenize the hydro- 
gen distribution, the specimens were baked for vari- 
ous times greater than 1/2 hr at 300°F in an air 
furnace. Previous work * has indicated that with 
baking times in excess of 1/2 hr a uniform hydrogen 
distribution is present and the baking time can be 
used as an effective method for regulating the aver- 
age hydrogen content. 

Tensile tests were performed on specimens which 
had been charged in a solution of 4 pct sulfuric acid 
plus a poison. The poison was a solution of 2 g of 
yellow phosphorus in 40 cc of carbon disulfide and 
was added in the ratio of 10 cc to every 900 cc of 
electrolyte. The specimens were charged for 24 hr 
to obtain a uniform hydrogen content without baking. 
The charging current density which determines the 
hydrogen content under these conditions® was varied 
between 0.005 and 0.20 amp per sq in. Hydrogen an- 
alyses were performed by the Acid Open Hearth 
Committee at the University of Pittsburgh. 

Both the tensile and delayed failure tests were 
conducted with concentrically aligned fixtures. The 
tensile tests were performed in liquid nitrogen at 
a constant crosshead speed of 0.05 in. per min. The 
time between charging and testing in liquid nitrogen 
was in all cases less than 5 min. The static fatigue 
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SPECIMENS CHARGED 24 HOURS IN 4% H2S0q + POISON 
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Fig. 4—Relationship between hydrogen content and current 
density for 4340 steel. 


tests were conducted at room temperature on con- 
stant load, lever arm stress-rupture machines. In- 
cubation times for the initiation of cracking in the 
delayed failure tests were determined by resistance 
measurements.” 


RESULTS AND DISCUSSION 


A basic problem related to the static fatigue of 
high strength steels is the relationship between the 
incubation time and the applied stress. Since the 
incubation period at a given stress is the time re- 
quired for the hydrogen to attain a sufficient con- 
centration to initiate a crack, one would expect that 
at a higher stress less hydrogen would be required, 
hence a shorter incubation time would result. In 
addition, the driving force for diffusion is the stress 
or Stress gradient; therefore, as the driving force 
is increased, the rate of diffusion should increase, 
also leading to a shorter incubation period at higher 
stresses. Since the effect of plastic flow on the 
relationship between stress and incubation time is 
negligible, ~ strain-induced trapping of hydrogen 
does not significantly contribute to the observed re- 
lationship of incubation time to applied stress. In 
an effort to account for the general nature of the 
stress-time relationship the individual factors 
which determine the incubation time, namely the 
relation between stress and hydrogen content re- 
quired for crack initiation and the role of stress in 
influencing the rate of hydrogen diffusion, will be 
analyzed separately. 

A) Relationship Between Stress and Hydrogen 
Content Necessary for Crack Initiation—A normal 
room-temperature tensile test which measures 
some ductility or strength parameter as a function 
of hydrogen content does not yield the desired re- 
lation between the hydrogen content and stress 
necessary to initiate a crack. At room temperature, 
as a reSult of stress-induced diffusion during the 
test, the hydrogen content at the point of crack 
initiation is not known. In addition the stress at 
which the first crack initiates does not normally 
correspond to the stress at which failure of the 
specimen occurs. To determine the stress-hydro- 
gen relationship it is necessary to test under con- 
ditions where the hydrogen content is measurable, 
that is, not altered during testing, and failure of the 
specimen is essentially coincident with the initiation 
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Fig. 5—Effect of hydrogen content (Log Current Density) 
on the ductility of 4340 steel tested at -321°F. 


of the first crack. Such conditions are attained at 
low temperatures. Previous work* has shown that 

at low temperatures the incubation period is pro- 
longed in accordance with the retarded diffusion rate 
for hydrogen. Therefore, at liquid nitrogen tempera- 
ture diffusion during the test, which would alter the 
local hydrogen content, is nil. Also, at temperatures 
below —50°F the incubation time for delayed failure 
is coincident with the fracture time,* 7. e., once the 
first crack is initiated it propagates instantaneously 
producing failure. 

Tensile tests were conducted at -321°F using 
type A specimens which had been charged for 24 hr 
in poisoned sulfuric acid. Percent reduction in area 
was used to indicate embrittlement and the hydrogen 
content was varied by regulating the charging cur- 
rent density. In accordance with previous ly published 
results,® an essentially linear relationship existed 
between the logarithm of the current density and the 
hydrogen content, Fig. 4, for low values of current. 
Above approximately 8 ppm of hydrogen, however, 
the hydrogen content became essentially independent 
of current density. This phenomenon has been dis- 
cussed by de Kazinczy’® who found that the point at 
which the hydrogen content became independent of 
charging current density corresponded to the cur- 
rent at which the specimen failed locally by blister- 
ing or cracking. In this investigation also the point 
at which the hydrogen content as a function of charg- 
ing current density deviated from linearity was 
exactly where irreversible embrittlement (cracks) 
started. 

Fig. 5 shows the effect of hydrogen content, indi- 
cated by the logarithm of current density, on the 
ductility of the high strength steel at -321°F. The 
results indicated that the relationship between hydro- 
gen and the stress necessary to initiate a crack was 
primarily dependent on the hydrogen content. Below 
approximately 5 ppm of hydrogen no embrittlement 
occurs, but when this critical hydrogen content was 
attained a rapid decrease in ductility was encoun- 
tered. The initiation of a hydrogen-induced crack 
(above some threshold stress) was therefore prin- 
cipally dependent on the development of a critical 
hydrogen content. 

Since the basic nature of delayed failure is not 
markedly influenced by temperature,’ the initiation 
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of a crack at room temperature should also be 
dependent on the development of a critical hydrogen 
content. Once above some threshold value, the 
stress in the delayed failure process appears merely 
to influence the rate and degree of hydrogen group- 
ing and does not alter the critical amount required 
for crack initiation. 

B) The Role of Stress- Induced Diffusion— Since, 
as indicated in Fig. 5, the embrittlement due to 
hydrogen is dependent entirely on the development 
of a critical hydrogen content rather than a critical 
interdependent relationship between hydrogen and 
stress, the only manner in which stress would effect 


the induction period would be in its influence on the _ 


rate of diffusion. 


In the analysis of the interaction between a carbon 
or nitrogen interstitial and the stress field of a dis- 
location, Cottrell and Bilby** determined that in the 
initial stages of aging the relationship between in- 
terstitial concentration and time can be represented 


as 
‘A 
= [1] 
where nv = number of solute atoms which arrive in 
time 


_ M, = total number of atoms in solution per 
unit volume, 

diffusion coefficient, k = Boltzmann con- 
stant, 

absolute temperature, a = constant, and 
term dependent upon shear modulus, 
distortion due to interstitial, and the 
strength of the stress field about the 
dislocation. = 


The delayed failure in notched tensile specimens 
of high strength steel has been qualitatively ex- 
plained on the basis of the stress-induced diffusion 
of hydrogen to the region where fracture is initi- 
ated.* If the fracture embryo is considered as a 
blocked dislocation array (cavity dislocations) of 
the type described by Stroh, Cottrell, and others, 
the most effective fracture embryos will be located 
in the region of the elastic-plastic interface near 
the base of the notch, since at this point the macro- 
scopic stresses will be triaxial and have their maxi- 
mum values. At stresses in the delayed failure 
range the embryo must await sufficient hydrogen 
grouping in order to become activated. Several 
mechanisms have been proposed to describe this 
activation process.**"° 

The stress field produced by the applied stress 
acting on the blocked array of dislocations will be 
comparable to the stress field about a dislocation. ** 
It then appears reasonable to assume that for the 
stress-induced diffusion of hydrogen the local hy- 
drogen concentration as a function of time will be 
governed by a relationship similar to Eq. [1], namely 


12,13 


ny = an, [2] 


In this case ny is the number of hydrogen atoms 
at the point of maximum binding energy which ar- 
rive in time t; B is dependent on the distortion of the 
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Fig. 6—Comparison of calculated relationship between ap- 


plied stress and incubation time and experimental data for 
hydrogenated 4340 steel, 230,000 psi strength level. 


lattice due to hydrogen, on the elastic constants and 
the particular external notch geometry; and p is the 
applied stress. The exponent (m) would be different 
from 2/3 as a result of the perturbation of the stress 
field of the dislocation by the applied stress and the 
external notch. 

In order for embrittlement, 7. e., local crack initia- 
tion, to occur , must equal the critical hydrogen 
content (n,.). Hence at a given temperature and notch 
geometry, Eq. [2] can be written as: 


p;t; = constant [3] 


where ?; is the incubation time corresponding to an 
applied stress of p;. On this basis, the incubation 
time as a function of applied stress can be calculated 


“using one experimental point to evaluate the con- 


stant. Despite the fact that the scatter in the incu- 
bation time produces no opportunity to quantitatively 


_ validate the theory, the slopes of the predicted 


curves, Fig. 6, are of the same order of magnitude 
as that shown by the data, as opposed to the very 
strong stress dependency exhibited by the creep 
mechanism of delayed failure. 

On the basis of the previous arguments, the de- 
layed failure process is believed to be dependent 
only on the development of a critical hydrogen con- 
tent. The stress in the failure range influences the 
process primarily through its ability to produce a 
critical amount of hydrogen grouping in the region 
where a fracture embryo exists. 

C) Lower Critical Limit— Assuming that the role 
of stress is primarily one of regulating the quantity 
of hydrogen in the region where fracture is initiated, 
the lower critical stress must correspond to the 
stress below which insufficient hydrogen segregation 
occurs. Aging at a stress below the lower critical 
limit should produce a steady-state hydrogen distri- 
bution and the subsequent incubation time for crack 
initiation above the lower critical stress should be 
reduced. 

In an effort to confirm this point, type B specimens 
(0.001-in. notch radius, 230,000 psi strength level) 
were charged 5 min, cadmium plated and baked at 
300° F for various times. The specimens were tested 
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Fig. 7—Schematic representation of test sequence for de- 
termining effect of aging below the lower critical on the in- 
cubation time. 


according to the sequence illustrated in Fig. 7. The 
samples were aged for approximately 30 min at 
stress A below the lower critical and after this time 
the applied stress was raised to B slightly above 

the lower critical and incubation time f; (B) re- 
corded. This incubation time was then compared to 
that obtained from a specimen which was charged and 
baked concurrently but which did not undergo the 
aging treatment at stress A. 

The results, Table I, indicate that aging below the 
lower critical has decreased the incubation time. 
Variations in the incubation time of the control 
specimens were obtained by varying the baking time 
from 3 to 12 hr. Since the incubation time is the time 
required for sufficient hydrogen build-up to initiate a 
crack, the acceleration indicates that some hydrogen 
segregation has occurred at stresses below the lower 
critical limit. Under steady-state conditions the role 
of stress then appears to be one of regulating the 
magnitude of hydrogen build-up in a localized region. 

The equilibrium distribution of solute atoms ina 
stress field can be satisfactorily described in terms 
of a Boltzmann distribution function provided the 
solute concentration is sufficiently dilute; 


C = Coe U/kT [4] 


where C = interstitial concentration at any point, 

Cy = average interstitial content, 

U = interaction energy between the inter- 
stitial and stress field about the frac- 
ture embryo, 

k = Boltzmann’s constant, and T = absolute 
temperature. 


De Kazinczy™ has also shown experimentally that the 
influence of stress on the equilibrium hydrogen dis- 
tribution at room temperature follows a law of this 
form. The concentration (C) of the hydrogen inter- 
stitial about the fracture embryo should be greatest 
where the interaction energy |U is a maximum. The 
interaction energy is a maximum at a region of maxi- 
mum triaxiality where fracture is first initiated, 
hence theanalysis of the lower critical limit in the 
delayed failure process canbe restricted to this region. 
Considering only hydrostatic components, the in- 
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Table |. Effect of Aging below Lower Critical Limit 
on the Incubation Time 


Incubation Time, Min, Incubation Time, Min, Stress, 1000 ee 


of Control Specimen of Aged Specimen, t,(3) A 
11.05 4.70 100 150 
23.00 8.00 140 180 
22.02 8.47 100 140 
27.86 6.34 100 140 
1.90 0.81 90 110 
132 0.67 70 90 


teraction energy can be expressed as;"? 
U=paAv [5] 


where p is the average hydrostatic stress, 7. é. —1/3 
(Oxy + Oyy + Ozz), and Av is the change in volume pro- 
duced in the lattice by the hydrogen. The stresses 
Oxx, Oyy, and oz, are mutually perpendicular, where o,x 
is the longitudinal stress, and oy, is equal to the 
radial stress at the notch bottom. 

The initiation of a crack is dependent on the de- 
velopment of a critical hydrogen content (C,). At 
stresses below the lower critical no cracking oc- 
curs, hence, less than the critical concentration is 
developed; above the lower critical the concentra- 
tion is greater than the critical amount. At the lower 
critical then, C = C,, and by applying the distribution 
law: 


[6] 


when U represents the interaction energy corre- 
sponding to the position of maximum hydrostatic 
stress. This equation allows an evaluation to be 
made of the influence of notch acuity, strength level, 
temperature, and initial hydrogen content on the 
lower critical stress. 

1) Effect of Notch Acuity—The influence of notch 
geometry on a dislocation array acting as a fracture 
embryo is an important component in the theory of 
fracture. If the notch acuity exerts an influence on 
the dislocation array primarily through its ability 
to concentrate the macroscopic stresses acting on 
the fracture embryo, then the effect of the external 
notch on the delayed failure parameters should be 
predictable. 

With constant initial hydrogen content (C,) and 
test temperature (T), the maximum interaction 
energy | U | should be constant and independent of 
notch geometry at the lower critical stress. As the 
notch acuity increases, the applied stress required 
to develop a given interaction should decrease. At 
the lower critical stress 


= 
Ap 
and 


In C kT = U = constant [7] 


U=—-1/3 (o,,+ Oyy + AV [8] 


Therefore (0,, + Oyy + 0z2)= constant since Av is 
constant and independent of notch geometry. Due to 
the limitations inherent in elasticity theory the exact 
stress state, 7.€., (Ox. + Oyy + Ozz), at the tip of the 
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Fig. 8—Inverse applied stress at the lower critical limit as 
a function of the stress concentration factor calculated by 
relaxation methods. Hydrogenated 4340 steel, 230,000 psi 
strength level. 


microscopic dislocation array cannot be exactly de- 


termined. However, this calculation is not necessary — 


if the term (0,,+ 0,, + 0,,) can be expressed as the 
product of the sum of the three principal stresses 
resulting from the external notch and a constant (W) 
which determines the additional stress concentration 
on a microscopic scale due to the array. Eq. [8] can 
then be written as: 


(Oxx+ Ovy + Ozz) notch (W) = constant [9] 


Since W is basically constant and (6,, + Oy, + 02, 
notch can be stated in terms of the applied stress 
(a, ) at the lower critical limit and an external notch 
stress concentration factor (K;), defined as the ratio 
of the maximum normal stress to the applied stress, 


= constant 


and 
constant 
O4 


A plot of the inverse lower critical stress as a func- 
tion of the stress concentration factor should be 
linear and extrapolate through the origin. 

In order to determine the stress concentration 
factor (Ky) it was necessary to know the maximum 
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Fig. 9—Inverse applied stress at the lower critical limit as 
a function of the stress concentration factor calculated by 
method of Heywood.” Hydrogenated 4340 steel, 230,000 
psi strength level with various notch geometries and hydro- 
gen contents. 


values of the stresses in the notched specimens 
which have undergone only small amounts of plastic 
deformation. Stress analyses which employ relaxa- 
tion techniques for certain notched specimens which 
have been locally deformed plastically have been 
published.” Specimen types C, D, and E (see Fig. 3) 
conform to the particular notch geometries for which 
stress analyses are available. A second, empirical 
method described by Heywood™ for determining the 
stress concentration factor (K;) was also employed. 
Stress concentration factors determined in this man- 
ner allowed a large range of notch geometries to be 
investigated and gave values of Ky which were 
slightly lower than those obtained by relaxation 
techniques. * 


*See Appendix for method employed to obtain stress concentration 
factors. 


Figs. 8 and 9 represent the relationship between 
the stress concentration factor (K;) and the inverse 
lower critical stress. It is apparent that in all cases 
the relationship is linear and can be extrapolated 
through the origin. The interaction energy at the 
lower critical stress is therefore constant and in- 
dependent of notch geometry. The function of the 
notch is merely to enable the critical stress state 
to be attained at different levels of applied stress. 

The influence of initial hydrogen content is also 
apparent in Fig. 9. The results indicate, in accord- 
ance with the predictions of Eq. [4], that increasing 
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Fig. 10—Lower critical stress as a function of notch sharp- 
ness for material of two different strength levels. Speci- 
men type A, hydrogenated 5 min, baked 3 hr at 300°F. ais 
half diameter of Notch Cross Section, y is notch radius. 


the initial hydrogen content caused the lower critical 
stress to decrease. No quantitative correlation can 
be obtained between observed and predicted values 
since the initial quantities of diffusible hydrogen 
(C,) are not known and cannot be readily deter- 
mined from analyses of total hydrogen content. 

2) Effect of Strength Level—On the basis of the 
proposed distribution law, the interaction energy 
which is associated with the critical quantity of 
hydrogen necessary for embrittlement is a con- 
stant and independent of the strength level of the 
material provided that this critical quantity of 
hydrogen does not vary with strength level. On this 
basis 


(Oxx + Oyy + Ozzh = (Oxy + Oyy + Ozz)2 


where the subscripts 1 and 2 refer to material at 
two different strength levels. 

Since plastic flow tends to restrict the maximum 
value of stress which is attainable in a specimen, 
the material of lower yield strength will have less 
stress in the region of maximum triaxiality. In 
order to develop the critical value of the sum of 
the three principal stresses the applied load, i.e., 
the lower critical stress, must be raised. Cor- 
respondingly, as the yield strength of the material 
increases, the stress concentration potential (Kf) 
also increases and a lower applied load (a, ) is re- 
quired for the development of the critical hydrogen 
concentration. 

The influence of strength level on the lower 
critical stress is presented in Fig. 10 for a variety 
of specimen notches. Stress concentration factors 
determined by relaxation methods’ were employed 
(type E specimens with 0.007-in. notch radius) to 
compare the sum of the three principal stresses in 
material of 300,000 psi and 230,000 psi strength 
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Fig. 11—Variations of yield strength and lower critical 
stress as a function of temperature for hydrogenated 4340 
steel, 230,000 strength level. Specimen type A, 0.001 in 
notch radius, baked 3 hr at 300°F after 5 min. charge. 


levels. For the 300,000 psi material the sum of 

the principal stresses was 654,000 psi and for the 
230,000 psi material the value was 644,000 psi. 
This agreement is satisfactory and the constancy of 
the interaction energy was maintained over this 
relatively narrow high strength range. 

Increased yield strength therefore did not alter the 
critical interaction energy but merely allowed this 
energy to be developed at a lower level of applied 
stress. 


3) Effect of Temperature— An analysis of the in- 
fluence of temperature on the lower critical stress 
involves a consideration of three factors: a) the 
relationship between the critical quantity of hydro- 
gen necessary to initiate a crack and temperature, 
b) the yield strength as a function of temperature, 
and c) the influence of temperature on the particu- 
lar distribution law; C = Cye"WYkT, The results of 
delayed failure tests conducted at low temperatures 
indicate that over the temperature range from 70° 
to -95°F the quantity of hydrogen necessary to in- 
itiate, a crack is virtually independent of tempera- 
ture.* On this basis C,/Cy = eU*T = constant, and 
U/T = constant for a fixed total hydrogen content 
(C,). Since U is assumed to be directly proportional 
to the sum of the three principal stresses produced 
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by the external specimen notch: 


(Ox. + 0; 
48 


= constant [11] 
An experimentally obtained value of the lower criti- 
cal limit (100,000 psi at room temperature for 0.001- 
in. radius specimens) was employed to determine the 
value of the constant in Eq. [11]. 

Neglecting the influence of temperature on the 
yield strength, the variation of the lower critical 
limit as a function of temperature was calculated and 
is presented in Fig. 11(0). Since a temperature de- 
crease increases the yield strength and the increased 
yield strength decreases the lower critical stress, a 
correction must be made to account for this factor. 
The yield strength as a function of temperature was 
determined, Fig. 11(a). These results were combined 
with those of Fig. 10 which show the influence of 
yield strength on the lower critical stress and a 
linear correction was made on the lower critical 
limits for the variations in yield strength produced 
by temperature. The calculated relationship of the 
lower critical stress as a function of temperature 
agreed with the experimentally determined values 
down to —50°F. At —95°F the experimental value of 
the lower critical limit was considerably greater 
than that predicted by Eq. [11]; in fact, the value 
was larger than that obtained at the higher tempera- 
tures of —50°F and —-25°F. Although no definite cause 
for this discrepancy has been determined, one pos- 
sible explanation lies in the locking of hydrogen by 
dislocation which occurs at low temperatures.” If 
some locking took place at —95°F the actual value of 
C, (z. e. the quantity of diffusible hydrogen at a given 
stress) would be decreased, and a greater stress 
would be required to develop the critical hydrogen 
concentration. 

4) Interaction Energy— Although several indepen- 
dent methods are available to determine the interac- 
tion energy, the existing data are not sufficient to 
allow this energy to be calculated with any degree of 
certainty. The ratio C,/C») can be used to determine 
|U | from the equation: 


In G/Cy = |U|/rT 


However, neither C, nor Cy, are accurately known. 
The measured hydrogen concentration determined by 
conventional analyses involves hydrogen trapped in 
imperfections as well as that which takes part in 
stress-induced diffusion. 

A calculation of the interaction energy from the 
definition U = pAv is hampered by the fact that cur- 
rently only estimates of Av are available from yield- 
point data on very low carbon steels. The value of 
the average hydrostatic stress (p) is also not avail- 
able since only the macroscopic stress concentration 
is known and not the additional microscopic contri- 
bution (W ). 


SUMMARY AND CONCLUSIONS 


The relationship between the applied stress and 
the time to initiate the first crack in hydrogenated 
high strength steel specimens was analyzed. The 
analysis was based on a separation of the two fac- 
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tors which govern the incubation time, that is, the 
basic relation between stress and hydrogen neces- 
sary to initiate a crack, and the preferential segre- 
gation of hydrogen due to the stress field. 

Above a particular threshold stress, the conditions 
necessary for localized cracking were essentially 
dependent only on the development of a critical hy- 
drogen content. The basic relationship between hy- 
drogen and stress is then virtually insensitive to 
the magnitude of the applied stress in the failure 
range. An analogy was drawn between the stress- 
induced diffusion of carbon and nitrogen to the stress 
field surrounding a dislocation and the stress-in- 
duced diffusion of hydrogen to the stress field about 
a fracture embryo, located at the region of maximum 
triaxiality. On this basis the number of hydro- 
gen atoms which arrived at the critical region 
where fracture is initiated was dependent on the 
stress. A relationship between the applied stress 
and the incubation time was developed, however, 
the scatter in the data was too great to allow a 
critical evaluation of the relationship. 

The lower critical stress was defined as the 
minimum stress necessary to produce sufficient 
hydrogen segregation to initiate a crack. Employ- 
ing this definition and the Boltzmann distribution 
law, the influence of notch acuity, yield strength, 
initial hydrogen content, and temperature, on the 
minimum stress to produce failure was rational- 
ized. 

For a given test temperature and hydrogen con- 
tent, the interaction energy, which is a term de- 
pendent on applied stress, was constant and inde- 
pendent of notch geometry. Increasing notch acuity 
and strength level merely permitted the develop- 
ment of the critical interaction energy at a lower 
applied load; hence, a lower static fatigue limit 
resulted. From room temperature to —50°F the 
influence of temperature on the lower critical limit 
was predicted by considering the distribution law 
and the influence of temperature on the yield 
strength. 


APPENDIX 


Determination of Stress Concentration Factors 
)—1) Relaxation Method —The relaxation method 
applied to the elastic-plastic stress analysis of 
plane strain and axial symmetric cases has been 
described in detail in the literature.”” In the present 
investigation the stress concentration factors were 
determined by duplicating notch geometries for which 
detailed stress analyses are available. 

The type E specimen with a notch of 0.007 in. 
radius and a specimen of diam 0.212 in. yields an 
a/r ratio of approximately 15 where a = half diam- 
eter at notch bottom and 7 = notch radius. Since the 
a/y ratio was equal to that employed by Hendrickson, 
Wood, and Clark” their stress analysis can be di- 
rectly applied to determine that K f Value for this 
type specimen. Fig. 12 represents the maximum 
longitudinal stress as a function of applied stress for 
a hyperbolic notch. The dotted curve represents the 
calculated relationship for plane strain while the 
solid curve is for the axial symmetric case and is 
obtained by reducing the plane strain calculations 
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Fig. 12—Maximum stress as a function of applied stress. 
Ref. 6. 


by 10 pct. This conversion of plane strain to axial 
symmetric conditions has been justified by Hendrick- 
son, Wood, and Clark.” The stress concentration 
factor (Ky) is, by definition, the ratio of the maxium 
longitudinal stress to the applied stress. In speci- 
mens with 7 = 0.007 in. 230,000 psi strength level, 
charged 5 min, plated and baked 3 hr at 300°F, the 
applied stress at the lower critical limit was 125,000 
psi. In this material 0,,.;q¢= 210,000 psi, hence 
Oapplied/Tyield = 125,000/210,000 = 0.595. This ratio 
(0.595) was then used to obtain the o,,,, as indicated 


in Fig. 12. 
therefore 
1.65 


In order to obtain the value of Ay for notches of 
types C and D the stress analyses employed by 
Allen and Southwell® were used. These analyses 
were also based on relaxation techniques. Their 
results, however, were not given as a function of 
applied stress. In order to obtain the exact solu- 
tion for the applied stresses at the lower critical 
limits the elastic solutions of Allen and Southwell 
were relaxed in accordance with the methods they 
describe. The results for notch types C and D are 
presented in Fig. 13. The method of determining 
the value of Ky is the same as that previously de- 
scribed. 

2) Heywood Method—Heywood’s method for de- 
termining the effective stress concentration fac- 
tor (K;) relies on the empirically derived formula: 


K; = K 
1 gy 
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Fig. 13—Maximum stress as a function of applied stress de- 
termined by relaxation methods for notch types D. and C. 


where 
Tepe effective stress concentration factor 


ay stress to failure of unnotched part 
f~ nominal stress to failure in notched part 


poe maximum stress in notch on basis of elasticity theory 
nominal stress based on minimum notch section 


ewes constant which is a function of strength level; for 
strength levels 230,000 - 300,000 psi A = 0.0019 


a =half-diameter value at minimum section 
=notch radius 
Variations in flank angle of the notch were not con- 


sidered. Values of K were determined by Dudley” 
er Neuber™ for very deep notches. 


(inches ) a/r 
0.001 106 10.4 2.99 
0.003 35.3 6.10 2.62 
0.007 15.1 4.05 2.27 
0.020 3.3 2.50 1.83 
0.075 1.3 1.50 nie) 
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The Effect of Hydrogen on the Mechanical Behavior 
of Aged Alpha-Beta Titanium Alloys 


Specimens of Ti-155A (Ti-5Al-1.3Fe-1.3Cr-1.2Mo), Ti-6Al- 
4V and Ti-4Al-3Mo-1V were hydrogenated, aged to high strength 
levels, and subjected to notched stress-rupture tests and tensile 
tests at two strain rates. Both Ti-6Al-4V and Ti-155A were re- 
latively unaffected by hydrogen in amounts exceeding those found 
in commercially-produced material. Inconsistencies in the data 
and a relatively low initial level of ductility prevented an accurate 


determination of the hydrogen tolerance for aged Ti-4Al-3Mo-1V, 


R. A. Nadler 


but there was no evidence that this alloy was any more susceptible 


to hydrogen embrittlement than Ti-155A and Ti-6Al-4V. 


Tue metallurgical literature has been consider- 
ably enriched in the past five years by the publi- 
cation of the results of many investigations which 
were concerned with the effects of hydrogen on 
titanium and its alloys. Although it is not the 
authors’ intention to provide a complete literature 
survey of this vast field, it is worthwhile to sum- 
marize briefly some of the important factors which 
influence the embrittling phenomenon in a - f 
alloys. 

Some of the influencing factors are those of 
strain rate, temperature, and composition. Hydro- 
gen embrittlement in a - § titanium alloys is now 
believed to be a strain-induced phenomenon, and 
whether or not embrittlement occurs at high hydro- 
gen levels depends largely upon whether sufficient 
time is available for hydride precipitation. This 
condition is fulfilled by tensile testing at very slow 
strain rates or by rupture testing smooth or, pre- 
ferably, notched specimens over relatively long 
periods. Conveniently, maximum embrittlement 
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- occurs at or near room temperature. The presence 


6 - stabilizing elements, in amounts sufficiently 
small to prevent an all -8 or nearly all -8 condi- 
tion, promotes hydrogen embrittlement and this 
tendency is believed to be related to the amount 

of a - # interfacial area present. Aluminum, by 
increasing the solubility of hydrogen in a titanium, 
greatly reduces the danger of hydrogen embrittle- 
ment, while oxygen has been shown to have detri- 
mental effects.* 

The preceding discussion is based on experi- 
mental work performed on annealed a - £ alloys. 
This early work has shown that annealed Ti-6Al-4V 
and Ti-155A are relatively insensitive to the embrit- 
tling effects of hydrogen.’ Although no work has been 
reported on annealed Ti-4Al-3Mo-1V, the alloy would 
be expected to exhibit somewhat the same insensitiv- 
ity as Ti-155A. 

In sharp contrast to the voluminous literature on 
annealed titanium alloys is the paucity of reported 
investigations on materials receiving commercial 
heat-treatment cycles. To date, the most notable 
contributions in this field have arisen from two 
separate investigations on Ti-3Mn-1Fe-1Cr-1V-1Mo, 
the so-called 3Mn complex.” These investigations 
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Table |. Ingot Analyses for Test Materials 


Alloy Form Al, Pct Fe, Pct Cr, Pct Mo, Pct V, Pct CG. Pet N,, Pet H;,, Pct 
Ti-155A 5/8-in. bar 5.05 1.35 eT, 1.24 = 0.025 0.044 0.005 
Ti Al-4V 5/8-in. bar 6.0 0.11 = 4.2 0.016 0.010 0.003 
Ti-6Al-4V 0.060-in. sheet 5.8 0.11 - 3.9 0.014 0.011 0.003 
Ti-4A1-3Mo-1V 0.060-in. sheet 4.6 0.07 3.1 WP 0.019 0.011 0.003 


showed that hydrogen, in amounts less than the 150 
ppm maximum now specified for titanium bar stock, 
could seriously embrittle this alloy. As little as 90 
ppm hydrogen embrittled the Ti-3Mn complex in 
notched stress-rupture tests when the alloy was 
heat treated to 175,000 psi ultimate tensile strength. 

In view of the increased use of heat treatments 
for titanium alloys in the last few years, the present 
investigation was originated to provide similar in- 
formation on three commercially-available alloys: 
Ti-155A, Ti-6Al1-4V, and Ti-4Al-3Mo-1V. 


EXPERIMENTAL PROCEDURES 


All materials were taken from commercially mel- 
ted and fabricated ingots. The forms and analyses 
of the alloys are given in Table I. 

Unmachined test pieces were degassed and rehy- 
drogenated at 1300°F in a Sievert’s apparatus mo- 
dified to perform both operations. The samples 
were slowly cooled from the hydrogenation temper- 
ature to 750°F, air cooled, and homogenized in air 
at 1300°F for 16 to 24 hr before receiving the heat 
treatments indicated in Table II. Clean turnings 
from the bar specimens and samples from the sheet 
specimens were obtained and submitted for indivi- 
dual hydrogen analyses. Since all the specimens for 
a given alloy were ingassed to a given hydrogen level 
simultaneously, and since the hydrogen analyses of 
the individual specimens at the given levels were 
almost identical, average, rather than individual, 


hydrogen analyses are reported. All sheet specimens 
were sand blasted to remove the scale and 4 to 6 mils 


were removed from the sheet thickness by acid pick- 
ling before any tests or analyses were made. 

One-inch gage length, 0.250-in.diam tensile speci- 
mens were machined from the Ti-6Al1-4V and Ti- 
155A bar stock. Bar specimens for rupture testing 
contained a 60-deg notch with a root radius of 0.010 
in.; the area under the notch was one-half the area 
of the smooth portion of the gage section. The Ti- 
6A1-4V and Ti-4Al-3Mo-1V sheet tensile specimens 
were of standard configuration (0.500 in. wide with 
a 2 in. gage length). Sheet-rupture specimens con- 
tained a 60-deg notch with a 0.020 in. root radius 
and the area under the notch was one-half the area 
of the smooth portion of the gage section. Both the 
bar and sheet notched specimens possessed theoret- 
ical notch concentration factors, K:, of 3. 


Table Il. Heat Treatments for Test Materials 


Alloy Heat Treatment 
Ti-155A 1700°F (1 hr) WQ + 1100°F (8 hr) AC 
Ti-6Al-4V bar 1750°F (1 hr) WQ + 900°F (8 hr) AC 


Ti-6Al-4V sheet 
Ti-4Al-3Mo-1V 


1700°F (4% hr) WQ + 900°F (24 hr) AC 
1650°F (% hr) WQ + 900°F (24 hr) AC 
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Tensile testing was performed at each of two strain 
rates for each alloy and hydrogen level. Both pro- 
cedures involved strain pacing the specimens at 
0.005 in. per in. per min until past the 0.2 pct off- 
set yield strength. Following this, the crosshead 
speed was altered so that either a 0.005 or a 0.05 
in. per in. per min strain rate was maintained from 
the yield through fracture. Past experience showed 
that, on the screw-powered universal testing machine 
used, the crosshead speed is almost the same as the 
strain rate once a specimen has pass its yield strength. 

In lieu of reduction of area measurements on the 
sheet tensile specimens, these specimens were grid- 
ded with light marks 0.1 in. apart along their gage 
sections. After testing, specimen halves were fit- 
ted together and the elongation in 0.2 in. across the 
fracture was measured. This ‘‘local elongation”’ 
figure, which has been found to give a reliable indi- 
cation of reduction of area for sheet, was then used 
instead of reduction of area for the sheet specimens. 

Rupture testing of the notched specimens was per- 
formed in stress-rupture machines of conventional 
construction. Notched bar specimens were stressed 
to 110 pct of their unnotched tensile strength and held 
for 100 hr. The stresses were increased in small 
steps and maintained for 100 hr at each level or un- 
til failure occurred. Notched sheet specimens were 
tested in a similar manner except that testing be- 
gan at 90 pct of the unnotched tensile strength. 

@-Ti-155A, 0.05 inch per inch per minute 
O-Ti-155A,0.005 
A-Ti-6AI-4V,0.05 
A-Ti-6AI-4V,0.005 
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Fig. 1—The effect of hydrogen on the tensile properties of 
Ti-155A and Ti-6Al-4V bar. at 
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Fig. 2—The effect of hydrogen on the tensile properties of 
Ti-6Al-4V and Ti-4Al-3Mo-1V sheet. 


RESULTS AND DISCUSSION 


The results of the tensile tests performed on the 
four materials under investigation are plotted in 
Fig. 1 and 2. 

Only a small decrease in reduction of area (from 
about 57 to 50 pct) was observed in Ti-6Al1-4V bar 
at the 334 ppm level and sheet of the same composi- 
tion was unaffected to at least 240 ppm. Of the three 
alloys under investigation, Ti-6Al1-4V was outstand- 
ing in its tolerance for hydrogen. The superiority 
of this alloy may be a result of its higher aluminum 
content and the fact that vanadium has a higher tol- 
erance for hydrogen than do the eutectoid formers, 
iron and chromium. However, direct comparisons 
with the other alloys were not always possible be- 
cause of differences in aged strength levels. 

The reduction in tensile ductility for Ti-155A and 
Ti-4Al-3Mo-1V at about 145 ppm hydrogen appears 
to be associated with tensile strengths which are 
considerably higher than those obtained in Ti-6Al1-4V. 
Ti-155A and Ti-4Al-3Mo-1V are capable of being 
heat treated to strengths which are about 30,000 psi 
higher than the highest strengths found in Ti-6Al-4V. 
The reduction in local elongation shown for Ti-4Al- 
3Mo-1V in Fig. 2 occurred between the 100 and 150 
ppm hydrogen level as the tensile strength approach- 
ed 200,000 psi. The observed elongation values are 
representative of the Ti-4Al-3Mo-1V alloy at these 
very high strengths and do not appear to be affected 
by hydrogen. 

Maximum aged strength for Ti-155A reached a 
peak near the 200 ppm level, after which strengths 
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Table Ill. Notched Stress-Rupture Test Results for Hydrogenated Alloys® 


Ti-155A Bar 
H,, Ppm 53 137 190 321 
UTS,Ksi 179 191 189 181 
Applied Stress, 
Pct of Unnotched 
Tensile Strength 
110 Pp P 
117 P P 
120 P pb =p P 
125 Pp 
P 
130 Pp 712.8 
135 
Ti-6Al-4V Bar 
H,, Ppm 51 133 29 3354 
UTS, Ksi 164 168 171 171 177 
Applied Stress, 
Pct of Unnotched 
Tensile Strength 
110 Pp Pp Pp Pp P 
120 Pp Pp P P P 
125 P 
130 P Pp P P 85.7 
135 Pp Pp 
140 P 0.6 5.0 
142 P 
145 P 
147 Pp 
Ti-6Al-4V Sheet 
H,, Ppm 45 95 121 176 192 242 
UTS, Ksi 155 159 163 169 = 173 177 
Applied Stress, 
Pct of Unnotched 
Tensile Strength 
90 Pp Pp Pp Pp Pp Pp 
95 P P P P P 19.84 
97 Pp Pp Pp Pp Pp 
100 Pp Pp P Pp Pp 
105 P. Pp P P P 
110 Pp P P Pp P 
112 Pp 
115 Pp Pp P Pp 37.5 
117 P P P P 
120 P P 46.2 1.4 
19 88.1 12 
125 
Ti-4Al-3Mo-1V Sheet 
H,, Ppm 15 44 60 98 147) 2253 
UTS, Ksi 189 191 190 194 195 197 
Applied Stress, 
Pct of Unnotched 
Tensile Strength 
90 P P Pp Pp Pp Pp 
95 Pp 62.4 Pp 23.1 
97 10.7 17.3 


*Hours to failure at indicated stress level. 

P—Specimen passed 100 hours testing without failure. 
>Specimen broken accidentally during unloading from this stress. 
©Specimen failed on loading. 
dSpecimen failed at hole. 


were reduced with increases in hydrogen. No firm 
explanation can be given for this phenomenon, but 
the answer may be connected with the effect of hy- 
drogen, a 8 stabilizer, on the aging cycle or a change 
in the partitioning of hydrogen between the a and 8 
phases. 

Only single curves were drawn through the data 
points in Fig. 1 and 2 because the test specimens 
were virtually unaffected by strain rate, probably 
because the differences in strain rate were not too 
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180 = 
x 


great. Furthermore, it is known that hydrogen can 
alter the transition temperature for some alloys. 
Differences in properties, and ductility differences 
in particular, could probably be detected by tensile 
testing at the 0.05 and 0.005 in. per in. per min 
strain rates at temperatures slightly above or be- 
low room temperature. 

The notched stress-rupture data are tabulated in 
Table III. In no instance did metallographic examina- 
tion of the strained areas of the stress-rupture sam- 
ples reveal evidences of a hydride phase. For the 
bar alloys at hydrogen levels up to 176-190 ppm, the 
stresses required for rupture in 100 hr are very 
nearly the notched tensile strength.* At and above 
these levels some reductions in life occur, but these 
are not regarded as serious because of the high 
stress levels at which failure occurred and the fact 
that drastic reductions in stress-rupture life were 
not observed until the hydrogen content was near 
the 300 ppm level. It is concluded that no prema- 
ture service failures of aged Ti-6Al-4V and Ti-155A 
bar should occur as a result of hydrogen, since the 
stress-rupture lives of these alloys were markedly 
shortened only when the hydrogen level was above 


that found in commercially-produced titanium alloys. 
The stress-rupture data for Ti-6Al-4V sheet 
generally confirm the data obtained from bar of the 
same alloy. Shortening of the rupture life of the 
sheet becomes noticeable between 121 and 176 ppm. 
However, since material containing 176-334 ppm 
still passed the 100-hr rupture tests at high notched 
tensile stresses, the effects of hydrogen on heat 
treated Ti-6Al-4V and Ti-155A may not be important 
under normal operating conditions. The stress-rup- 
ture data for the Ti-4Al-3Mo-1V alloy do not indi- 
cate any greater susceptibility to hydrogen embritt- 
lement than do the slow-speed tensile test data. 
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Structure and Properties of Titanium-Rich 


Titanium-Nickel Alloys 


The constitution and mechanical properties of heat-treated 
alloys containing up to 10 pct* Ni in Ti have been investigated. 
The effects of quenching and of various isothermal treatments 
are described, and C-curves are presented. The production of 
the precipitated and the martensitic hexagonal phases on quench- 


ing is discussed. 


Manrcoumn, Ence, and Nielsen’ have determined 
the titanium-nickel phase diagram. A study of the 
transformations in gas-quenched and tempered 
powder specimens was made by Polonis and Parr. 
Some isothermal transformation work was carried 
out by Margolin and Bunshah,* who determined trans- 
formation curves for 4 and 6 wt pct alloys, while 
Robinson et al.* investigated the formation of the w 
phase in a quenched and tempered alloy, 

Margolin and Bunshah® showed that while a mar- 
tensitic transformation could be obtained on quench- 


2 


*Unless otherwise stated, all percentages are atomic. 
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ing thin sections of a 4 wt pct alloy, a 6 wt pct alloy 
precipitated a nonmartensitic phase. 

The present investigation was undertaken to ob- 
tain more information on the transformations in 
quenched, quenched and tempered, and isothermally 
transformed lump specimens of alloys containing up 
to 10 pct Ni. Isothermal transformation curves 
have been determined for 7 and 10 pet alloys and 
cooling curves have been obtained for quenched al- 
loys containing up to 7 pet Ni. The mechanical prop- 
erties of 2, 5, and 10 pct alloys were studied, with 
the object of relating properties to microstructures. 


EXPERIMENTAL METHODS 


Alloys containing up to 10 pct Ni were prepared 
from sponge titanium and spectrographic standard 
nickel by levitation-melting and chill-casting in a 
split copper mold. The 5 and 10 pct alloys were pre- 
pared from sponge Ti having an as-melted hardness 


_ of 115 Vpn. The other alloys were made from a sec- 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


900 
we 
| 
i} ~ 
by | Fig. 1—Thermal 
lu arrest tempera- 
\ tures for quenched 
< alloys containing 
et 5 up to 7 pet Ni. 
Martenstic @ 
Non-marténsitic O 
300 
.@) 2 4 6 8 


ATOMIC PER CENT NICKEL 


ond batch of sponge which had a hardness of 105 Vpn. 
Ingots of 20 to 25 g weight, 1/2 in. diam by 1 1/2 in. 
long, were prepared. The alloys were heated ina 
vacuum of 10 *mm Hg, and rolled in air to 1/4-in. 
diam rod in a small six-pass rolling mill. Usually 
two intermediate heating operatings were necessary 
during rolling. 

Specimens for metallographic examination and 
tensile testing were machined from the rod. The 
metallographic specimens were of the same diam- 
eter as the gage section of the tensile specimens, 
namely 1/8 in. This ensured a uniform quenching 
rate for all specimens. The tensile specimens were 
tested in a Hounsfield Tensometer, using a straining 
rate of 0.016 in. per min. Measurements of reduc- 
tion in area at the fracture, and elongation (over the 
entire specimen length of 1 in.) were taken. Diamond 


pyramid hardnesses were obtained with a Tukon 
tester using a 1-kg load. 

A rapid quench was achieved by using the ap- 
paratus described below: 

A conventional resistance wound tube furnace is 
suspended on bearings so that it can be rotated from 
the horizontal to the vertical position. Water- cooled 
brass ends are attached to the tube with vacuum wax. 
One end contains the argon/vacuum connection and, 
through a wax seal, the control thermocouple. The 
other end supports a thin glass disc, which is sealed 
on with vacuum wax. The specimen is contained in 
a copper block lined with molybdenum sheet, which 
rests against the thermocouple junction. The furnace 
is outgassed at 200 deg. C under a vacuum of 107* 
mm of Hg, purged several times with high-purity 
argon, and finally filled to a positive pressure of 1 
in. of Hg. This pressure is maintained with a mer- 
cury manometer, and expansion of the gas during 
the heating period is relieved by bubbling through 
the manometer. The furnace is heated to a suitable 
solution treatment temperature and, after soaking, 
the quench is made by rotating the furnace to the 
vertical position. The copper block falls down the 
furnace, breaks the glass seal, and projects the 
specimen into the quench bath. The purpose of the 
copper block is to conserve heat in the sample and 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table | 

Alloy, Pct Ni Structure Vpn 
2 Martensitic 0” 265 

3 Martensitic 0” 310 

4 a precipitate 385 

5 @ precipitate (+ w)* 455 

6 @ precipitate (+ w) 530 

Retained B G @) 580 

10 Retained 8 395 


*Presumed present on the basis of hardness measurements. 


to break the glass seal. The copper block remains 
in the end of the furnace and becomes oxidized and 
consequently must be cleaned before re-use. The 
quenching time is estimated to be not more than 

0.2 sec. A piece of pure titanium is included with 
each specimen, and its hardness after quenching is 
used as a check against contamination. This appara- 
tus has the advantage over the furnace described by 
McQuillan’ that it is simply constructed from stand- 
ard laboratory components. 

This quenching furnace, in conjunction with a salt 
pot, was used to determine the isothermal transfor- 
mation curves for 7 and 10 pct alloys. 

Tempering treatments were carried out in evacu- 
ated quartz tubes. The specimens were wrapped in 
thin molybdenum sheet for treatments at or above 
500°C. 

Cooling curves of quenched alloys were obtained 
as follows: : 

A 1/16-in. cube of alloy was suspended from a 


thermocouple in a vacuum of 10°° mm Hg, and heated 


by a cylindrical molybdenum element. The specimen 
was quenched by a blast of helium controlled by an 
exterior valve. The thermocouple millivoltage was 
amplified and recorded by a calibrated high response 
recording galvanometer. In this way, quenching rates 
upto 1000°C per sec were obtained. Several quench- 
ing curves at various cooling rates were obtained for 
each composition studied. 


RESULTS AND DISCUSSION 


The microstructures and hardnesses of the alloys 
as water-quenched from the B range are summar- 
ized in Table I. 

As in many other systems, (Ti-Co, Ti-Cr, Ti-Mo, 
Ti-Fe Ti-V, Ti-Mn), maximum hardness is obtained 
at the point at which B is just completely retained 
(i.e. 7 pet Ni). The high hardness exhibited by the 
5, 6, and 7 pct alloys is attributed to the w reaction, 
which occurs very rapidly on quenching. Quenched 
alloys containing 10 pct Ni were consistently 10 to 
20 Vpn harder in the center than at the surface, in- 
dicating that the faster cooling rate at the surface 
permitted less w precipitation. 

The 2 and 3 pct Ni alloys, on quenching, produced 
martensitic structures, Fig. 2(a), as expected. The 
4, 5, and 6 pct alloys, however, contained an acicular 
a precipitate, Fig. 5(@), whose shape and occurrence 
indicated nucleation and growth, rather than a mar- 
tensitic reaction. 

The production of the martensitic o’ and Widman- 
statten a precipitates on quenching was investigated 
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Fig. 2—Microstructures of Ti-2 pct Ni alloys. X750. Etched in 2 pct HF, 2 pet HNO3. Reduced approximately 33 pct for 


reproduction. 


using the gas-quenching apparatus described above. 
The results are shown in Fig. 1, where the thermal 
arrest temperature is plotted against nickel con- 
centration. 

Those points designated martensitic could not be 
depressed by increasing the quenching rate. How- 
ever, those points designated nonmartensitic could be 
moved about 50°C by varying the cooling rate. These 
points are shown for a quenching rate of 550°C per 
sec, and the arrest is due to the formation of a. The 
6-— a transition, in this case, is depressed about 
200°C by the quench. 

The formation of the a@ precipitate in the 4, 5, and 
6 pct alloys is related to the lowering of the M, tem- 
perature, Fig. 1, below the knee of the @ C-curve. 
(C-curves are discussed later.) At these composi- 
tions the C-curve has not moved far enough to the 
right (increased time) to allow the complete retention 
of the 8 phase on quenching. No thermal arrest was 
detected in alloys containing more than 6 pct Ni, al- 
though the w reaction occurs during the quenching of 
the 5, 6, and 7 pct alloys. It is thought that this lack 
of a noticable thermal arrest is due to the low energy 
required for w formation. 

The martensitic structure of the 2 pct water- 
quenched alloy, Fig. 2(a), breaks down on tempering 
as shown in Figs. 2(0) and 2(c). Tempering brings 
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Fig. 3—The effect of tempering on the hardness of a Ti- 
2 pet Ni alloy quenched from 900°C. 
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about a continual softening, Fig. 3, and a decrease 

in tensile strength (Fig. 4) associated with the rejec- 
tion of Ti,Ni spheroids by the supersaturated a’, The 
final structure of Ti,Ni spheroids outlining the ori- 
ginal a’ needles is shown in Fig. 2(c). The mechani- 
cal tests show that the a’ structure is harder, 
stronger, and less ductile than the spheroidal tem- 
pered structure. 

Since quenching the 5 pct alloy into water or iced 
brine resulted in center-edge gradations in struc- 
ture and in hardness (400 to 550 Vpn), tensile prop- 
erties of oil-quenched specimens (which displayed a 
uniform structure across the section) were investi- 
gated, Fig. 6. Fig. 5(@) shows an intermediate struc- 
ture in the brine-quenched specimen, in which 
needles of @ occur in a matrix of w-hardned B. The 
microstructure of the 5 pct oil-quenched alloy, Fig. 
5(6), shows almost complete a precipitation. On 
tempering, the structure decomposed to TizNi sphe- 
roids in an @ matrix, as shown in Figs. 5(c) and 5d). 

X-ray diffraction patterns were obtained for the 
brine-quenched, water-quenched, and oil-quenched 
0 per cent specimens using a Geiger spectrometer. 
The water- quenched and oil-quenched patterns 
showed principally the hexagonal (transformed £) 
phase, but the brine-quenched specimen showed an 
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Fig. 4—Tensile properties of quenched and tempered 2 pct 
Ni alloys. 
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extra peak which was indexed as the 1118 (or cor- 
responding w) reflection. The fully tempered speci- 
men, Fig. 5(d) yielded a peak which was indexed as 
the 333 Ti2Ni reflection. (The next strongest reflec- 
tions of 8 and Ti2Ni coincide with @ peaks.) 

The uniform decrease in hardness exhibited by the 
2 and 5 pet alloys on tempering indicates that the 
transformation mechanisms are single stage proc- 
esses. The mechanical properties of the tempered 
2 and 5 pct alloys are almost identical (in spite of the 
higher alloy content of the latter) because of the less 
severe (oil) quench that was used to produce a uni- 
form microstructure in the 5 pct alloy. 

The 10 pct alloy, when quenched from 945°C into 
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Fig. 6—Tensile properties of 5 pct Ni alloys, oil quenched 
from 880°C and tempered. 
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water, yielded large grains of retained-f, Fig. 7(@). 
The products of the early stages of tempering were 
submicroscopic (indicated by a tendency to stain on 
etching) but later, TizNi spheroids were observed 
growing uniformly throughout the sample to yield 
the final structure of Fig. 7(b). This process was 
accompanied by the hardness changes shown in Fig. 
8, which are consistent with the presence of the w 
phase. The w reaction, which occurred to a slight 
extent on quenching (indicated by the hardness 
gradient in the quenched sample), continued on aging 
at low temperatures, and peak hardness was reached 
after a short time. As the aging temperature was 
increased, the maximum hardness decreased—a 
feature that is typical of precipitation hardening 
processes. 

Tensile results for Ti-10 pct Ni are shown in 
Fig. 9. Tensile results could not be obtained for 
tempered alloys containing relatively large quanti- 
ties of the w phase, since the brittleness and notch 
sensitivity associated with w hardening caused pre- 
mature tensile failures, although the alloy was in- 
trinsically strengthened in the hardened condition. 
The softening process is probably due to the loss 


Fig. 7—Microstruc- 
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alloys. (a) As quenched 
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Fig. 8—The effect of tempering on the hardness of a 
Ti-10 pct Ni alloy quenched from 945°C. 


of coherency of w with the matrix, and to @ forma- 
tion (beginning before the former reaction is com- 
plete). No subsequent hardening due to TizNi pre- 
cipitation was detected. 

The isothermal transformation diagrams and the 
corresponding hardness measurements for Ti-7 pct 
Ni and Ti-10 pct Ni are shown in Figs. 10 and 11. In 
contrast to the quenched and tempered specimens, 
the transformations in the isothermally treated 
samples were initiated at the grain boundaries and 
spread inwards, Fig. 12. Only the a-start curves 
have been determined, since Ti,Ni forms very slowly 
during the isothermal treatment of alloys of these 
compositions. Figs. 10 and 11 show that the a-start 
curves are consistent with those determined by 
Bunshah and Margolin® for Ti-3.4 pet Ni and Ti-5 pct 
Ni (also shown in Fig. 10). The w phase is indicated 
by high hardness values between times of 3 and 10 
sec on the 7 pct Ni diagram and along the 8-sec ordi- 
nate and the 400°C abscissa on the 10 pct Ni dia- 
gram. 
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Fig. 10O—TTT Diagram for Ti-7 pct Ni. 
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Fig. 9—Tensile properties of quenched and tempered 10 
pet Ni alloys. 


No w phase field is included in the isothermal 
transformation diagrams, since w probably formed 
on isothermal treatment in some cases and during 
quenching in others. 
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Fig. 12—Ti-10 pet Ni. Isothermally reacted 13 sec at 
650°C, quenched. Etched in 2 pct HF, 2 pct HNO3. X150. 
Reduced approximately 33 pct for reproduction. 
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The Effect of Chromium on the Activity of Sulfur 
in Liquid Iron 


The activity coefficient of sulfur in Cr-Fe-S melts was 
determined by measuring the values of Py s/Pa, in equilibrium 
with such melts. The results showed that chromium has a pro- 
nounced negative effect on the activity coefficient of sulfur, 
which up to about 20 pct Cr may be represented by the equation: 


log i =— 0.019 pct Cr 
It was also found that the influence of chromium was not altered 


N. R. Griffing 


by the presence of appreciable amounts of carbon or silicon. 


Tue influence of alloying elements on the activity 
of sulfur in molten iron has been the subject of many 
investigations; however the effect of one important 
alloying element, chromium, has not been reported, 
and the object of the present investigation was to 
determine its effect on the activity coefficient of 
sulfur in liquid Fe-Cr-S alloys both in the absence 
and in the presence of carbon and/or silicon. 


EXPERIMENTAL PROCEDURE 


The general method employed consisted of passing 
mixtures of hydrogen and hydrogen sulfide over the 
sulfur-containing melt of interest and analyzing the 
outgoing gas to determine the equilibrium value of 
Py,s/Py, which resulted from the reaction shown in 


Eq. 
H, (gas) + S (dissolved in melt) = H,S (gas) [1] 


Pus 
= 2 
7.08 [2] 


The activity coefficient of sulfur, fs, was then cal- 
culated with Eq. [2] in which K, is the known equi- 
librium constant of Eq. [1] for dilute solutions of 
sulfur in iron. 

Raw materials used in the preparation of the 
charges included commercial grades of electrolytic 
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iron and chromium and carbon-reduced, acid-treated 
Silicon of 99.9 pct purity. Oxygen in the former pre- 
sented no problem since it was removed by hydrogen 
in the normal course of an experiment. Carbon was 
added in the form of premelted iron-carbon and 
chromium-carbon master alloys. Sulfur was charged 
as iron sulfide prepared by first heating powdered 
iron and sulfur in air in an alumina dish until reac- 
tion occurred, and then deoxidizing by melting in a 
hydrogen atmosphere. Commercially bottled hydro- 
gen and hydrogen sulfide were used after being 
passed through purification systems containing pal- 
ladium, ‘‘Drierite,’’ and magnesium perchlorate in 
the case of hydrogen, and ‘‘Drierite’’ alone in the 
case of hydrogen sulfide. Lamp-grade cylinder ar- 
gon served as a flushing agent without further purifi- 
cation. 

Charges weighing from 300 to 500 g were placed 
in a high-purity alumina crucible of 250-ml capacity 
and heated in an argon atmosphere in the induction- 
heated carbon-tube furnace illustrated in Fig. 1. 
During heating, a dry hydrogen atmosphere was sub- 
stituted for argon in order that deoxidation of the 
charge and flushing out of argon would be accom- 
plished sooner. After the charge melted, a Pt-Pt 10 
pet Rh thermocouple contained in an alumina pro- 
tection tube was immersed in the melt, and the de- 
sired melt temperature (usually 1600°C) was estab- 
lished. Higher temperatures up to 1760°C were re- 
quired for some chromium-rich alloys because of 
their higher melting points, and in these cases a Pt 
6 pct Rh-Pt 30 pct Rh thermocouple was used. The 
thermocouple output was fed to an automatic con- 
troller which provided straight line temperature 
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Fig. 1—Diagram of furnace. 


control. The thermocouples were calibrated on the 
melting point of palladium taken as 1552°C, and the 
temperature measurements are considered to be 
accurate within + 10°C. 

The Py,s/Py, of the ingoing gas was regulated for 
the purpose of approaching equilibrium from both 
directions. The ingoing hydrogen-hydrogen sulfide 
mixtures were controlled by varying the flow rates 
of the individual gases with manometer type flow- 
meters before blending. An additional flowmeter 
was used to meter the gas mixture to the furnace 
at flow rates of 100 to 1000 ml. per minute. 

The following technique was used to sample and 
analyze the gas mixtures both before and after 
passing through the reaction zone. Samples were 
obtained in small, removable glass containers fitted 
in the inlet and exit gas streams of the furnace with 
by-passes arranged in such a way that inlet and exit 
gas samples could be isolated simultaneously without 
interrupting the flow of gas through the furnace. 
When the two sample containers were removed for 
analysis, they were replaced by a second pair to 


O Outgoing 
oN 
O 
O 


TIME, HOURS 


Fig. 2—Equilibrium Py s5/Py, determined during Run 64-C. 


collect new gas samples. The gas samples were 
analyzed with a mass spectrometer which was cali- 
brated with hydrogen sulfide before each heat. Pre- 
liminary trials had shown that the calibration 
changed less than 3 pct during a particular run. It 
was found that calibrations for other gases present 
as minor impurities could be estimated from the 
hydrogen sulfide calibration so that it was unneces- 
sary to recalibrate daily for these. The hydrogen 
sulfide determinations are considered to be accurate 
within + 5 pct of the amount found while determina- 
tions of gases present as minor impurities are con- 
sidered to be accurate within +10 pct. The amount 
of hydrogen present was calculated by subtracting 
the hydrogen sulfide plus impurities from 100 pct. 
The most abundant impurity was carbon monoxide in 
gas reacted with carbon-containing melts as a result 
of partial reduction of the alumina crucible. Argon 
and nitrogen were also present in small amounts. 
These facts are illustrated in Table I which gives 

a complete summary of the gas analyses made during 
Run 64-C for which the melt composition may be 
found in Table II. In Table I, the nitrogen and carbon 
monoxide contents of the outgoing gases have been 
reported together because the contribution of the 
Small amounts of nitrogen to the mass spectrum was 
completely masked by the relatively much larger 
amounts of carbon monoxide. In several cases, 
special attention was devoted to examining the mass 


Table |. Summary of Gas Analyses Made During Run 64-C 


Ingoing Outgoing 

Time, Py,s/Pu, Pus/Py 
Hours Pct A Pct N, Pct H,S Pct H, x 1000 Pet:H, '1000° 
0.50 a 0.44b 0.08 2.76 0.466 Bal. 4.82 
1.00 0.252 Bal 2.53 0.05 Ste 0.318 Bal. 3.31 
1575 0.09 0.09 0.828 Bal. 8.37 0.11 0.265 Bal. 
2:25 0.04 0.10 1.121 Bal 11.37 0.05 3522 0.247 Bal. 2.56 
2.75 0.01 0.09 0.044 a 0.44 0.01 2.82 0.246 Bal. 2.54 
3.25 a 0.44b 0.01 2.78 0.247 Bal. 255 
3.75 0.02 0.09 0.732 Bal. 7.39 0.03 ACY 0.248 Bal. 2.56 


aCylinder hydrogen, dried but not blended with hydrogen sulfide. 
bAssumed to be the same as the analyzed sample at 2.75 hr. 
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Table Il. Equilibrium Data on C-Cr-Fe-Si-S Melts 


Rin Metal Analyses, Weight Per Cent Pu,s/Pu, x 10° 

No. Temp., °C Al e Si Cr Fe S Anal. Corr. log fa log fe log fe. 
(a) Cr-Fe-S 

54-8 1600 0.03 0.05 0.01 0.00 Bal. 1.54 3.30 Bele -0.06 

55-3 1600 0.06 0.04 9.91 Bal. D222 3.95 3.86 -0.12 

25 1600 0.02 0.07 18.80 Bal. 2253 2.50 2.45 -0.36 

26 1600 0.04 0.02 19.59 Bal. 2.05 1.96 1.92 -0.39 

62-B 1600 0.02 0.02 44.21 Bal. 1.94 134 1.29 -0.54 

60-B 1625 0.14 0.12 68.74 Bal. 1S, 0.78 0.76 Ovo 

66-A 1760 0.01 0.10 0.28 Bal. 0.42 2,92 0.35 0.33 -1.34 
(b) C-Cr-Fe-S 

59-B 1600 0.08 1.84 0.18 68.64 Bal. 0.96 1.10 1.08 0.32 

64-C 1600 0.16 2.85 0.74 43.44 Bal. 32) 2.55 2.49 0.38 

63-8 1600 0.29 3.00 0.25 9.18 Bal. 1.47 6.89 6.67 0.45 

68-A 1600 0.06 3.08 0.26 14.60 Bal. 1.29 5.74 S57, 0.53 

56-C 1600 O12 isa eal 0.08 18.96 Bal. 2.00 4.15 4.05 0.30 

63-A 1600 0.07 Sel, 0.02 0.00 Bal. 52) 10.30 9.90 0.44 

67-A 1600 0.02 3.13 0.01 Bal. 0.69 2.06 0.82 0.80 0.56 

58-C 1600 0.12 3.91 0.09 69.22 Bal. desi: 1.78 1.74 0.43 

28 1600 0.16 4.13 0.02 39.40 Bal. 0.93 2.88 2.82 0.62 

Sih 1600 0.37 4.40 0.01 41.90 Bal. 1.07 3.55. 3.47 0.65 

67-8 1600 0.09 5.11 0.04 Bal. 0.73 1.36 iss 1.30 0.93 

57-A 1650 0.56 7.80 0.08 69.18 Bal. 0.53 5.45 5:23 1327 
(c) Si-Cr-Fe-S 

69-C 1600 0.04 0.02 4.76 0.00 Bal. 1.84 8.42 8.12 0.28 

72-3 1700 0.02 0.18 4.60 Bal. 2.30 2.63 1.05 1.01 0.45 

70-A 1600 0.01 0.10 4.86 69.62 Bal. 1.64 1.33 1.31 0.23 

29 1600 0.00 0.02 5.42 44.80 Bal. 1.24 2.46 2.41 0.46 
(d) C-Si-Cr-Fe-S 

68-B 1600 0.26 2.85 1.79 12.91 Bal. 1.04 5.14 5.00 


spectrum for other sulfur containing species besides 
H,S, but none were found. The utility of the mass 
spectrometer in rapidly obtaining complete analyses 
is apparent. 

Equilibrium was considered to have been estab- 
lished when the outgoing Py,s/Pa, became constant 
when approached from both directions which could 
be done at will by making appropriate adjustments 
of the ingoing Pu,s/Pu,. This is illustrated in Fig. 2 


in which the Pu,s-Pu, ratios of the inlet-exit pairs of — 


samples from Table I are shown as a function of 
time. It may be observed from Fig. 2 that the out- 
going Pu,s/Pu, declined initially and then leveled off 
to a constant value. The initially high value of out- 
going Py,s/Pu, may have been due to removal of sul- 
fur-containing deposits formed in the gas exit tube 
during meltdown and deoxidation; however, the com- 
position of the outgoing gas soon attained a constant 
equilibrium value regardless of the direction of ap- 
proach and even when the ingoing Fiy,s/FAy, was at a 
considerable distance from equilibrium. In several 
runs, the effect of bubbling the ingoing gas through 
the melt instead of introducing the gas at the melt 
surface was investigated and was found to have no 
effect on the outgoing Pu,s/Pu,. Varying the gas 
flow rate from 100 to 1000 ml per min also had no 
detectable effect; therefore, it is concluded that no 
appreciable thermal segregation occurred in the 
gas phase. 
After equilibrium was well defined by the gas 
analyses, the furnace was flushed with argon, and 
a melt sample was aspirated with a Vycor tube in- 
serted into the melt via the alumina gas inlet tube 
which was fitted with a removable cap. In some 
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cases, additions to the melt were made, and the 
equilibrium value of Ay,s/Py, was determined for 
the new melt composition. The aspirated metal 
samples which weighed from 20 to 40 g were 
crushed to pass a 100-mesh sieve and analyzed 

for sulfur by the standard gravimetric method. 
Duplicate sulfur determinations were made on all 
the samples, and the reported sulfur contents 
represent the average values of the duplicate de- 
terminations which agreed within 3 pct of the amount 
found in 80 pct of the cases and within 6 pct in the 
balance of the samples. Carbon contents were de- 
termined by combustion, and chromium, silicon, iron, 
and aluminum determinations were made by conven- 
tional methods. 


RESULTS 


The experimental results are summarized in 
Table II. Values of Py,s/Pu, found by analysis at 
room temperature are listed as well as a corre- 
sponding column of values corrected for the partial 
dissociation of H,S into H,, S,, and S at the elevated 
temperatures of the equilibrium runs. The corrected 
values of Pys/Fu,were derived from the dissociation 
energies cited by Cordier and Chipman! and were 
used in subsequent calculations of the activity coef- 
ficient of sulfur. 

In the case of alloys containing several percent 
carbon, the existence of significant quantities of 
carbon sulfides was considered possible; however, 
the mass spectra of outgoing gases from all these 
runs were examined for constituents of mass num- 
ber 44 (CS and CO,) with negative results. During 
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Fig. 3—Effect of chromium on the activity coefficient of 
sulfur. 


Run 57-A, which had the highest carbon content, the 
outgoing gases were also examined for CS,, but none 
was found. Thermodynamic calculations confirmed 
the validity of these findings. The theoretical 
amounts of CS and CS, were calculated with the aid 
of S, pressures derived from the Pu,s-Pu, ratios, car- 
bon activity in the alloys from the work of Richard- 
son and Dennis,?° and the free energies of formation 
of CS and CS, cited by Fincham and Bergman.” These 
calculations showed that only negligible amounts of 
carbon sulfides were to be expected in the present 
experiments, the greatest quantity being 0.02 pct 
CS, in the case of chromium-free Run 67-A. 

The last three columns in Table II list values of 
log fs, log f¢, and log fSi for Cr-Fe-S, C-Cr-Fe-S, 
and Si-Cr-Fe-S melts, respectively. These terms, 
for which definitions and applications may be found 
in the work of Chipman’ and of Sherman and Chip- 
man,* have proved to be very useful in describing 
the influence of alloying elements on sulfur activity 
because they have been found to depend chiefly on 
the concentrations of alloying elements and because 
the relationships are usually fairly simple. The 
values shown in Table II were calculated by combin- 
ing the results of this investigation with published 
information as follows. 

Cr-Fe-S: The quantity log f§ is defined by Eq. 
[3]: 
fs = or, log fo = log f, log ff [3] 
Additional terms were appended to Eq. [3] to permit 
small corrections for the minor amounts of carbon 


and silicon present in some of the Cr-Fe-S alloys 
of group (a) in Table II as follows: 


log f$" = log f,— log f§ — log f§ — log f$ [4] 
The term f, is the activity coefficient of sulfur in 
the ternary system Cr-Fe-S and was calculated di- 


rectly from the experimental results with Eq. [2] 
which in logarithmic form is as follows: 


Pus 
log f£ = log cee log %S — log K, [5] 
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Fig. 4—Effect of carbon on the activity coefficient of sulfur 
at 1600°C. ; 


where, log K, = —1420/T — 1.83 as measured and 
revised by Chipman, ef al.» The standard state of 
sulfur has been taken as an infinitely dilute solution 
of sulfur in liquid iron. The second term on the 
right side of Eq. [4], f§, is the activity coefficient 
of sulfur in binary Fe-S alloys and is synonomous to 
the term f, used by Chipman. On the assumption that 
chromium does not affect f%, its value in each case 
was obtained from Sherman and Chipman’ at the 
same sulfur concentration as that of each ternary 
Cr-Fe-S alloy. In Eq. [4], the values of the last two 
terms, which represent corrections for carbon and 
silicon, were tentatively assumed to be the same as 
have been determined by others**®»” for chromium- 
free metal of the same carbon and silicon contents. 
As will be shown later, this proved to be correct. 
The values of log f$* calculated with Eq. [4] are 
listed in Table II and are plotted as a function of 
chromium content in Fig. 3. Before Fig. 3 was 
plotted, the chromium contents of the alloys were 
adjusted in such a way as to make %Cr +% Fe = 100. 
This correction was made on the assumption that log 
ip a is not dependent upon sulfur concentration in the 
range studied. While most of the data in Fig. 3 were 
obtained at or near 1600°C, the point near 100 pct Cr 
was obtained at 1760°C because of the higher melting 
point of this alloy; however, the curve has been drawn 
smoothly through all the points on the assumption 
that the temperature differences studied have a rela- 
tively small effect on log f; as was shown to be true 
in several other investigations.» It may be ob- 
served from Fig. 3 that log f{* decreases progres- 
Sively with increasing chromium content over the 
entire range from 0 to 100 pct Cr. This means that 
the activity of sulfur at any given concentration is 
decreased by the addition of chromium to liquid iron. 
The good agreement of the present work at 0 pct Cr 
with that of other researchers® indicates the ab- 
sence of systematic errors in the present investiga- 
tion. The effect of chromium in concentrations up to 
20 pet can be represented by Eq. [6]. 
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Fig. 5—Effect of silicon on the activity coefficient of sulfur 
at 1600 to 1700°C. 


log — 0.019 x Cr [6] 


C-Cr-Fe-S—The influence of carbon on the activity 


coefficient of sulfur was deduced from the data on 
C-Cr-Fe-S melts listed under group (b) in Table II 
with the following relationship: 


log fC = log f,— log f§ — log — log — log 
[7] 


Values of log f, and log f§ were obtained in the 
Same way as in the previous paragraph while pre- 
viously unknown values of log f{* were read from 
Fig. 3. The last two terms in Eq. [7] represent 
minor corrections for the small amounts of silicon?” 
and aluminum? present in these alloys. The values 
of log f¢ calculated with Eq. [10] are listed in Table 
II and plotted in Fig. 4 as a function of carbon con- 
tent together with points on chromium-free melts 
calculated from the data of Morris and Buehl.® All 
the data in Fig. 4 were obtained at or near 1600°C, 
different symbols being used to distinguish high 
chromium, low chromium, and 0 pct Cr alloys from 
each other. One point obtained at 0 pct Cr in the 
present work is in good agreement with the data of 
the other investigators® again indicating the ab- 
sence of systematic errors in the present work. It 
may be observed in Fig. 4 that carbon has a strong 
positive effect on the activity coefficient of sulfur. 
The points for chromium-containing alloys are dis- 
tributed uniformly about the points for chromium- 
free alloys, and it can be concluded that the effect of 
carbon is independent of chromium content within 
experimental error. The effect of carbon has been 
extended to a higher carbon content by the present 
work because of its greater solubility in chromium- 
containing alloys. 

Si-Cr-Fe-S—The effect of silicon was calculated 
from the data on Si-Cr-Fe-S melts in group (c) of 
Table II with Eq. [8]. 


log f = log f, — log = log — log [8] 


The first three terms on the right-hand side of Eq. 
[8] were obtained in the same way as in the pre- 
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Table Ill. Data on Matte Region of Cr-S System 


Sample Description Pct Fe Pct Cr Pct S$ 
Solidified top layer 0.49 Bal. 21.1 

Solidified bottom layer 0.52 Bal. 2.83 
Aspirated sample of bottom layer 0.42 Bal. 2.92 


vious paragraph while the last term represents a 
minor correction for the small but significant 
amounts of carbon present in some of these alloys. 
The values of log fare plotted in Fig. 5 asa 
function of silicon content. The data of other in- 
vestigators*” at 0 pct Cr are also shown and are in 
substantial agreement with the present work. It 
may be observed that log ar increases with silicon 
content and is not affected by the presence of chro- 
mium. All the data shown were obtained at tempera- 
tures in the range of 1600° to 1700°C. 

One successful experiment was conducted on a 
five-component C-Cr-Fe-Si-S alloy as shown under 
(d) in Table II. The experimental value of logy, Cak= 
culated by Eq. [5] from these results is 0.27. This 
compares favorably with a value of log f, = 0.25 de- 
rived from the analysis of the alloy by combining 
the effects of the alloying elements on sulfur ac- 
tivity coefficient. Figs. 3,4, and 5 were used to 
obtain the effects of chromium, carbon, and silicon 
on the activity coefficient of sulfur, and previously 
cited literature, for the effects of aluminum and 
sulfur. In this calculation, the graphical procedure 
recommended by Sherman and Chipman? was used. 
This is necessary whenever concentrations are so 
high that values of log f{ of the same sign must be 
read on portions of the curves which depart signifi- 
cantly from linearity, while simple algebraic addi- 
tion is applicable to more dilute solutions. 

Additional work on C-Cr-Fe-Si-S alloys con- 
taining 70 pct Cr, 3 pct C, and 3 to 9 pct Si was 
carried out, but the formation of a volatile silicon 
sulfide interfered with the determination of the 
equilibrium Ais/Py, ratios. In the case of these 
alloys, a deposit formed in the exit tube, and the 
outgoing gas was nearly devoid of sulfur. The 
higher the silicon content of the alloy, the more 
deposit formed. Apparently, after reacting with 
the melt, the sulfur in the gas was present chiefly 
as a volatile silicon sulfide which condensed as the 
observable deposit in the cooler regions of the 
gas exit tube. Not enough deposit was recovered 
for detailed examination. Volatile silicon sulfide 
was also observed by Alcock and Richardson® in 
their work on Cu-Si-S alloys. 

Vogel and Reinbach® have reported the presence 
of a liquid matte region in the Cr-S binary system. 
This was confirmed in the present work. In the 
case of Run 66 enough sulfur was present to cause 
the formation of a matte consisting of a sulfur-rich 
liquid floating on top of a sulfur-poor liquid. Per- 
tinent analyses are summarized in Table III. 

The temperature for this run was 1760°C. Metal- 
lographic and X-ray diffraction studies of the 
solidified material revealed the presence of chro- 
mium metal and the compound CrS. These find- 
ings are in agreement with the Cr-S phase dia- 
gram proposed by Vogel and Reinbach.?® 
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SUMMARY 


It was found that chromium has a substantial 
negative effect on the activity coefficient of sulfur 
in liquid iron which up to about 20 pct Cr is given 
by log for = — 0.019 pct Cr. Thus, the activity of 
sulfur in a melt containing 16 pct Cr is one-half 
that to be expected in a chromium-free alloy. 
Appreciable alloying additions of carbon or silicon 
did not change the influence of chromium. In the 
case of certain alloys, the occurrence of a volatile 
silicon sulfide was observed. The presence of a 
liquid matte region in the chromium-sulfur system 
was confirmed. 
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The ytirium-nickel system has been investigated by metallo- 
graphic, thermal and X-ray methods. There are nine intermetal- 
lic compounds present: Y3N, Y3Niz, YNiz, YNi3, Y2Niz, YNig, and 
Y,Niy, which undergo peritectic decomposition and YNi and YNi, 
which melt congruently. There are eutectics at 34.8, 57.5 and 


93.3 at pct Ni which melt at 805°, 950°, and 1285 °C, respectively. 


B. J. Beaudry 


Crystallographic data are given for YM, YNi,, YNi,z, YNi, and 


Y,Ni,,.. The terminal solid solubility is low. 


Ti recent work by Fisher and Fullhart* in which 
yttrium crucibles to be used for containers of uran- 
ium-chromium eutectic were clad with a high nickel 
steel, a low melting phase formed where the yttrium 
was in contact with the steel. To investigate the 
cause of this phenomenon, Daane, et al.’ made a 
survey study of yttrium systems with chromium, 
manganese, iron, and nickel and found an 18 wt pct 
pecan percent) alloy to melt at approximately 
950°C. 

Vogel’ in a study of the systems of cerium, lan- 
thanum, and praseodymium with nickel found six 
compounds of the same formula in each system, 
i.e., R3sNi, RNi, RNiz, RNis, RNia, and RNis. Since 
there is a great similarity between yttrium and the 
rare earths, compound formation was likely to oc- 
cur also in the yttrium-nickel system. Vogel® ob- 
served that the ability of transition metals to form 
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compounds with the rare earths diminishes in the 
order nickel, cobalt, and iron while no compounds 
are formed with manganese, chromium, and titanium. 
Available data on yttrium systems with these ele- 
ments indicate similar behavior, except that a slight- 
ly greater tendency toward compound formation is 
apparent. Simple eutectics with limited solid solu- 
bility have been found in the yttrium-titanium* and 
yttrium-chromium’ systems, but at least one com- 
pound is present in the yttrium-manganese system.” 
In the case of yttrium-iron, at least three compounds 
are present,” while only two are present in the cer- 
ium-iron, and no compounds are present in the lan- 
thanum-iron® system. 

On the basis of both the trend in the alloying be- 
havior of yttrium and rare-earth metals with the 
first transition series metals and the large number 
of compounds in the cerium-nickel system, one might 
expect six or more compounds to form in the nickel- 
yttrium system. A consideration of Hume-Rothery’s 
rules of alloying based on size factor, electronegati- 
vity, and valence predicted low terminal solid solubi- 
lity and possible compound formation. The present 
study was undertaken to confirm these predictions of 
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Table | 
Composition of Crucible and Thermocoupl 
ple Thermocouple 
Alloys, At. Pet Ni Well Material Used Used : 


0-25 tantalum Pt-Pt-13 pct Rh 
25-50 tantalum Chromel-Alumel 
50-66 MgO Chromel-Alumel 
66-100 Pt-Pt-13 pct Rh 


*Prepared by the ceramic fabrication section of the Ames Laboratory 
of the U. S. Atomic Energy Commission. 


low terminal solid solubility and compound formation 
and to establish the general alloying behavior of yttri- 
um with nickel. 


EXPERIMENTAL 


Materials—The nickel employed in this investiga- 
tion was ‘‘Baker Analyzed’’ reagent nickel shot of 
99.9 pet purity containing 30 ppm Pb, 80 ppm Co, 
and 400 ppm Fe as the major impurities. The im- 
purities present in the yttrium used were 180 ppm 
Si, 100 ppm Fe, 50 ppm Cu, 30 ppm Mg, 10 ppm Ca, 
200 ppm C, 430 ppm Nez, 1700 ppm Oz, and 5000 ppm 
Ta; the latter was introduced into the yttrium metal 
during the reduction process in tantalum crucibles. 

Preparation of Alloys—All the alloys examined 
were initially formed by comelting the two metals 
in an arc-melting furnace. The buttons were in- 
verted at least three times and remelted each time 
to ensure homogeneity. Negligible weight loss oc- 
curred during the arc-melting process, maintaining 
the intended composition of the alloy during prepara- 
tion. Chemical analysis of the alloys in all cases 
was in good agreement with the intended composition. 

Examination of Alloys—Thermal Methods—The fur- 
nace used for thermal analysis was a split-tube graph- 
ite resistance furnace as described previously.” The 
type of crucible, thermocouple protection tube and 
thermocouple used in the various portions of the dia- 
gram are listed in Table I. The inside dimensions of 
all crucibles used were 3/4 by 2 1/2 in. high. After 
initial formation in the arc-melting furnace, the al- 
loys containing from 25 to 95 at. pct Ni were brittle, 
enabling them to be crushed in a hardened tool-steel 
mortar and placed in the crucible. Alloys containing 
0 to 25 and 95 to 100 at. pct Ni were less brittle and 
were cast into the crucibles by induction heating be- 
fore thermal analysis. 

For thermal analysis of the major portion of the 
phase diagram a constant heating and cooling rate of 
5 deg per min was used. As will be discussed later, 
faster heating and cooling rates were used in the 
region from 70 to 83 at. pct Ni to establish the per- 
itectic horizontals in this region. 

Annealing and quenching studies were made of 
various alloys to establish the composition of the 
peritectic compounds, the composition range, if 
any, of the various compounds in the system, and 
the solubility limits of the metals in each other. 

To anneal below 800°C, the samples were sealed 
in Vycor capsules under a partial atmosphere of 
helium, while samples to be annealed between 800° 
and 1100°C were sealed in silica capsules. To 
anneal at temperatures between 1100° and 1250°C, 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


_ the water. 


WEIGHT PERCENT NICKEL 


30 40 50 60 70 80 90 
T T T T ai T T 
Y3 Nip Y Nip 
[42400 
2200 
30/4 
ond 
i 42000 . 
| 1800 5 
578° Ni 
w 820% 25% Ni {I & 
34.8% | 1400 
I +1200 
600 
4 
500+ ! 
! 
400, | sssec}°°° 
L G. +60) 
300 \ TRANS| 
200 we 1 1 1 ti 
(o) 10 20 30 40 50 60 70 80 90 100 


ATOMIC PERCENT NICKEL 


Fig. 1—The nickel-yttrium phase diagram. 


the samples were sealed in type-304 stainless 
steel bombs with yttria liners, under a partial 
atmosphere of helium. Quenching of the samples 
was carried out by dropping the capsules into water 
and breaking them immediately after they contacted 
Since the stainless steel bombs did not 
permit fracture, quenching rates were naturally 
slower. However, from a temperature of 1250°C, 
the bombs were below a red heat in 5 sec and at 
room temperature in 15 sec. 

Metallographic Methods—Standard polishing tech- 
niques were used in the preparation of samples for 
metallographic examination. An etchant containing 
3/4 pct HNOs by volume in absolute ethanol (3/4 pct 
nital) was found to be satisfactory for alloys from 
0 to 60 at. pct Ni, while 5 pct nital was used for al- 
loys from 60 to 84 at. pct Ni. For alloys containing 
from 84 to 100 at. pct Ni, a solution containing one 
part concentrated nitric acid, one part concentrated 
acetic acid, and one part water was used. 

X-Ray Methods—Single crystal methods were used 
to characterize the intermetallic compounds YNi, 
YNis, and Y2Nii7. The single crystals were obtained 
from shrinkage cavities of alloys containing 53.0, 
70.0, and 91.5 at. pet Ni in which the phases studied 
were the primary phase. The lattice constants of 
these compounds were determined from rotation pat- 
terns and zero level Weissenberg photographs. 

Powder patterns taken with a 57.3-mm radius 
Debye-Scherrer camera using CuK, radiation 
were used to identify the various phases present 
in multiphase alloys, to determine the lattice 
constants of YNie and YNis, and to verify the struc- 
ture of YNiz and YNis. Powder specimens of the 
massive samples were prepared by filing or crush- 
ing the alloy, placing the powder in Pyrex capil- 
laries, and annealing for 3 hr at 400°C to remove 
the effects of cold working. To identify the phases 
in multiphase alloys, the alloys were first polished 
and etched, then samples for X-ray analysis of each 
phase were cut out under a wide field binocular mi- 
croscope using microchemistry tools. 

Density Measurement—The density of each phase 
for which lattice constants were obtained was deter- 
mined by conventional pycnometric methods using 
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Table Il. Melting Point and Composition Data 


Nominal Composition ‘Yemperature of Melting 


Formula At PetNi WtPct Ni Type of Melting oC oF 
Y Congruent 1509 +5 2768 +9 
Y,Ni 25.00 18.03 Incongruent 902 + 4 1656 +7 
Y, Ni, 40.00 30.56 Incongruent 820 + 4 1508 +7 
YNi 50.00 39.76 Congruent 1070 +3 1958 +5 
YNi, 66.67 56.90 Incongruent 1106 + 3 2023 + 5 
YNi, 75.00 66.44 Incongruent 1237 225909 
Y, Ni, 77.78 69.79 Incongruent 1298 +5 2368 + 9 
YNi, 80.00 12.93 Incongruent 1340 +8 2444 +14 
YNi, 83.33 76.75 Congruent 1430+5 2606 +9 
89.47 84.87 Incongruent 1330+10 2426 +18 
Ni 100 100 Congruent 1455 + 3 2651 +5 

Eutectic 

Y,Ni-Y,Ni, 34.80 26.05 --- 805 +4 1481 +7 

YNi-YNi, 57.50 47.18 --- 950 +3 

Y,Ni,,-Ni 93.30 90.18 --- 1285 +5 2345 +9 


CCl. as the immersion fluid. A 10 cc pycnometer 
containing about 4 cc of sample was used. 

Magnetic Transition Measurements—The magne- 
tic transition temperature of nickel and nickel-rich 
alloys was determined by observing the temperature 
at which the magnetic force of attraction between 
the sample and an Alnico magnet changed suddenly 
on heating and cooling. 


RESULTS 


The phase diagram shown in Fig. 1 was construct- 
ed from the results of thermal, metallographic, X- 
ray and magnetic transition temperature studies. 

The formulas assigned YNiz and YNis by thermal 
and metallographic studies were confirmed by a 
structure analysis, while the formulas assigned YNi, 
YNis, and Y2Ni17 were verified by measured density 
and unit cell volume considerations. The formulas 
YsNi, YsNiz, Y2Ni7, and YNis were assigned from 
thermal and metallographic studies, and their exis- 
tence was verified by X-ray studies. Evidence for 
the composition range for YNiz and YNis indicated 
by dashed lines in Fig. 1 was observed experimen- 
tally as will be discussed later, but since a complete 
study of composition vs temperature was not made, 
only an estimate of the solvus is presented. The 
solubility of yttrium in nickel was found to be ap- 
proximately 0.1 at. pet at 1250°C, while the solubi- 
lity of nickel in yttrium at 900°C is approximately 
0.2 at. pct. 


Thermal Results—The results of thermal analysis 
are plotted graphically in Fig. 1. A tabulation is 
made in Table II of the composition and melting point 
of the intermetallic compounds and the eutectics, and 
the melting point of the pure metals. The limits of 
error given for the congruent and incongruent melting 
points are the maximum deviation from the average 
values. 

Changes in slope for the liquidus on time-tempera- 
ture curves were easily observed with heating and 
cooling rates of 5 deg per min over the entire com- 
position range. Isothermal arrests were observed 
for the various solidus temperatures from 0 to 70 at. 
pct Ni and from 83 to 100 at. pct Ni with the same 
heating and cooling rate. However, in the region from 
70 to 83 at. pct Ni, due to the large number of over- 
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Fig. 2—34.8 at. pct Ni. As arc-cast. Y3Ni-Y3Ni, eutectic. 
Etched 2 sec in 3/4 pct nital. X1000. Reduced approximate- 
ly 13 pet for reproduction. 


lapping peritectic horizontals, only slight changes 

in slope were observed for the various horizontals 
when rates of 5 deg per min were used. It was found 
that rates of approximately 40 deg per min gave 

short, reproducible isothermal arrests for each hori- 
zontal. The reproducibility of these arrests on heating 
and cooling (+ 5°C) was taken as evidence for the ac- 
curacy of this method. 

Due to the large number of compounds from 66 to 84 
at. pet Ni, alloys were prepared at approximately 1 at. 
pet intervals in this region. The points at which the 
peritectic horizontals of Yniz2, YNi3,Y2Ni,, and in- 
tersect the liquidus were established by extrapolating 
the solidus to the liquidus. Since thermal analysis was 
run on alloys at small composition intervals, the 
amount of extrapolation necessary was small. The data 
for the peritectic decomposition temperature of Y2Ni,, 
(85-91.0 at. pet Ni) were not as reproducible as data 
for the other parts of the system, but this is believed 
to be due to a curvature in the solidus of YNis be- 
tween 83.4 and approximately 85.0 at. pct Ni. Points 
on the YNis solidus as shown in Fig. 1 were noted as 
changes in slope on the time-temperature curves. 


Metallographic and X-Ray Results—The composi- 
tion of the three eutectics in this system was indi- 
cated by thermal analysis and was shown by metal- 
lographic studies to be 34.8, 57.5, and 93.3 at. pct 
Ni; a photomicrograph of the rather unusual micro- 
structure of the 34.8 at. pct Ni eutectic in the ‘‘as 
arc-cast’’ condition is shown in Fig. 2. The results 
of X-ray and metallographic studies on the composi- 
tion, structure, and nature of each of the intermetal- 
lic compounds present in this system are as follows: 

1) YsNi—The formula YsNi for the first compound 
on the yttrium-rich side was indicated by thermal 
data and verified by metallographic examination of 
a 25.4 at. pct Ni alloy which was nearly one phase 
with a slight amount of eutectic surrounding the 
primary crystals. Since peritectic rimming was not 
observed in the “‘as arc cast’’ 25.4 at. pct Ni alloy, 
the peritectic horizontal of YsNi apparently does not 
extend appreciably beyond the compound composition. 
Extrapolation of thermal analysis data indicated the 
YsNi peritectic horizontal extends to 25.6 at. pct Ni 
as shown in Fig. 1. 

2) YsNie—The peritectic nature of this compound 
was indicated by thermal analysis and verified by 
metallographic examination of a 39.9 at. pct Ni alloy 
in the ‘‘as arc-cast’’ condition (see Fig. 3). The 
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Fig. 3—39.9 at. pct Ni. As arc-cast. YNi surrounded by 
Y3Ni, in turn surrounded by eutectic. Etched 5 sec in 3/4 
pet nital. X200. Reduced approximately 13 pct for repro- 
duction. 


formula of Y3Niz was assigned this compound since 
the 39.9 at. pet Ni alloy shown in Fig. 3 was nearly 
one phase after an homogenizing anneal at 795°C for 
120 hr. Attempts to index the powder pattern of this 
compound were unsuccessful. A 36.3 at. pct Ni alloy 
in the ‘‘as arc-cast’’ condition still contained YNi 
as the primary phase indicating the YsNie peritectic 
horizontal extends to at least this composition. Ex- 
trapolation of thermal data indicated the horizontal 
extends to 35.7 at. pct Ni. 

3) YNi—The formula YNi was indicated by metal- 
lographic examination of a 49.8 at. pct Ni alloy which 
contained primary YNi with a slight amount of YsNiz 
in the grain boundaries. Single crystals of this com- 
pound were found to be orthorhombic with mmm Laue 
symmetry and the following lattice constants: a = 4.10 
+ 0.02A, db = 5.51 + 0.02A, and c = 7.12 + 0.02A. On 
the basis of four molecules of YNi per unit cell, a 
density of 6.10 g per cc was calculated compared to 
the measured value of 6.00 g per cc. 

4) YNie—The peritectic nature of the compounds 
YNiz, YNis, Y2Ni7, and YNis was indicated by the 
series of arrests obtained by thermal analysis of 
alloys between 66 and 83 at. pct Ni. Metallographic 
examination of alloys in this region in the ‘‘as arc- 
cast’’ condition showed them to be multiphase al- 
loys. However, when alloys of the composition of 
the compounds were annealed at temperatures just 
below their peritectic decomposition temperatures, 
one-phase alloys resulted. X-ray powder patterns 
of these one-phase alloys were used in the identi- 
fication of the phases present in multiphase alloys. 

An alloy containing 66.7 at. pct Ni was one phase 
after an homogenizing anneal at 945°C for 100 hr 
indicating the formula YNiz. Powder patterns of 
this alloy showed YNiz to be fec witha, = TAB 
+0,001A. The density calculated on the basis of 
eight molecules of YNiz per unit cell was 7.40 g per 
cc which is in good agreement with the measured 
density of 7.33 g per cc. This compound was shown 
to be isostructural with the parameterless MgCuz 
structure.® 

A composition range was proposed for this com- 
pound from metallographic evidence. To establish 
this composition range, X-ray powder patterns 
were taken of 65.2 and 68.1 at. pct Ni alloys which 
had been annealed at 950°C for 100 hr and quenched. 
Lattice constants obtained were a, = 7.183 +0.002A 
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Fig. 4—81.2 at. pct Ni. Annealed at 1150°C for 240 hr. YNi, 
plus YNi, (cracked phase). Etched 25 sec in 5 pct nital. 
X200. Reduced approximately 13 pct for reproduction. 


and a, = 7.164 + 0.001A, respectively. Atomic vol- 
ume considerations indicated a composition range 
of 0.7 at. pct. Since the 65.2 and 66.7 at. pct Ni al- 
loys had approximately the same lattice constant, it 
was assumed the composition range extended to the 
nickel rich side of YNiz as shown in Fig. 1. 

5) YNis—A multiphase 75 at. pct Ni alloy was one 
phase after an homogenizing anneal at 1100°C for 
150 hr, indicating the formula YNis. X-ray diffrac- 
tion studies on single crystals of this compound 
showed it to have 3mLaue symmetry. Observed re- 
flections were -h + k + 1 = 3n, hhl where 1 = 3n, 
and hhl where h +1 = 3n; therefore, the possible 
space groups are R3m, R3m,and R32. The nonpri- 
mitive hexagonal unit cell dimensions are a = 5.00 
+0.02A and c = 24.30 +0.03A. Referred to the primi- 
tive rhombohedral cell they become: a= 8.60 +0 02A 
and a = 33°48'. The density calculated on the basis 
of nine molecules of YNis per hexagonal unit cell is 
7.55 g per cc while the density measured pycnomet- 
rically is 7.53 g per cc. 


6) Ye2Niz—A 77.6 at. pct Ni alloy after an homo- 
genizing anneal at 1150°C for 240 hr was nearly 
one phase indicating the formula Y2Ni7. Powder 
patterns of this compound were quite complex 
and attempts to index the patterns were unsuc- 
cessful. 

7) YNis—The formula YNia was indicated since 
an alloy containing 80.1 at. pct Ni was one phase 
after an homogenizing anneal at 1250°C for 1 hr. 
The phase YNia is characterized metallographical- 
ly by the presence of microcracks in its micro- 
structure. Also, the lines on X-ray powder pat- 
terns of YNis are quite diffuse in the front reflec- 
tion region and fade out completely in the back re- 
flection region. These characteristics suggested 
a phase transformation in this compound; however, 
thermal analysis of an 80.1 at. pct Ni alloy which 
was first homogenized at 1250°C showed no thermal 
arrests between room temperature and 1330°C. 

The microcracks could also be explained by a large 
contraction of the unit cell in one direction on cooling; 
the resulting distortion of the lattice would also ex- 
plain the diffuse X-ray diffraction pattern. Fig. 4 
shows a two-phase alloy with a nominal composition 
of 81.2 at. pct Ni; the two phases present were identi- 
fied by X-ray analysis. 

8) YNis—An 83.4 at. pct Ni alloy was one phase 
in the as arc-cast condition indicating the congruent 
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Fig. 5—89.4 at. pct Ni. As arc-cast. YNi; surrounded by Fig. 6—89.4 at. pct Ni. Annealed at 1250°C for 1 hr. Y, Nij7 - 
Y Nijy , surrounded by eutectic (black due to over etching). Etched 7 sec in nitric-acetic -water etchant. X200. Reduced 


Etched 6 sec in nitric-acetic-water etchant. X200. Reduced approximately 13 pct for reproduction. 
approximately 13 pct for reproduction. 


ae 
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Magnetic Transition Temperature Results—The mag- 
netic transition temperature of nickel was not altered 
by the addition of yttrium. None of the intermetallic 
compounds in this system were attracted by a per- 


nature and stoichiometry of this compound. Powder 
patterns of this alloy showed YNis to be hexagonal 
with a, = 4.883 =0.001A and c, = 3.967 +0.001A. The 
calculated density on the basis of one molecule of 
YNis per unit cell is 7.75 g per cc which is in good manent magnet at room temperature. 

agreement with the measured density of 7.84 g per cc. Yttrium Allotropy—The existence of an a - 6 
YNis appeared to be isostructural with the parameter- transformation in yttrium and the temperature at 
less CaCus structure, and this was confirmed by which it occurs have been established primarily 
comparing calculated and observed intensities. The by indirect experimental evidence. The transfor- 
structure has the space group Dj; -C6/mmm. Wer- mation of yttrium to a bcc structure was shown 


nick and Geller’ recently have also confirmed the 
structure of YNis. 

Metallographic examination of an 84.5 at. pct Ni 
alloy which had been annealed at 1150°C for 240 hr and 
quenched showed it to be nearly one phase indicat- 
ing a composition range for the compound YNis. As 
discussed previously, thermal data also indicated a 
composition range for this compound. A variation 
in lattice constants with composition was also noted 
for this compound which appeared to be mostly in 


the ‘‘qa’’ axis. The lattice constants of YNis obtained 
from an 82.0 at. pct Ni alloy which had been annealed 


at 1150°C and quenched are a, = 4.890 + 0.005A and 
Co = 3.962 + 0.005A; while those obtained from an 


84.5 at. pet Ni alloy annealed at 1150°C and quenched 


were a, = 4.865 + 0.005Aand c, = 3.967 +0.005A. 

9) Ye2Ni:7—The peritectic nature of Y2Nii7 was 
shown by peritectic rimming in an ‘‘as arc-cast’’ 
89.4 at. pct Ni alloy (see Fig. 5). This alloy when 
annealed at 1250°C for 1 hr was one phase (see 
Fig. 6), indicating the formula Y2Ni17. The Y2Ni17 
peritectic horizontal apparently does not extend ap- 
preciably beyond 91.0 at. pct Ni, since in a 91.3 at. 
pet Ni alloy in the ‘‘as arc-cast’’ condition, Y2Nii7 
was the primary phase with no peritectic rimming. 


Extrapolation of thermal data indicated the horizontal 


extends to 91.0 at. pct Ni. 
Single crystal studies of this compound showed 
it to be hexagonal with 6/mmm Laue symmetry and 


by alloy studies of yttrium with other metals that 
have a high temperature bcc form, and with mag- 
nesium.”~** Direct experimental observation of 
the transformation is very difficult because it oc- 
curs so close to the melting point of yttrium. In 
the present study, the presence of a liquid phase 
in alloys containing more than 0.1 at. pct Ni made 
studies of the transformation even more difficult. 
Electrical resistivity studies were unfruitful due 
to the small resistivity change which accompanies 
the @ - 8 transformation. Since the solubility of 
nickel in @ - yttrium is very low, it is unlikely 
that a - 8 transformation is altered appreciably 
by the addition of nickel; therefore, the line dot- 
ted in at 1490°C in Fig. 1 represents the trans- 


formation temperature found by other investi- 


DISCUSSION 


The general features of the nickel-yttrium phase 
system of low terminal solubility and a large num- 
ber of compounds were expected from a consideration 
of Hume-Rothery’s rules and phase diagrams of the 
rare earths with elements of the first transition series, 
respectively. Since yttrium appeared to be forming 
more compounds than cerium with elements of the first 
transition series, a greater number of compounds was 


expected in the nickel-yttrium system than in the cerium- 
nickel system; this too, was found to be the case. 

It is apparent that there is an increasing tendency 
toward compound formation between the rare earths 
(including yttrium) and the first transition series in 


the following lattice constants: a = 8.34 + 0.02A and 
c = 8.08 + 0.02A. The only systematic extinctions 
were hhi for odd 1 so the allowed space groups are 
C6/mmc, C6mc and C62c. The same Laue symmetry 
and systematic extinctions were found byFlorio, e¢ ai,’° going from titanium to nickel, but the reason why is 
in Th2Nii7. By spatial and symmetry arguments, they not very obvious. It is true that both the decrease 
concluded ThezNii7 belongs to the space group C6/mmc. in size, and the increase in electronegativity and 
Since the atomic radii of yttrium and thorium are very valence of the first transition series passing from 
similar, Y,Ni,, probably also belongs to the C6/mmc ___ titanium to nickel are favorable for increasing com- 
space group. pound formation with yttrium and the rare earths, 
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but it seems unlikely that these factors alone are the 


reason for the trends noted. In discussing the valency 


of the transition metals, Massalski™ points out that 


the valency of a transition metal may vary in different 


alloy systems and also vary with composition in a 


Single system. If we then assume a greater variable- 


ness in valency as the number of 3d electrons in- 
creases, an additional factor favorable to compound 


formation would be operating in going from titanium 
to nickel; that is, an increase in the number of bonds 
possible due to the increased number of 3d electrons 
would occur. 


An analysis of bond distances in each of the com- 


pounds formed between the first transition series and 
the rare earths and yttrium could possibly be used to 
determine stabilizing factors for each compound. 
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Cobalt-Rich Ternary Alloys with Tin and Carbon 


The ternary system Co-Sn-C was studied in the cobalt-rich 


region. The liquidus projection was established and two four=- 
phase reactions were found. Anisothermal section at 950°C was 
worked out. In the region studied the following phases were ob- 


L. J. Huetter 
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served: cobalt-rich solid solution, graphite, binary compound y 


-cobalt-tin, and a ternary compound. 


Asa result of the limited solubility of carbon in 
liquid cobalt-tin alloys, the investigation was lim- 
ited to the cobalt-rich region. Tin contents up to 
32 at. pct were studied. Cobalt of 99.99 pct purity, 
tin of 99.97 pct purity and synthetic graphite of 99.93 
pet minimum purity prepare the alloys. Carbon de- 
terminations of all alloys were obtained by gas 
volumetric analysis. Samples were investigated 
microscopically and by X-ray diffraction using CoK, 
and FeK, radiation. Cooling curves were obtained 
with a number of alloys to determine the tempera- 
ture of the four-phase reactions. The thermocouple 
was calibrated with the melting points of high-purity 
silver and copper. In the region studied the following 
phases were observed: 
Cobalt-rich solid solution (face-centered cubic) 
Graphite. 
Binary compound y (solidifies congruently at 
composition CozSn)’. 
Ternary compound k which is face-centered cubic 
with superlattice and nonferromagnetic.” 
In Fig. 1 the fields representing the projections 
of the liquidus surfaces were determined by micro- 
scopic investigation and are labled by their primary 
phase. In the field labled C graphite is the primary 
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phase. During solidification in this field much of the 
primary graphite was expelled through the surface 

of the melt. It could not always be established mic- 
roscopically whether the remaining graphite was pri- 
mary or purely eutectic. Therefore it was not pos- 
sible to determine accurately the boundary curve 


- which drops from the binary eutectic e; at 1309°C* 


to the point of the four-phase reaction at F. The ter- 
nary carbide is the primary phase in the field labled 
kK. To the right of this field the primary graphite is 
consistently nodular whereas flake graphite is obser- 
ved at tin contents somewhat below F. The ternary 
carbide does not appear to solidify congruently. The 
graphite is attacked in a peritectic reaction along 

the boundary between k and C. Thus no graphite is 
observed in alloys in the x field. In alloys right of 
the boundary between xk and C the graphite nodules 
are located in the center of the k crystallites, further 
documenting the peritectic nature of the reaction 
with the graphite. A four-phase reaction was found 


at F and 1120 +3°C. The most likely reaction is 
L+ a-Co+C-x. Below the temperature of the 
binary eutectic ¢2 at 1112°C* a second four-phase 
reaction was observed at E and 1100 +3°C. It is 
the ternary eutectic L~a-Co+k+y. 

Figs. 2(a ) to (e) show microstructures of the ter- 
nary alloys in the as-cast condition. Fig. 2(a) 
shows the eutectic a-Co + C (with some primary 
graphite) with the carbide x in the grain boundaries. 
Fig. 2(b) shows primary cobalt (dark areas) and the 
eutectic a-Co + x which is formed along F-E. 
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25 


Cc, ATOMIC PER CENT 


Fig. 1—Co-Sn-C, Liquidus Projection. Open circles: 
primary K 
Filled circles: primary C 
Horizontally half-filled circles: primary Y 
Vertically half-filled circles: primary a-Co 
Circles with dot: eutectic microstructure 


Fig. 2(c) shows eutectic a-Co + x with some ter- 
nary eutectic. In Fig. 2(d) nodular graphite is sur- 
rounded by ternary carbide k and some eutectic 

K+ y. Fig. 2(e) shows the binary eutectic x + yand 
ternary eutectic E (dark areas). 

The appearance of nodular graphite in Co-Sn-C 
alloys is remarkable because tin prevents the for- 
mation of nodular graphite in cast iron.”® Nodular 
graphite was observed at a minimum tin content 
of about 6 at. pct together with flake graphite. The 


2(a)—84.0 at. pet Co, 2.2 at. pet Sn, 13.8 
at. pet C. Os 


TN 


Co tS) 10 15 20 25 


Cc, ATOMIC PER CENT 
Fig. 3—Co-Sn-C, Isothermal Section at 950°C. 
Open circles: single phase. Half-filled circles: two phases. 
Filled circles: three phases. 


occurrence of nodular graphite increases with tin 
content but addition of more than 10 at. pct Sn is 
required to obtain a major portion of the graphite 
in nodular form with slow cooling as by sand cast- 
ing. Faster cooling of the melt as by chill casting 
leads to nodular graphite in alloys with smaller tin 
additions. 

The isothermal section at 950°C was obtained with 
samples annealed in evacuated and sealed quartz 
tubes. Long annealing times were required to reach 
equilibrium in samples surrounding the kK single- 
phase region. Therefore those samples were an- 
nealed 70 hr or more. The remaining half of the 


6.2 at. pct C. 


Fig. 2—Microstructure of as-cast 
Co-Sn-C alloys. X250. 


2(d)—71.7 at. pet Co, 21.2 at. pct Sn, 7.1 2(e)—64.4 at. pet Co, 32.0 at. pct Sn, 3.6 


at. pct C. at. pet C. 
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samples was annealed 15 hr. The specimens were 
water-quenched and investigated microscopically 
and by X-ray diffraction. The amount of the ter- 
nary phase k increased with annealing time for 
specimens that solidfied with primary xk. The iso- 
thermal section at 950°C is shown in Fig. 3. The 


maximum carbon content of the ternary compound 
is less than 10 at. pct. 
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The Stress-Induced Ordering Internal Friction 


of Iron-Rich Alloys of Iron and Aluminum 


; Low-frequency mechanical damping measurements were made 
to investigate internal friction in Fe-Al alloys. The atomic order- 
ing of the Fe-Al system strongly influenced the stress-induced or- 


dering internal friction. Magnetoelastic damping was also encount- 


J. C. Shyne 


ered and was shown to be reduced by the application of a static 


stvess. 


Tuts paper describes some damping experiments 
made on alloys of Fe and Al. Stress-induced order- 
ing internal friction was measured with samples 
containing from 9.8 to 31.3 at. pct Al. Aluminum is 
soluble in a—Fe to about 50 at. pct and forms at 
least two long-range ordered structures, Fe3Al and 
FeAl.’ Stress-induced ordering internal friction is 
known to occur in many substitutional solid solu- 
tions, but few measurements of this damping effect 
have been made with alloy systems that have pro- 
nounced ordering tendencies. LeClair and Lomer 
developed expressions relating the relaxation 
strength of the damping process to the degree of 
atomic ordering and predicted that stress-induced 
ordering internal friction would be zero with com- 
plete ordering.” This concept was confirmed ex- 
perimentally by Lulay and Wert using the system 
Cd-Mg.° It is also consistent with the weak stress- 
induced ordering peaks observed in 8 -brass by 
Artman‘ and in 16 wt pct Al Fe-Al by Wert.” It was 
expected, therefore that the ordering characteris- 
tics of the system Fe-Al would strongly influence 
the stress-induced ordering internal friction ex- 
hibited by the experimental alloys. 


SAMPLE PREPARATION 


The alloys used in this investigation were induc- 
tion melted under vacuum using high-purity melting 
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stock. The iron was electrolytically refined Plastiron 
101 which contained 99.85 wt pct Fe. The aluminum 
was a special 99.95 pct pure grade supplied by Alcoa. 
The only other raw material was spectrographically 
pure graphite which was used in small quantities as 
a deoxidant. The amount of carbon used was slightly 
in excess of the amount required to completely deoxi- 
dize the melt; this resulted in residual carbon con- 
tents of 0.01 to 0.02 pct in the finished alloys. 

The vacuum cast 2 1/2-in. diam ingots were hot 
rolled to 5/8-in. diam round bars. Portions of 
these bars were hot swaged and hot drawn to 0.050- 
in. diam wire. Straight pieces of the hot drawn wire 
were slowly heated to a temperature of 1300°C ina 
He atmosphere. After holding for 4 hr, the samples 
were allowed to cool in the furnace. This annealing 
treatment resulted in grain growth in the samples, 
the final grain size being about the same as the wire 
diameter. The grain boundaries were oriented per- 
pendicularly to the wire axis, giving a bamboo grain 
structure. The existence of a preferred orientation 
could notbe detected in these coarse grained samples. 
If the samples had a fiber structure, this probably 
would have been the same in all samples because 
of similar processing, thus the influence of crystal 
orientation on the relaxation strength would have 
been similar in all samples. 

The aluminum contents of the alloys are listed 
in Table I. 


EQUIPMENT 
The principle of the torsion pendulum was used 


for the internal friction measuring device. The 
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Table |. Aluminum Contents of the lron-Aluminum Alloys Studied 


Wt. Pct At. Pet 
Aluminum Aluminum 

5.0 9.8 

6.6 12.8 

9.0 17.0 
10.5 19.6 
12.8 23.3 
13.9 
27.1 
17.3 30.2 
18.0 


equipment consisted of the torsion pendulum and 
its housing, a furnace with a temperature control 
unit, and the optical system with a drum camera 
for photographically recording the motion of the 

pendulum. 

The torsion pendulum, in which the Fe-Al wire 
samples were uSed as the torsion spring, was en- 
closed in a sealed housing. All damping measure- 
ments were made with a partial atmosphere of He 
in the chamber to avoid oxidation and to facilitate 
heat transfer. The 6-in. long, 0.050-in. diam sam- 
ples were held in the usual pin vise and rod ar- 
rangement.”” A variety of inertia members could 
be attached to the lower pin vise rod which exten- 
ded out of the heated part of the chamber. These 
permitted oscillatory frequencies of 0.3 to 5.0 cy- 
cles per sec. 

The samples were heated by a tube furnace which 
fitted over the sealed chamber. Three separately 
controlled resistance elements afforded convenient 
temperature adjustment. Sample temperatures were 
measured indirectly. Inside the vertical pendulum 
housing was placed an assembly consisting of a 1-in. 
diam copper tube twelve in. long and eight disc- 
shaped radiation shields, four shields at each end of 
the copper tube. This assembly was positioned so 
that the sample was inside the copper tube exactly at 
the center. Three thermocouples were attached to 
the copper tube, at its midpoint and 3 in. away from 
the middle toward each end. Temperature gradients 
were eliminated by adjusting the top and bottom con- 
trol temperatures until the top and bottom copper tube 
temperatures were within 1°C of the center temper- 
ature which was taken as the specimen temperature. 
The validity of this temperature measuring proce- 
dure was established by the use of a dummy sample 
to which were attached thermocouples at top, middle, 
and bottom positions. It was concluded that the true 
temperature of all parts of the sample was always 
within +1.5°C of the recorded temperature. 

The torsional oscillations were observed and re- 
corded with an optical system. The focused light 
beam from an illuminated vertical slit was reflec- 
ted by a mirror mounted on the lower pin vise rod. 
The reflected beam reached a drum camera located 
at the focal point of the image of the vertical light 
slit. As the sample in the apparatus twisted back 
and forth with the motion of the torsion pendulum, 
the reflected image swept back and forth across the 
face of the drum camera. The resulting photograph- 
ic traces represented the angular deflection of the 
freely oscillating sample as a function of time. 
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DAMPING MEASUREMENTS 


After being mounted in the apparatus, the sam- 
ples were heated to a temperature between 750° 
and 800°C and allowed to stand overnight. Anneal- 
ing in situ was intended to eliminate the effects of 
any plastic deformation which a sample might have 
experienced in mounting. The damping measure- 
ments were then made, always cooling the sample 
from one temperature to the next. The sample was 
given an initial angular deflection and then released 
letting the pendulum oscillate freely. The shutter 
on the drum camera was opened when the width of 
the oscillation envelope decayed to the desired in- 
itial value and was shut again after sufficient cycles 
had been recorded. The range of oscillation ampli- 
tudes used represented a range of maximum shear 
strains in the outer fibers of the wire samples from 
107° to 107°. 

The internal friction is reported in Q”' values. 
is defined by 


Q-* = (1/7) In (61/62) 


where 6; and 62 are the amplitudes of successive os- 
cillatious of the wire sample. With small amplitude 
6 is linearly proportional to A, the amplitude of the 
damped sine wave of the photograph; therefore, 


=(2.3/n m)logio (Ao/An) 


where A, is the amplitude at an arbitrarily chosen 
initial cycle and A, is the amplitude after n cycles 
of free oscillation. The photographic traces were 
measured and a plot of the logarithm of the ampli- 
tude versus the number of cycles was constructed. 
At least seven amplitude measurements were made 
from each trace; these were spaced over 35 to 280 
cycles depending on the decay rate. The slope of 
such a plot is proportional to the internal friction. 
This damping measuring procedure was used at 
many temperatures for each alloy and frequency 
combination. The resulting data were then plotted 
as internal friction vs temperature curves. 


INTERFERENCE CAUSED BY MAGNETOELASTIC 
DAMPING 


In view of the strong magnetostriction exhibited 
by ferromagnetic Fe-Al alloys, it is to be expected 
that they would be subject to magnetoelastic static 
hysteresis damping. Magnetoelastic static hystere- 
sis damping results from the movement of magnetic 
domain boundaries caused by the applied cyclic strain. 
Fischbach has proved the existence of this sort of 
damping in Fe-Al by showing that a large amplitude 
dependent component of the damping could be elimin- 
ated by measuring the internal friction with the sam- 
ple subjected to a strong magnetic field.® 

Magnetoelastic static hysteresis was encountered 
in this investigation where it interfered with the mea- 
surement of the stress-induced ordering internal 
friction. The interference was important only in the 
alloys that were lower in Al. The effect of the magne- 
tic damping was to cause a high background internal 
friction and to increase the scatter in the individual 
measurements. . 
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Fig. 1—Internal friction of 12.8 at. pet Al oscillated at 1.5 
cps with different static axial tension. 


The magnetoelastic damping was eliminated or at 
least greatly reduced by applying static axial tension 
to the samples that were subject to the interfering ef- 
fect. Since the static tension applied was 1000 psi 
or more, the strain caused by the static tension was 
at least an order of magnitude greater than the maxi- 
mum shear strain imposed by the oscillatory motion 
of the pendulum. It was concluded that the applica- 
tion of a static stress was similar in effect to the ap- 
plication of a magnetic field in preventing the move- 
ment of the magnetic domain boundaries in response 
to the cyclic strains. In this respect the behavior of 
Fe-Al alloys was similar to that of the Fe-Co and Fe- 
Cr alloys examined by Cochardt.°® The use of rela- 
tively high axial tension to avoid magnetoelastic damp- 
ing eliminated the necessity for performing many of 
the damping measurements with the sample within a 
strong magnetic field, a more difficult and perhaps 
superior means of reducing magnetoelastic hystere- 
sis. 

Fig. 1 shows two internal-friction peaks obtain- 
ed with an Fe-Al alloy containing 12.8 at. pct Al. 

The sample was subjected to an axial tension of 

510 psi for the higher peak and 2120 psi for the 
lower peak. The oscillatory frequencies were al- 
most identical, 1.57 cycles per sec for the higher 
peak and 1.52 cycles per sec for the lower. With 
the larger axial tension imposed, the internal fric- 
tion was not measurably amplitude dependent, point 
scatter was reduced, and the background damping 
decreased. Even after subtracting the background 
damping, the relaxation strength as measured with 
the lighter static tension appeared erroneously high. 
To avoid the magnetoelastic damping effect all the 
samples with less than 19 at. pct Al were oscillated 
with at least 1000 psi static axial tension in obtain- 
ing the relaxation strength and activation energy data. 


ACTIVATION ENERGY 
The relationship between temperature and the 
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Fig. 2— Logarithm of relaxation time for stress-induced 


ordering vs reciprocal of temperature. 


The slopes indi- 


cate activation energies of 58.0 and 56.7 kcal per mol for 


12.8 and 27.1 at. pct Al, respectively. 


stress-induced ordering internal friction can be 
described by 


= Aw7/(1 + w?7°) 


where A is the relaxation strength, w is the angular 
frequency, and 7 is the relaxation time. Since the 


relaxation process is thermally activated 
T = 7 exp (H/RT) 
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Fig. 3—Stress-induced ordering internal-friction peaks 


observed at 3 different frequencies with a 12.8 at. pct Al 


alloy. 
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Fig. 4—Stress-induced ordering internal-friction peaks 
observed at 4 different frequencies with a 27.1 at. pct Al 
alloy. 


H being the activation energy for the relaxation pro- 
cess and 7 a constant. The logarithm of the relax- 
ation time, 7, is a linear function of the reciprocal 
of the absolute temperature, 1/T. The slope of a 
plot of Int vs 1/T is numerically equal to H/R, the 
activation energy divided by the ideal gas constant. 
Fig. 2 contains such a plot for two alloys, 12.8 and 
27.1 at. pct Al. The measured oscillatory frequency 
at the peak, f, was used to obtain 7, 


Four peaks were used for the 27.1 at. pct Al alloy 
but only three for the 12.8 at. pct Al sample. These 
peaks are plotted in Fig. 3 and 4. The lower alumi- 
num content alloys that were subject to the magneto- 
elastic damping were oscillated with at least 1000 
psi static tension applied. This made it impossible 
to oscillate the 12.8 at pct Al sample at the highest 
frequency. 

The slopes of the best straight lines that could be 
drawn through the data points in Fig. 2 indicate acti- 
vation energies of 58.0 and 56.7 kcal per mol for 12.8 
at. pct Al and 27.1 at. pct Al, respectively. In view 
of the relatively narrow temperature range of the 
data it would be unwarranted to claim that the two 
values are significantly different from each other. 
These activation energy values are very similar to 
the value for the activation energy for chemical dif- 
fusion of Al in Fe reported by Grébner, which was 
56.0 kcal per mol.*° The 7% values indicated by the 
two lines are 5.3 x 10°*’ sec for the 12.8 at. pct Al 
alloy and 1.5 x 10 *” sec for 27.1 at. pct Al. 


RELAXATION STRENGTH AND AL CONTENT 


Zener proposed that the stress-induced ordering 
internal friction was caused by the reorientation of 
solute atom nearest neighbor pairs." Nowick and 
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Fig. 5—Relaxation strength of the stress-induced ordering 
damping vs Al content. Frequency, 1.5 cps. 


LeClaire and Lomer’ extended this idea to include 
more complex atomic groupings. In solid solutions 
that do not have an ordered structure the stress-in- 
duced ordering internal-friction relaxation strength 
is approximately proportional to the square of the 
solute concentration. It is to be expected that atomic 
ordering would change this since in a system with 
long or short-range order the number of nearest 
neighbor solute atom pairs would not increase as 
the square of the solute concentration but would 
vary in some more complex manner. The analysis 
of LeClair and Lomer indicated that in perfectly 
ordered alloys this type of damping should be elim- 
inated. 

Fig. 5 shows the observed variation in the stress- 
induced ordering relaxation strength of the Fe-Al 
alloys examined. These data were obtained from a 
series of peaks all with a frequency of about 1.5 
cycles per sec. At 1.5 cycles per sec it was pos- 
sible to load those samples subject to magnetoelastic 
hysteresis with axial loads of about 2000 psi and to 
obtain peak temperatures well below the critical tem- 
perature for long-range order with those samples 
subject to long-range ordering. To correct the mea- 
sured internal friction it was necessary to subtract 
a background value from the measured value. In the 
temperature range of the peak there was no direct 
way of measuring the background internal friction, 
so a smooth curve was drawn connecting the mea- 
sured values on each side of the peak. The back- 
ground values so estimated were then used to con- 
struct corrected internal-friction peaks. The relax- 
ation strengths, A, were taken from the corrected 
peaks by multiplying the peak heights by two. 

Below 10 at. pct Al, only a negligible stress-in- 
duced ordering damping occurred. In the 9.8 at. 
pet Al alloy the stress-induced ordering internal 
friction was so small as to be almost lost in the 
background internal friction. -This indicates that 
at low Al contents the atomic configurations that 
are necessary to give the damping effect were 
absent. It is to be expected that even at low Al 
contents, Fe-Al alloys should have a high degree 
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of short-range order because of the large differ- 
ence in atomic size. Apparently, above 10 at. pet 
Al, the Al atoms were so plentiful that they could 
not avoid forming configurations that result in 
stress-induced ordering internal friction. 

Beyond 10 at. pct Al, the relaxation strength 
increased rapidly with increasing Al content, 
reaching a maximum at approximately 19 at. pet. 
This composition seemed to be the minimum alumi- 
num content for FesAl long-range order. As the 
Al content was further increased the relaxation 
strength decreased rapidly, reaching a minimum 
at 25 at. pct Al. This behavior was consistent 
with the prediction of LeClair and Lomer that the 
relaxation strength should be decreased by ordering. 
The fact that the observed relaxation strength was 
not zero indicates that some degree of thermal dis- 
order existed in Fe;Al at the temperatures where 
these stress-induced ordering peaks were measured. 
This certainly to be expected since the peak temper- 
atures were no more than 100°C below the order- 
disorder transformation temperature. This slight 
disorder at the Fes3Al composition was also consis- 
tent with the X-ray work of Bradley and Jay, which 
indicated that very slowly cooled FesAl had a slight 
deviation from perfect ordering.’ 

Beyond 25 at. pct Al, the relaxation strength did 
not change very much as more Al was added. The 
relaxation strength of the alloy highest in Al con- 
tent, 31.3 at. pct, was very little greater than the 
25.1 at. pct Al relaxation strength. This observa- 
tion was also consistent with the X-ray studies of 
Bradley and Jay who reported that as Al atoms are 
added to the ordered FesAl lattice they are accom- 
modated so as to increase the perfection of the FeAl 
ordering and that the number of Al-Al pairs should 
increase only slightly. In that respect Fe-Al acted 
in contrast to the reported behavior of Cd-Mg; Lulay 
and Wert showed that additional Mg in excess of 
CdsMg increased the relaxation strength very rapid- 
ly. 


INFLUENCE OF TEMPERATURE ON RELAXATION 
STRENGTH 


The critical temperature for long-range ordering 
in FesAl is 560°C. This temperature is not much 
higher than the internal-friction peak temperatures. 
It is to be expected that the perfection of the long- 
range order would decrease rapidly with increasing 


temperature as the critical temperature is approached. 


This in turn would be expected to cause an increase 
in relaxation strength for the stress-induced ordering 
internal friction. 

In Fig. 6 relaxation strength is shown as a function 
of temperature for the 12.8 and 27.1 at. pct. Al alloys. 
The static axial tensile stresses are also indicated. 
The relaxation strength for the 27.1 at. pct Al alloy 
seemed fairly constant below 510°C but increased 
rapidly as the peak temperatures were increased. It 
is believed that this was caused by a decrease in the 
perfection of the long-range order as the critical 
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Fig. 6—Influence of peak temperature on the observed re- 
laxation strength of the stress-induced ordering internal 
friction in alloys with 12.8 and 27.1 at. pct Al. The numbers 
in parentheses show the static axial tension in psi. The solid 
data points were obtained with a special heavy inertia member 
designed to apply a high axial tension while oscillating the 
sample at about 1.5 cps. 


temperature, 560°C, was approached. The 12.8 at. 
pct Al alloy showed what appeared to be a similar 
behavior. However, the relaxation strengths mea- 
sured with less than 1000 psi were undoubtedly er- 
roneously high because of magnetoelastic damping. 
The relaxation strengths for that alloy with 1000 psi 
or more static tension applied indicate no unusual in- 
crease in relaxation strength with temperature. As 
can be seen in Fig. 6, the relaxation strength of the 
27.1 at. pct Al alloy was not sensitive to variations 
in the static tension. 
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Rare-Earth Compounds with the MgCuy Structure 


A number of new AB, compounds, in which A is a rare earth 
or yttrium atom and B is Al, Mn, Fe, Co, or Ni, having the cubic 
MgCu, structure (Laves phase) are reported. In most of the com- 
pounds, the interatomic distances are normal; the lanthanide con- 
traction is observed. However, in the compounds CéeBz, B = Fe, Co, 
Ni, Ce appears to have a valence substantially greater than three; 
in CeAlz, Ce appears to be trivalent. These results are inter preted 
as resulting from an energetically more favorable situation for the 


4f electron of Ce to be lost to the 3d band of Fe, Co, and Ni. Evi- 
dence for the existence of homogeneity ranges in these compounds 


is presented. 


Tue purpose of this paper is to report on the crys- 
tallographic investigations of a large number of new 
compounds, Table I, with the MgCuz structure (cu- 
bic Laves phase). It is a part of a continuing study 
of the magnetic properties and structures of binary 
systems involving the rare earths. In a previous 
paper’ some of the magnetic properties of such sys- 
tems were reported briefly. We have also reported” 
a number of compounds of the CusCa type. 

The compounds were prepared by induction melt- 


J. H. Wernick 
S. Geller 


ers of elements of lower purity, to peritectic reactions 
in some cases, and to the presence of homogeneity 
ranges in these alloys, so that melting losses would 
still result in single phase alloys. The possibility of 
existence of homogeneity ranges in these compounds 
was investigated systematically only for GdMnz. At 
room temperature, the solid solution range is between 


Table |. Lattice Constants for the AB. Compounds* 


ing in Argon atmosphere of mixtures of stoichiomet- B A a(A) 
ric amounts of the constituent elements.* For most Al Y 7.855 

*All of the rare-earth elements, except Pr (99.9+ pct), and Y were of La 8.145 
99+ pct purity. Mn, Fe, Co, and Ni 99.9+ pct. Al and Cu 99,999 pct. Ce 8.059 
of the compounds fused alumina or silica crucibles by am 
were used as the containing vessel; graphite crucibles Sm 7.940 
were used to prepare CeAlz2, NdAlz2 and TbAl2. X-ray Gd 7.900 
powder photographs were taken with CrKa radiation a Sir 
and the use of Straumanis-type Norelco cameras of Ho 7.813 
114.6 mm diam. Er 7.795 

, he compounds AB2 belong to space group Fd3m- Mn Gd 7.724 
0, with 8A in a): (000; 0 /2 + 000; T 
and 16B in d): (000; + % °/s 7507 
/s /s;O. Because the intensities of the reflections Fe Ce 7.303 
on the powder photographs of the different com- Sm 7.415 
pounds are similar, relative intensities were com- Gd 7.39 
puted only for DyMnz for CrKa radiation, Table II. Dy 7.325 
In the calculation of intensities, the Thomas and 1 aes 
Umeda® atomic scattering factors, corrected for dis- c = ces 
persion,* were used. The agreement between obser- 
ved and calculated intensities leaves little doubt that Pr 7.312 
DyMnz has the MgCuze structure. Sm 7.260 

Crystallographic data for the ABz compounds are Gd 7.255 
given in Table III. Twelve of these compounds have “ nied 
been reported by other authors. A comparison of the Ho 7.168 
published results with our work is given in Table IV.* Er 7.144 

*A number of these rare-earth AB, phases involving Mn, Fe, Co, and M ie 7,202 
Ni have also been prepared by Nassau, Cherry, and Wallace.”* In most Pr 7.285 
cases, our lattice constants are in reasonably good agreement. We have Nd 7.270 
not placed their values of lattice constants in Table IV, since the work Sm 7.226 
has not yet appeared in print. Gd 7.202 
There is good agreement in some cases; the discrep- Be ies 
ancies may be due in part tothe use by previous work- Ho 7.136 

J. H. WERNICK, Member AIME, and S. GELLER are Members, Tech- e 711 


nical staff, Bell Telephone Laboratories, Murray Hill, N. J. 
Manuscript submitted January 18, 1960. IMD 


*All lattice constants are within +0.005A except fo 
GdFe, and ErNi, (+0.01A). ober 
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Table Il. Observed and Calculated Spacings and Intensities 
for DyMn. CrK@ Radiation. 


BB | 4.436 4.467 m 47 
220 2.726 2.735 s 168 
SEY 2.328 2.333 vs 232 
222 2.229 2.233 w—m 29 
400 n.o.* — - 3 
331 1.773 W775 w 12 
422 1.578 1.579 m—s 70 
511,033 1.488 1.489 m—s 94 
440** 1.3671 1.3677 m—s 91 
531 1.3069 1.3078 w PAR 
620 152231 1.2233 m—s 97 
533 1.1800 1.1799 s 152 
622 1.1664 1.1664 m—s 76 


js=strong, m=medium, w=weak, v=very. 
*n.o. =not observed. 
**Beginning here, d values for @, and 4, averaged. 


32 and 40 at. pct Gd. A minimum in the lattice con- 


stant occurs at the composition corresponding to 
GdMnz. * 


*Further evidence was obtained for TbMn,. The X-ray photograph of 
a melt of TbMn,, the composition of which changed due to melting 
losses, showed an extra line indicating the presence of second phase 
and an observable change in lattice constant of the cubic phase (7.616A). 

In the case of GdFez, X-ray analysis indicates that 
there are two phases present at this composition. We 
were able to estimate the lattice constant of the cu- 
bic phase which possibly does not have the ideal com- 
position. Our value is considerably smaller than that 
previously reported,” Table IV, but appears to fit 
much better the established pattern, as seen in Fig. 1. 
X-ray studies on single crystal chips obtained from 
GdFeez ingots are under way. 

Differential thermal analyses of a number of the 
compounds were carried out. No transitions were ob- 
served between room temperature and 880°C for 
YCo2, GdMne2, PrNi2z, and GdFee2. For PrNiz, this in- 
formation is in agreement with the published phase 
diagram.® For GdCoz, a heat effect was observed at 
640°C. The nature of this transition is to be investi- 
gated further by high-temperature X-ray photography. 


DISCUSSION 


For the ABz compounds, each A atom is surrounded 
tetrahedrally by four A atomsat av3/4A andby twelve 
Batomsatasmaller distance, aV11/8A. Each B atom 
is surrounded octahedrallybysix B atomsata v2, /4A. 
and by six A atomsatalarger distance, av11/8A. The 
interatomic distances are given in Table IV. It has 
been pointed out 7’ that the Laves phases* are deter- 

*Two hexagonal AB, phases having the MgZn, and MgNi, structures 
are also called Laves phases. They differ from the cubic phase in the 
stacking of the close-packed layers. 
mined mainly by size considerations, but other fac- 
tors, such as electron concentration, do enter in de- 
termining the stability. We will show below that 
strong electronic interactions occur in some of the 
compounds reported here. 

The plots of lattice constant vs atomic number of 
the rare earth, Fig. 1 show four important features: 

First, Ce appears to have a valence substantially 
greater than three only for the Fe, Co, and Ni com- 
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Table Ill. Interatomic Distances for AB. Compounds 
B 6 4 
A dip 
Al N 2.78 3.40 3.26 
La 2.88 3.38 
Ce: 2.85 3.49 3.34 
Pr 2.84 3.48 3.33 
Nd 2.83 3.46 3.32 
Sm 2.81 3.44 3.29 
Gd 2.79 3.42 3.28 
Tb 2.78 3.41 3.26 
Dy 2.77 3.39 3225 
Ho 2.76 3.38 3.24 
Er 2.76 3.38 3.23 
Mn Gd 2.73. 3.34 3.20 
Tb 2.69 3.30 3.16 
Dy 2.68 3.28 3.14 
Ho 2.65 3.25 
Fe Ce 2.58 3.16 3.03 
Sm 2.62 3.21 3.07 
Gd 2.61 3.20 3.06 
Dy 2.59 Salis: 3.04 
Ho 2.58 3.16 3.03 
Er 2.57 BalS 3.02 
Co We 2.55 3.13 2.99 
Ce 2.53 3.10 2.97 
Pr 2.59 3.03 
Sm 2.57 3.14 3.01 
Gd 2-57: 3.14 3.01 
Tb 2.55 2.99 
Dy 2.54 3.11 2.98 
Ho 2.53 3.10 2.97 
Er 2.53 3.09 2.96 
Ni Ce 2.55 3.12 2.99 
Pr 2.58 3.15 3.02 
Nd 2.5% 3.15 3.01 
Sm 2.56 3.13 3.00 
Gd 2.55 Sel? 2.99 
Tb 2.53 3.10 2.97 
Dy 3.10 2.97 
Ho 2.52 3.09 2.96 
Er 201 3.08 2.95 


pounds.* For these compounds, it appears that the 


*This was also observed in Co and Ni compounds having the Cu,Ca 
structure,” 
4f electron is lost to the 3d band of Fe, Co, and Ni, 
resulting in a decrease in size of the Ce atom. The 
energy separation of the atomic 3p level of Al and 
the atomic 4f level of Ce is greater than the sepa- 
ration of the 3d levels of the transition elements 


Table IV. Comparison of Previously Reported Lattice 
Constants with Those Obtained in This Work 


a(A), a(A), 
Literature Present Work Reference and Remarks* 

YAl, 7.860 7.855 22 

LaAl, 8.18, 8.17, 8.13 8.145 19, 14, 20 

LaNi, 7.262 - 5, melts incongruently 

CeAl, 8.055, 8.11 8.059 13, 14 melts congruently (6) 

CeFe, 7.302 7.303 16,17, 8 melts incongruently 

CeCo, 7.155 7.161 17 

CeNi, 7.192, 7.204 7.202 18, 17 melts incongruently 

PrAl, 8.035 8.025 27,12, has reported existence 
but no lattice constant; 
melts congruently. 

PrNi, 7.206 7.285 5, melts incongruently 

GdMn, 7.73 7.724 21 

GdFe, 7.43 7,39 21 

NdAl, 7.999 8.000 Die 

SmAl, 7.943 7.940 27 


*The comments come from the indicated references. 
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Fig. 1—Lattice constants vs atomic number of rare-earth 
element for compounds of Al, Mn, Fe, Co, and Ni. 


7.30 


7.20 


and the Ce 4f level.’ Assuming these energy sepa- 
rations are maintained in forming the compounds, it 
is energetically more favorable for the 4f electron 
of Ce to be lost to the 3d band of Fe, Co, and Ni than 
to the 3p band of Al. For the compounds A Péz, where 
A = Ce, Pr, Nd, and Gd, the lattice constant data of 
Compton and Matthias” and Zachariasen” show that 
Ce in CePtz also acts trivalently, as in CeAle, Fig. 2. 
This is consistent with our argument for in this case, 
the atomic 5d level of Pt is at a higher energy state 
than the Ce 4 fievel. On the other hand, Ce in the 
compounds” of Rh and Ru has a valence greater than 
three because the 4f energy level is slightly higher 
than the 4d energy level. 

Second, the lattice constant for CeCo, is smaller 
than the value obtained for CeNiz. This may be ex- 
plained by speculating that the composition of the pro- 
duct of the peritectic reaction is not the ideal CeNiz 
and that a homogeneity range exists. Alternatively, 
it may be thought that in the Ni compound, the 4f elec- 
tron of Ce stays in the 4f shell more of the time than 
in the CeCo, compound. This could be a suitable ex- 
planation were it not for the fact that in the CusCa 
type compounds’ the behavior is normal. 

The work performed on these cubic Laves phases 
and on the CusCa type compounds shows that the rare 
earths follow the lanthanide contraction in these com- 
pounds with the exceptions already indicated and ex- 
plained. This is true even to the indication of a cusp 
at the Gd point (third feature) in the graph of volume 
per unit cell vs atomic number. This is in accord 
with the recent work on the rare-earth metals by 
Spedding and Daane.** We have not yet made any Eu 
and Yb compounds, but these should be very interest- 
ing because of their abnormally large elementary 
atomic volumes” which indicate that Eu and Yb are 
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Fig. 2—Lattice constants vs atomic number of rare-earth 
element for compounds of Pt, Ru, and Rh. 


behaving as though they have a valency closer to two 
than to three. 

Finally, it appears that the effective size of Mn is 
increasing as the rare- ~earth atomic number decreases. 
It is hoped that magnetic” ° and further structural in- 
vestigations on the Mn compounds, as well as on solid 
solutions (i.e., ternary systems), will lead to an under- 
standing of this behavior. Neutron diffraction studies 
should also be of great value. 
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Deformation Modes of Zirconium at 77°, 575°, 


and 1075°K 


The only slip system observed in zirconium crystals deformed 
at 77°, 575°, and 1075°K was (1010) [1210] with a critical resolved 
shear stress in tension of 1.0 kg per sqmm at 77 °K; 0.2 kg per sq 
mm at 575°K; and 0.02 kg per sq mm at 1075°K. The active twin 


planes were {1012}, {1121}, {1122}, and {1123} with varying temper- 


E. J. Rapperport 


ature dependence. A detailed analysis for the slip direction using 


Laue spot asterism is appended. 


Nearty all metals of the hexagonal close-packed 
structure exhibit basal slip, 7. e., (0002) <1120>- type 
slip. This is true of magnesium,’ zinc,” cadmium, ? 
beryllium,’ titanium,’ yttrium,® and rhenium.” Many 
of these, such as titanium®* beryllium,*”” mag- 
nesium,*” and zinc’*’* display other slip modes even 
at room temperature, and nearly all have been re- 
ported to slip on other systems under particular 
loading or temperature conditions of testing. 

As is shown in this paper, basal slip was not found 
at any of four test temperatures from 77° to 1075°K 
in hexagonal close-packed zirconium under the sim- 
ple loading conditions of tension and compression, 
even though in one case the resolved shear stress on 
the inactive (0002) <1120>system was twenty-five 
times higher than the critical resolved shear stress 
on the active (1010) [1210] system. This result is 
consistent with prior studies on the active deforma- 
tion processes in zirconium deformed at room 
temperature.” 


SPECIMEN PREPARATION 


A) Material— The zirconium used in this work was 
of two types: 1) as-deposited reactor grade crystal- 
bar, and 2) arc-melted and forged reactor grade 
crystal-bar. Typical chemical and spectrographic 
analyses of these materials as received, and after 
hydrogen removal and crystal growth are given in 
Ref. 17. Crystals of type 1) above have the letter 
prefix (A) and those of type 2) have the prefix (B) 
throughout this paper. 

B) Crystal Growth—The zirconium was machined 
into rectangular parallelepipeds about 0.2-in. sq 
in cross section and 2 in. long. These were hand 
polished through 4/0 abrasive paper, electropolished, 
given a hydrogen removal anneal, and subjected to 
long-time anneals at 840°C in vacuo to produce 
usable crystals.’” A second technique used to obtain 
large crystals was to cycle the samples two or three 
times between 1200° and 840°C, allowing them to 
remain at the higher temperature for about 4 hr and 
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at the lower temperature for 5 days.’” These tech- 
niques yielded some grains which occupied the en- 
tire cross section of the bar and were as long as 
3/4 in. 

C) Orientation Determination—After the growth of 
large crystals by thermal cycling, the samples were 
repolished with extreme care through 4/0 abrasive 
paper and electropolished. Metallographic examina- 
tion after polishing showed the surfaces to be free 
of visible deformation traces. 

Standard Laue back-reflection X-ray techniques 
were used to find the crystallographie orientations 
of selected large grains with respect to a specimen 
face and edge. Fig. 1 shows the stereographic pro- 
jections of the stress axes for the crystals used. The. 
sharpness of the spots on the Laue photographs indi- 
cated that the crystals were of good quality. 


EXPERIMENTAL METHODS 
Nine crystals were deformed in tension at 77°K, 


nine in tension and five in compression at 300°K 


in previous tests,’ fifteen in tension at 575°K, and 
eleven in tension at 1075°K. All specimens were 
stressed by load increments. After a predeter- 
mined load was applied, the specimen was removed 
from the loading appratus and metallographically 
examined for deformation traces. 

An attempt was made to initially stress each bar 
so that some crystals slipped a small amount and 
others not at all. This was done to bracket the 
critical resolved shear stress. One bar of special 
orientation (B-11) was repolished and annealed at 
1075°K for 1 hr after lower temperature deforma- 
tion, before final deformation at 1075°K. 

In the other bars the loading by increments, fol- 
lowed by metallographic examination, was con- 
tinued until the surface distortion would interfere 
with analysis, or until fracture. One example of a 
crystal pulled to fracture is shown in Fig. 2. This 
photograph shows a crystal (B-14C) which was 
pulled at 1075°K and failed by slip on two {1010} 
planes. The approximate orientation of this crys- 
tal is illustrated in the figure. 

Specimens were deformed at 77°K in liquid nitro- 
gen on a tensile machine using an insulated bucket 
with an internal hook to accept a clamped specimen. 
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At 575°K the specimens were dead-loaded in air 
with the loading linkage passing through a tube 
furnace. The arrangement at 1075°K was similar 

to that at 575°K except that it was necessary to 
enclose the specimen in an evacuated silica tube, 
Fig. 3, that was inserted into the furnace. For criti- 
cal resolved shear stress measurements the load 
was fixed to the linkage within the silica tube and 
was applied by lifting the sample and linkage of the 
bottom of the tube. This was accomplished by lifting 
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<I120> 


€ Fig. 1—Orientations of crystals of zir- 
{1120} 


conium. Points indicate stereographic 
projections of applied stress directions. 
Curved line near (0002) is the locus of 
points where the resolved shear stress 
on the basal system is three times that 
on the prism system. 


the top rod as shown in Fig. 3. Higher loads (above 
3 kg) were applied by means of a linkage through the 
seal at the bottom of the tube. 


EXPERIMENTAL RESULTS 


A) Slip—The slip planes active at each tempera- 
ture were determined by stereographic analysis of 
the slip traces on sample surfaces. On most of the 
crystals, traces on two or more adjacent surfaces 
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Fig. 2—Sample bar B-14, which failed in crystal B-14C by 


shear on two symmetrically located {1010} slip planes. The 


two parts are rotated 90 deg with respect to one another 
about the stress axis to show both the sharp point projec- 


tion (right) and the long edge projection (left) of the failure. 


The approximate crystal orientation of this grain is indi- 
cated by the line drawings above each part. 


could be paired, which permitted unique determina- 
tion of the slip plane.*® Traces ona Single surface 
were analyzed by a method similar to the one de- 


scribed in Ref. 18. The only active slip planes at the 


four temperatures investigated were {1010}. — 

The slip direction was determined on crystals 
deformed at 300°” and 575°K. It was previously 
determined, at 300°K, from metallographic obser- 
vation of the step heights across slip traces on two 
adjacent surfaces of specially oriented crystals.’” 
At 575°K it was determined by the analysis of 
asterism on spots in Laue back-reflection X-ray 
photographs. The analysis of Laue spot asterism is 
given in the Appendix. Both techniques gave the 
slip direction as the close-packed direction <1120>. 

Critical resolved shear stresses (7,,) at 77°, 575°, 
and 1075°K were determined by calculating the ac- 
tual resolved shear stress on all six systems (three 
of these are identical in magnitude with the other 
three but different in sense) in each crystal for the 
load applied. At each test temperature 7,, was ob- 
tained by noting which of the systems were active 
and which were not under the various resolved 
shear stresses. Values of 7, for the temperatures 
investigated are 1.0 kg per sq mm at 77°K, 0.20 kg 
per sq mm at 575°K, and 0.02 kg per sq mm at 
1075°K. These values were obtained from examina- 
tion of the resolved shear stress data of Table I. 
They are values below which no slip was observed 
and above which slip was observed in crystals of 
good geometry with no prior slip traces. These re- 
sults have an estimated precision of about 10 to 20 
pet for the crystals tested. The critical resolved 
shear stress at 300°K is 0.65 kg per sq mm and 
was found by direct observation of the stress as- 
sociated with the first visible slip trace.*” 

B) Twinning—The active twin planes at all test 
temperatures were found by one-trace and two- 
trace stereographic techniques referred to in the 
section above. The twin planes were found experi- 
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Fig. 3—Assembly for tensile testing of crystals at 1075°K. 
(A) Specimen; (B) Clamp; (C) Hook; (D) Vacuum port; (EF) 
Thermocouple port; (F) Vacuum seal; (G) Holding nut; (H) 
Loading hook; (I) Furnace. 


mentally at all the test temperatures; however, 

the other twin elements (shear direction, shear 
magnitude, and so forth) were found experimentally 
inearlier work only onsamples deformed at 300°K,”” 
Table II. 

Table III summarizes the occurrence of the vari- 
ous observed twin planes at each of the test tempera- 
tures. 

At each temperature, measurements were made of 
the absolute thicknesses of the active twin families 
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Table |. Resolved Shear Stresses on Each of the Three (1010) 
[1210]-Type Slip Systems in Zirconium Crystals Deformed in 


Tension at 77°, 575°, and 1075°K 


Deformed at 77°K 


Table | (Continued) 


Deformed at 1075°K 


Slip Resolved Shear Stress Slip Trace 
Crystal Type* (1010)[1210], Kg/mm? Density** 
B-17C A 0.0344 H 
B-17A A 0.0329 H 
B-17D A 0.0319 H 
B-17C B 0.0298 M 
B-17A B 0.0270 M 
B-17B A 0.0266 M 
B-11A A 0.0210 L 
B-11C A 0.0197 VL 
B-11D A 0.0180 VL 
B-11D B 0.0169 None 
B-17D B 0.0169 None 
B-11C B 0.0163 None 
B-17D c 0.0154 None 
B-17B B 0.0139 None 
B-17B 0.0130 None 
B-11A B 0.0130 None 
B-11A Ee 0.0080 None 
B-17C (S 0.0053 None 
B-17A S 0.0051 None 
B-11B A 0.004 None 
B-11B B 0.003 None 
B-11C 0.003 None 
B-11B 0.001 None 
B-11D 0.001 None 


Slip Resolved Shear Stress Slip Trace 
Crystal Type* (1010) [1210], Kg/mm? Density ** 
B-12C A 2.46 H 
B-12D A 2232) H 
B-12C B H 
B-12D B 2-23 H 
B-12A A H 
B-12A B 1.90 H 
B-11A A 73 H 
B-11C A 1.62 H 
B-11D A 1.50 M 
B-11D B 1.41 ML 
B-11C B 133) ML 
B-11A B 1.06 VL 
B-11A (S 0.710 None 
B-12B A 0.705 None 
B-12B B 0.602 None 
B-118 A 0.343 None 
B-11C C 0.303 None 
B-11B B 0.272 None 
B-12A & 0.222 None 
B-12D & 0.188 None 
B-11D C 0.120 None 
B-12B 0.101 None 
B-12C Cc 0.096 None 
B-11B Cc 0.082 None 
Deformed at 575°K 
B-15B A 131 H 
B-15C A 0.858 H 
B-16C A 0.848 H 
B-15C B 0.840 H 
B-15D A 0.838 H 
B-15D B 0.836 H 
B-15B B 0.812 H 
B-16D A 0.808 H 
B-16E A 0.765 H 
B-16B A 0.741 H 
B-15G A 0.658 H 
B-15G B 0.658 None 
B-16D B 0.655 H 
B-15F A 0.606 H 
B-15F B 0.530 H 
B-15E A 0.505 H 
B-16B B 0.476 M 
B-16C B 0.458 M 
B-16C 0.436 M 
B-16E B 0.385 M 
B-16E Cc 0.384 M 
B-16A A 0.377 H 
B-15E B 0.335 M 
B-14B A 0.318 M 
B-16B Cc 0.249 ML 
B-14C A 0.232 ML 
B-16D (e 0.208 None 
B-14B B 0.207 None 
A-44A A 0.207 L 
B-16A B 0.175 VL 
A-44A B 0.153 None 
B-15E (e 0.125 None 
B-14C B 0.120 None 
B-14C Cc 0.109 None 
B-14B Cc 0.102 None 
A-44A (S 0.100 None 
B-15F c 0.099 None 
B-15B 0.068 None 
B-16A ( 0.021 None 
B-15C Cc 0.017 None 
B-15D e 0.017 None 
B-15G (e 0.000 None 


*Slip System: A—Most favorably oriented prism slip system in 
crystal; B—Next most favorable; C — Least favorable. 
**Slip Trace Density: H—High; M—Medium; ML —Medium Low; 
L—Low; VL—Very Low; None—None Observed. 


and note was made of the relative ‘‘frequency’’, or 


“‘activity’’, of each family. (The term ‘‘frequency”’ 
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in this sense denotes the qualitative impressions 
the authors had of the relative occurrence of the 
twin families, lumping together both density of 
specific twins in deformed grains, and numbers of 
grains having the specific twin.) The absolute thick- 
nesses of the twins were found by multiplying the 
projected thicknesses by the sine of the angle be- 
tween the twin plane and the plane of projection, 

the specimen face. This data is summarized in 
Figs. 4 and 5. 
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Fig. 4—Plot of absolute twin thickness vs deformation 
temperature for zirconium crystals. 
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Table Il. Experimentally Determined Twin Elements for Various 
Twin Modes in Zirconium. Samples Deformed in Compression at 300°K?’ 


K, K, No S 
(1012) (1011) (1012) (1011) 0.167 
(1121) [1126] (11216) [88163] 0.216 
(1122) [1123] (1124) [2243] 0.225 


K,is the twin plane. 

K, is the second undistorted plane in the twinned area. 

7, is the direction in K, perpendicular to the intersection of K, and K,. 

7 is the direction in K, perpendicular to the intersection of K, and K,. 
. S is the macroscopic shear magnitude of the twinned volume. 


DISCUSSION 


A) Slip— The only slip system observed at any of 
the test temperatures was of the form (1010) [1210]. 
Since the absence of basal slip was considered un- 
usual, specially oriented samples which had larger 
resolved shear stresses on basal slip systems 
than on prism systems were deformed under rela- 
tively high loads. The stress axes of such samples 
are to be found near the (0002) poles*® on the stereo- 
graphic triangles of Fig. 1. Many of the other crys- 
tals were deformed under extreme conditions, even 
to fracture, with no evidence of basal slip. A sum- 
mary of the maximum resolved shear stresses ob- 
tained on the basal systems of crystals tested at 
each of the four temperatures is given in Table IV. 
Included in this table is the critical resolved shear 
stress for prism slip at each temperature and the 
ratio of maximum shear stress on the basal system 
to the critical resolved shear stress on the prism 
system. It may be seen from this table that basal 
slip, if it occurs at all, would be far less favored 
than prism slip, since it was inactive even when the 
ratios of shear stresses were as high as those of 
Table IV. It should be noted that these ratios do not 
take into account the hardening which slip on the 
prism systems might introduce, but since this factor 
was of minor importance in the stress level at which 
the secondary and tertiary prism systems became 
active, Table I, it was ignored. 

In addition to the samples cited in Table IV there 
were samples well oriented for basal slip which were 
squeezed to some 10 pct strain in a vise and did not 
show evidence of basal slip (e.g., B-21 at 300°K). 
Moreover, in the metallographic search for deforma- 
tion traces attributable to basal slip, special care 
was given to the examination of areas of complex 
stress, such as grain boundaries and twin intersec- 


Table IV. Tabulation of the Crystals Having the Highest Measured 
Resolved Shear Stresses on the Basal Slip System for Each Test 
Temperature. All values cited are in tension with the exception 

of the critical resolved shear stress on the prism slip system at 300°K. 


Ratio: (Maximum 
Shear on Basal 


Critical Re- 


Maximum Resolved Shear ehivediShear 


Stress on Basal 


& Stress on System) to (Criti- 
System, Kg/mm? Prism Sys- cal on 
Stress Crystal tem,Kg/mm? Prism System) 
77 4.1 B-12B 1.0 4.1 
300 2.4 B-24A . 0.65 Suh 
575 1.2 B-16A 0.20 6 
1075 - 0.5 B-11B 0.02 25 
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Table Ill. Summary of Twin Planes Observed in Zirconium 
Crystals Pulled in Tension at 77°, 575°, and 1075°K* 


Temper- 
ature, Twin Planes 
PK {1012} {1121} {1122} {1123} 
B-11D 
B-12A 
77 B-12B B-12B B-12B 
B-12C B-12C B-12C 
B-12D B-12D B-12D B-12D 
A-44A A-44A 
B-14B B-14B 
B-14C 
B-15C B-15C 
B-15D 
B-15E B-15E 
B-15G B-15G 
B-16A 
B-16B 
B-16C B-16C B-16C 
B-16D 
B-16E B-16E 
1075 B-11B 
B-17B 


*Ali the entries in this table are either from unique two-trace analyses 
or from single-trace analyses in which only one of the above-listed planes 
was a possibility. 


tions. In none of the samples tested was there any 
sign of basal slip. Thus, it is concluded that if 
basal slip occurs in pure zirconium in the tempera- 
ture region studied, it must have critical resolved 
shear stresses much higher than those reported for 
prism slip. 

Churchman” has related the presence of basal 
slip in titanium to the interstitial impurity content. 
He found that low interstitial levels favored prism 
slip against basal slip. This observation is consis- 
tent with the results herein reported, since no basal 
slip was found in zirconium crystals of relatively 
high purity. (The chemical analysis for interstitials 
in parts per million by weight was oxygen = 200; 
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Fig. 5—Schematic plot of relative ‘‘frequency’’ or ‘‘activity’’ 
of twin families vs deformation temperature for zirconium 
crystals. 
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Fig. 6—Plot of critical resolved shear stress for prism 
slip, i.e., (1010) {1210} , in zirconium as a function of tem- 
perature. Solid line has the form of Seeger’s theoretical 
curve for close-packed slip planes. 


carbon = 30 to 100; nitrogen = 6; and hydrogen = 1 
or 2). 

Fig. 6 is a plot of critical resolved shear stress 
for prism slip vs temperature. The straight lines 
drawn through the points is the theoretical form de- 
rived by Seeger’® using a model of dislocations in 
the slip system penetrating a ‘‘forest’’ of transverse 
dislocations at temperatures below a critical tem- 
perature, 7), and interaction of dislocations parallel 
to the moving one, and having the same Burgers 
vector, at temperatures above Ty. Seeger’s deriva- 
tion considered only close-packed slip planes in 
face-centered cubic and hexagonal close-packed 
metals, and, in fact, excluded non-basal slip in 
zirconium. However, the values found at the four 
temperatures of this study for prism slip fall very 
close to a curve of Seeger’s form, Fig. 6. 

Friedel™ has postulated that the curve of critical 
resolved shear stress vs temperature has an equa- 
tion of a rectangular hyperbola. Although there are 
only four experimental points on Fig. 6 and a smooth 
curve may be drawn through them, one cannot draw 
a rectangular hyperbola through them. Thus, the 
data herein reported deviates from Friedel’s 
postulated form. 

The values corresponding to Seeger’s ‘‘critical 
temper ature’’ (above which 7,, for slip has only 
the temperature dependence of the elastic con- 
stants) and activation energy, which may be taken 
from Fig. 6, yield T, of 690°K and rate determin- 
ing activation energy, Qo, of 56,000 cal per mole. 
The calculated value of temperature-independent 
contribution of the internal stress field is about 
0.02 kg per sq mm, which is consistent with the 
experimentally observed value of 7., at 1075°K. 
The calculation was made assuming a very low 
dislocation density of 10° per sq cm and a geometri- 
cal factor of 0.2.7° 

B) Twinning— As shown in Table III and Fig. 5, 
the most frequently observed twin plane at all 
temperatures was the {1121} family. This was fol- 
lowed in frequency by {1012}, {1122}, and {1123}, 
through 575°K. 

At 77°K, it appeared that the greatest twin ac- 
tivity was due to {112 ‘} twinning. The bulk of the 
remaining twins were {1122} and {1012}, the latter 


874—VOLUME 218, OCTOBER 1960 


occurring principally at grain boundaries, twin 
interfaces and other locations of complex stress, 
while the former occurred in large, close groups 
extending across entire grains, which was true also 
of {1121} twins. The {1123} twins occurred in a few 
isolated but well-defined cases in areas of complex 
stress. 

At 300°K {1121} twins were again the most fre- 
quently observed. However, {1012} twins were next, 
followed by {1122}, which is the reverse of the case 
at 77°K. All three families tended to occur in well- 
defined groups frequently extending entirely through 
a crystal. As before, {1123} twinning was seen much 
less frequently than the others and was found only 
at highly stressed locations. 

At 575°K twinning was much less in evidence than 
at the lower temperatures. The {1121} family was 
still predominant, with {1012} twins found only after 
severe deformation. Both {1122} and {1123} were 
each found only a few times, and each time after de- 
formation to fracture of the specimen. 3 

At 1075°K the only twin family found was {1121}. 
These twins were observed only after extensive de- 
formation of the specimen. 

Fig. 4 shows the variation of absolute twin thick- 
ness with temperature for the observed twin planes. 
It will be noted that the thickness of the {1121} twins 
remains relatively constant while the {1122} and 
{1012} both become thinner as the temperature devi- 
ates from room temperature. The {1123} and {1121} 
twins seem to have about the same thickness at 77°K. 
It was not possible to measure the thickness of {1123} 
twins at 575°K because of the distortion of the speci- 
men surface. 

It may be seen from the plot of Fig. 4 and the data 
in Table II that the {1121}, {1122}, and {1012} twins 
present a deviation from the generalization that twin 
thickness is inversely proportional to the twinning 
shear.”*+ At room temperature the {1121} family is 
substantially thinner than the {1122} family which has 
a larger shear. At 77°K the {1122} family is thicker 
than either the {1012} or {1121}, both of which have 
smaller twinning shear magnitudes, assuming that 
the shear magnitudes which were measured at 300°K 
are valid at 77°K. 


SUMMARY 


1) The only slip system found active in relatively 
high purity zirconium was (1010) [1210] with a criti- 
cal resolved shear stress of about 1.0 kg per sq mm 
in tension at 77°K, 0.65 kg per sq mm in compres- 
sion at 300°K, 0.20 kg per sq mm in tensionat 575°K, 
and 0.02 kg per sq mm in tensionat 1075°K. Although 
some specimens were oriented so as to favor basal 
slip over prism slip, and stressed so that the re- 
solved shear stress on the basal system was many 
times the critical resolved shear stress on the active 
prism system, no evidence was found of basal slip. 

2) The slip direction for prism slip was experi- 
mentally found to be the close-packed direction 
<1120>. This was determined both metallographic- 
ally by examination of step heights of slip traces on 
specially oriented crystals in prior work, and by an- 
alysis of the asterism in Laue back-reflection X-ray 
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photographs of heavily slipped crystals in current 
work. 

3) It was found that a plot of the critical resolved 
shear stress on the prism systems of zirconium as 
a function of temperature is in agreement with 
Seeger’s predictions for this relationship on close- 
packed slip systems. The critical temperature at 
which the rate of decrease of flow stress with tem- 
perature drops sharply is found to be 690°K. Cal- 
culations for the rate-determining activation energy 
for the plastic flow process based on Seeger’s theory 
yield a value of 56,000 cal per mole. A similar cal- 
culation for the temperature-independent contribu- 
tion of the internal stress field gave 0.02 kg per sq 
mm, the experimentally observed value. 

4) Four twin planes were found to be active in 
zirconium—the {1121}, {1122}, {1123}, and {1012}. 
The {1121} twins were evident at all test tempera- 
tures and were the most abundant. The {1122} and 
{1012} twins were found to approximately the same 
degree at test temperatures below 1075°K. The 
{1123} twins were found at test temperatures below 
1075°K in only a few instances, and these were at 
grain boundaries and other positions of complex 
stress. 

The thickness of the {1121} and {1123} twins re- 
mained rather constant with temperature while the 
{1012} and {1122} twins were thickest at room tem- 
peratures. The generalization that twin thickness is 
inversely proportional to shear does not appear to 
hold true for the case of the {1121} and i iat twins 
at room temperature or for the {1121}, {1122}, and 
{1012} twins at 77°K if one assumes the shear mag- 


Fig. 8—Stereographic solution of Laue 
spot asterism to obtain the slip direc- 
tion. 
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Fig. 7—Schematic representation of Laue back-reflection 
photograph showing three spots with asterism. 


nitude of the twins at 77°K to be equal to those at 
300°K. 
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APPENDIX 


Determination of Slip Direction from Asterism on 
Laue Spots—A schematic representation of a Laue 
photograph actually used for slip direction analysis 
is given in Fig. 7. In this figure only three spots 
with asterism are shown. 

In order to determine the slip direction from the 
asterism of Laue spots by the method described be- 
low it is necessary to make the following assumption: 

The asterism at the Laue spots arises from a 

bending of the crystal lattice under the action 

of slip. This bending takes place about an axis, 

termed the Taylor axis, and gives rise to a ro- 

tation of all crystallographic planes (and their 
normals) about this axis. The Taylor axis is 
usually at, or near, a crystallographic direction 
of low indices lying in the slip plane and per- 
pendicular to the slip direction.” 

1) Ona stereographic projection of the crystal, 
plot the locus of plane normals contributing to the 
Laue spot and asterism at A, Fig. 7—This may be 
done by approximating the asterism with a line 
through its center, Fig. 7, and transcribing this 
line, point by point, to the stereogram of Fig. 8 in the 
usual manner by the use of the Greninger chart. This 
procedure gives directly the locus of the plane nor- 
mals of the spot and asterism at A. 

Since the Taylor axis makes an arbitrary angle 
with the plane whose reflected spot is at A, the 
rotation of the plane about the Taylor axis causes 
the normal to sweep out a segment of a cone in 
space. By transcribing the asterism to the stereo- 
graphic projection as the locus of normals, one 
obtains a segment of the small circle that the cone 
of normals would produce on the stereographic 
projection. The axis of this small circle is the 
Taylor axis. 

To find the Taylor axis it is first necessary to 
construct a plane containing a line on the cone of 
normals and the Taylor axis. 

2) Determine a plane containing the Taylor axis— 
a) Rotate the stereogram on a Wulff net until the 
center of the small circle segment of plane normals 

at A is tangent to a small circle on the net. 

b) The great circle passing from the pole of the 
Wulff net through the point of tangency is the plane 
desired, 7. é., the plane of the Taylor axis and a line 
on the cone of normals. 

The physical basis of this construction may be 
seen by noting that the poles of the Wulff net are 
the axes of the cones associated with all the small 
circles drawn on the net. If two cones are tangent, 
the plane defined by the line of tangency and one 
cone axis contains the other cone axis. Thus, on 
the stereographic construction two cones (small 
circles) were made tangent and the plane contain- 
ing one axis and the line of tangency was constructed. 
This plane therefore contains the axis of the other 
cone which, in the case developed, is the Taylor 
axis. 

3) Determine the Taylor axis—The procedure given 
above for spot A yields one plane containing the 
Taylor axis (plane AA’of Fig. 8). A second plane 
containing this same axis is obtained by repeating 
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the analysis on a second Laue spot having asterism 
(spot B of Fig. 8 which gives plane BB’ of Fig. 8). 
The intersection of these two planes gives the 
Taylor axis uniquely (T. A. on Fig. 8). On Fig. 8 a 
third spot Chas been analyzed as a check. 

4) Knowing the Taylor axis and the slip plane find 
the slip direction—It was assumed that the Taylor 
axis lies in the slip plane and is perpendicular to the 
slip direction. Thus, one need only to construct the 
great circle of the slip plane and to locate the slip 
direction as the line on it which is 90 deg from the 
Taylor axis. The slip direction is shown on each slip 
plane in Fig. 8. 

Sometimes the asterism of a spot may be quite 
small in angle, which would make the analysis given 
above burdensome. In these cases it may be possible 
to approximate the asterism with a great circle and 
to plot the asterism (not the plane normals) directly 
on the stereogram. One may then obtain an approxi- 
mation to the small circle of the plane normals by 
halving the angles between the center of the projec- 
tion and points on the great circle of the asterism in 
the vicinity of the spot with its asterisms. Although 
the curve of the normals so obtained is not rigor- 
ously correct, one may use the curve in the same 
manner as described above without introducing much 
of an error. This is true because only the tangent 
point of the curve is utilized and the same tangent 
point would be found for many different forms of 
curves going through the neighborhood of the aster- 
ism normals. 

If more than one slip system is operative, the 
Laue spots may have asterism in more than one 
direction. These may each be analyzed in a manner 
similar to that described above. Prism slip in 
hexagonal close-packed metals is a special case in 
that the Taylor axis of all the six slip systems is the 
same direction, the c direction. Thus any combina- 
tion of prism slip would yield only one direction of 
asterism in a Laue photograph. 
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Intluence of Processing Variables on the Properties of 


Nickel-Al,O3 Alloys 


Using 5-u Ni powder and 0.018 u Aiz203, oxide dispersion 
strengthened nickel alloys were prepared by mechanical mixing 
of powders, followed by compaction, sintering and extrusion. 
Processing variables such as cooling of the powder during mix- 
ing, electrostatic discharging, mixing time, amount of oxide, 


and so forth, were studied to determine the effects on room- 
temperature tensile and high-temperature creep-rupture prop- 


erties and on the reproducibility of alloys. 


Mecuanicau mixing of metal and metal oxide 
powders provides one of the simplest and most inex- 
pensive methods for preparing dispersion strength- 
ened metal-metal oxide alloys;”* however, because 
of large differences in specific gravity, powder par- 
ticle diameters and other variables, difficulties have 
been encountered in reproducing alloys and alloy 
properties. 

Using 5-y Ni powder and 0.018 yu Al,O;, the follow- 
ing variables were investigated: 

a) Blending techniques 

b) Blending time 

c) Volume fraction of oxide for the selected pow- 

ders 

d) Sintering of compacts before extrusion 

Cooling of Powders During Blending—Cremens and 
Grant had indicated that dry ball milling of the pow- 
der mixture gave superior results over other pro- 
cedures. When ultra-fine metal and oxide powders 
became available and comminution was unnecessary 
or offered little gain, the use of dry mixing ina 
Waring Blendor gave optimum results.* 

In the current study, observations of the powder 
mixtures indicated that considerable heat was gene- 
rated due to the high speed of the Waring Blendor 


(15,000 rpm). This heating appeared to produce some 


degree of clustering and pelletizing. To minimize 
such agglomeration, a Pyrex cooling coil was in- 
stalled in the mixing vessel. A double coil, water 
cooled, proved to be quite satisfactory, providing a 
fair degree of cooling along with good erosion re- 
sistance. 

Discharge of Electrostatic Charge—Electron- 
microscopy showed that agglomeration was mini- 
mized by the cooling procedure but was not en- 
tirely eliminated. It appeared that some of the ag- 
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glomeration had to be explained on the basis of an 
electrostatic attraction due to the high-speed blend- 
ing operation. These charges had the effect of pro- 
moting the growth of alumina clusters. At the end 

of the blending procedure such clusters had an ef- 
fective size which was as much as 50-times that of 
the individual powder particles and were very tightly 
bunched. 

Several methods were utilized to try to discharge 
the electrostatic forces to minimize the clustering. 
One successful method, utilized in alloy 17, involved 
continuous exposure during blending to a radium 
source of 50 millicuries at a distance of 1.5 ft from 
the container. A number of other methods were noted 
to work equally well. Fig. 1 shows the more open 


oxide structure which results from such a treatment, 


permitting the matrix metal to penetrate into the 
cluster more effectively. 

The combination of powder cooling and discharging 
led to noticeably improved structures. Fig. 2 shows 
a cross and a longitudinal section in alloy M-17, one 
of the best alloys, illustrating the marked decrease 


Fig. 1—Electron micrograph of an Al,O; cluster in a nickel 
matrix. Powders were subjected to an electrostatic dis- 
charge during mixing, causing improved dispersion in such 
colonies. Unetched. X75,000. Reduced approximately 43 pct 
for reproduction. 
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duction. 


in stringering of oxides in the longitudinal view. Fig. 
2 shows the coarse, more or less clustered, oxide 


distribution visible at 1000 magnifications. Fig. 3, an 


electron micrograph at X8000, shows the finer dis- 
persion and much finer oxide clusters not visible in 
Fig. 2. This structure was obtained by ion bombard- 


Fig. 2—Alloy M-17: Cross and longi- 
tudinal sections in a 9 vol pct Al,O3 alloy 
. prepared with powder cooling and electro- 
sv; static discharging during blending. Un- 
“4, etched. X1000. Reduced 41 pct for repro- 


Al,O3. The results, using cooling and electrostatic 

discharging during blending, are shown in Fig. 4 in 
the form of log stress vs log rupture time plots at 

1500°F. These results show that the 9 vol pct alloy 
has the highest strength and the most shallow slope 
(a measure of the stability of the alloy). 


ment of the surface to avoid tearing out the fine oxide 
particles by the usual polishing techniques. 

Volume Percent of Oxide— After the above pro- 
cedures were instituted as part of the regular fabri- 
cation techniques, improved more reproducible re- 
sults were obtained. The next procedure was to de- 
termine the role of volume percent of oxide on the 
mechanical properties. In earlier work, it was as- 
sumed that about 10 volume percent of oxide would 
be required to obtain high strength values at high 
temperatures. Assuming certain inefficiences and 
limitations in mechanical blending, it was indicated 
that about 10 vol pct would yield an interparticle 
spacing which would result in high strength without 
resulting in extrusion problems and general brittle- 
ness. 

The powders used in this study, as well as in 
earlier programs,’’” were relatively uniform in 
size. Furthermore, for a given metal powder size, 
it was established that an oxide powder size one- 
fiftieth to one-one hundredth that of the metal was 
desired to achieve a sufficiently fine interparticle 100 l 


Recent unpublished work on copper-alumina alloys 
produced from mechanical mixtures of powders has 
substantiated the existence of an optimum volume 
percent of oxide for each combination of metal and 
oxide powder sizes.°* 

Blending Time as a Variable— Three alloys, made 
from 5 micron nickel powder and 9 vol pct of 0.018 u 
Al203, were prepared in the Waring Blendor using 
mixing times of 0.1, 1.0 and 2.0 hr. The alloys were 
subsequently sintered, extruded, and tested at 
1500°F. The results of stress-rupture tests are 
plotted in Fig. 5, and indicate that a mixing time near 
1 hr yielded the best results. 

Sintering Time—Based on earlier work with 
Cu- Al,0; alloys,* it was indicated that sintering was 
not essential to the production of sound, high strength 
alloys, although a stronger compact was produced 
for handling after sintering. In the current research 
with Ni-Al,O, alloys, the results appear to be fairly 
conclusive that there is a definite advantage to sin- 


spacing to yield high strength. This situation auto- gua 
matically leads to specific packing characteristics fz 4 
which may result in overloading the powder compact or Bs 
with oxide, resulting in oxide stringers of varying “| 
degrees of coarseness in the extruded product. oe a 
Accordingly, a series of tests were prepared 5- nae 
Ni powders and from 3.5 to 15 vol pct of 0.018-u 
: 
® 3.5vol % (0.018) 
O 6.5 vol % Alp (0.018) 
A 9.0vol % Alp O3 (0.018) 
+ 15.0 vol % Al, 3(0.018) Fal 
4 
4 6 8 10 2 4 6 8100 2 4 6 1000 


Fig. 3—Electron micrograph of cross section of a Ni-7.6 PaHiureny osiours 
vol pet Al,O; alloy after ion bombardment of the surface. 
(One micron distance marked). X8,000. Reduced 23 pet 


for reproduction. 


Fig. 4—Log stress vs log rupture time plot at 1500°F 
showing effect of volume percent of oxide in alloys pre- 
pared from 5y Ni and 0.018u Al,O3. 
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Table |. Room-Temperature Tensile Properties 


Oxide, Ultimate Tensile 0.2 Pct Yield 
Alloy Pct Strength, Psi Stress, Psi Elongation, Pct 
M-7 12°5. 62,000 33,000 broke in neck 
M-14 9.0 50,000 30,000 17.4 
M-16 9.0 58,000 31,750 18.6 
M-16A 9.0 61,000 28,500 20.3 
M-17 9.0 66,500 41,200 18.0 


tering. Some benefit appears to occur from fixing 
the distribution of the Al,0,; further benefits take 
place from a more complete transformation of 

y Al2,0; to a Al2O;, as indicated from X-ray studies. 


y is a low-temperature form of Al,O; and is less — 


stable on heating than the a form. An allotropic 
transformation takes place between 800° and 1050°C, 
depending on test conditions. Thea form is of higher 
density, and should a transformation take place dur- 
ing or after the extrusion of the nickel-Al,0; alloy, 
the resultant volume (and strain) changes would re- 
sult in unpredictable properties. An all a structure 
therefore appears to be preferred, and sintering 
promotes a nearly all a structure. 

It has also been indicated from these studies that, 
provided the extruded alloy exceeds 97 pct of theo- 
retical density, density is not an important variable. 
This figure is in good agreement with an earlier 
figure of 98 pct.? 

Tensile and Creep-Rupture Properties— Table I 
lists the room-temperature properties for a number 
of Ni- Al,O, alloys, showing the range of values at- 
tainable with alloys of the compositions and struc- 
tures described. 
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Fig. 5—Log stress vs log rupture time curve at 1500°F 
for a Ni-9 vol pet Al,O, alloy showing effect of mixing 
time. 
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Table Il. Some of the Stress Rupture Properties of Extruded 
Nickel Powder with Additions of 0.018 » Alumina 


Density Volume, Ni Rupt. Total Elon- 
Theoret., Pct Particle Stress, Life, gation, 
Alloy Pct Oxide Size, Psi Hr 


1500°F 


M-4 99.4 Ue) 3 14,000 
10,500 
10,000 
8,500 
7,500 
6,500 


9,000 
12,000 
8,000 
10,000 
9,000 
8,000 


10,000 
8,000 
6,000 

12,000 

10,000 
8,500 
6,500 


10,000 
7,000 1 
6,500 3 


10,000 8.5 
9,500 30.0 
8,500 
8,000 


M-6 98.0 6.0 2 


w 
i) 


i) 
w 


=) 
Sn 


M-16A 9.0 5 


COW COWN YON O 


M-17 98.4 9.0 5 


1800°F 

M-16 99.0 9.0 5 6,000 
5,000 2 
4,000 100. 
8,500 
5,000 
6,000 


M-17 98.4 9.0 5 


1900°F 
M-17 - - - 
2000°F 
M- 16 99.0 9.0 5 


5,000 25.0 - 


5,500 
4,500 


'Test stopped. 
?Specimen holder subject to accelerated oxidation; caused premature 


fracture of test bar. 


In particular, note alloy M-17, which has a yield 
strength of 41,200 psi, a tensile strength of 66,500 
psi, and an elongation of 18 pct in 1 in. 

Table II lists the stress-rupture properties of a 
number of the more interesting alloys at 1500° to 
2000°F. Fig. 6 shows the 1500° to 2000°F values for 
several of these alloys on a log stress vs log rup- 
ture time plot, and compares the curves with Inco 
700, as a representative commercial high-strength 
age hardenable alloy. Fig. 7 illustrates the tem- 
perature effect on the stress for a 100-hr rupture 
life, and again includes the curve for Inco 700, as 
well as for a dispersion strengthened 80 Ni-20 Cr 
alloy powder containing 17 vol pct titanium carbide,* 
unfortunately made from relatively coarse alloy 
powder. The curves beyond 1800°F for M-16 and 
M-17 are extrapolated and are dashed to indicate 
this. 

Figs. 6 and 7 illustrate the remarkable tempera- 
ture stability of these nickel—Al,O, dispersion 
strengthened alloys at high temperatures which 
leads to superior strength values when conventional 
alloys overage or recrystallize. 
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M-7 97.0 12:5 5 
M-14 98.2 9.0 5 
M-16 99.0 9.0 5 
0 
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{500°F 


Fig. 6—Log stress vs log rupture time 
for Ni-Al,O, alloys and Inco 700 at 1500° 
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Fig. 7—Stress to produce rupture in 100 hr vs temperature 


for Ni-Al,O3 alloys, Inco 700, and a TiC dispersion hardened 


80Ni-20Cr powder alloy. 


Observations of the broken test bars indicated 
that even at 1800° to 2000° F good oxidation re- 
sistance was noted with a tightly adherent oxide 
scale on test specimens which were in test up to 
200 hr. 


DISCUSSION 


A question arises regarding the relative strength- 
ening of nickel by a fine dispersion of oxide rela- 
tive to strength values reported for SAP and other 
Al- Al,O, alloys,* Cu-Al2Os, and so forth. Compari- 
sons of this type must be made at comparable tem- 
peratures and comparable values of time-to-rupture. 


go alloy is the stress for a given rupture life for cies M-I7 
6 % of 0.018 micron AlzOzin 
On, is the stress for the same rupture life for pure nickel 
a 
+ 
0.1 100 1000 


Rupture Life Hours ——> 


Fig. 8—Strengthening factor vs rupture life at 1500°F for 
alloy M-17. 
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Figs. 4 and 5 illustrate the danger of using tensile 
or short time stress rupture tests as a means of 
evaluation or comparison. Because of the stability 
of these alloys at high temperatures and for long 
times, their superiority over pure metals and con- 
ventional types of alloys must be based on these 
factors. 

Fig. 8 illustrates the improvement in the strength 
factor, Ac, as a function of rupture life at 1500°F 
for alloy M-17 compared to pure nickel. 

Using the stress for a 100-hr rupture life as the 
basis of comparison and plotting the test tempera- 
ture as a fraction of the absolute melting tempera- 
ture, Fig. 9 shows the relative strengthening which 
has been produced to date in several systems, 


100 | 


| 


Oo 

Se 
\ 


Tm=Melting 
Point 2K 


A 
iz Temperature 2K 


Pure Al (ref. 6) \ 


SAP (ref. 5) 
Pure Cu (ref. 7) _ 
(ref. 3) 

Pure Ni (ref. 8) =a 
(this work) 


Stress 1}000 psi at 1|OO Hour Rupture Life 


Borceo 


0.1 | | | 
T/ Tm 


Fig. 9—Plot of stress for a 100 hr rupture time vs a homo- 


logous temperature, comparing the pure metals Al, Cu, Ni, 
with Al,O; dispersion strengthened alloys of the same type. 
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namely, Al-Al,0, alloys, produced by surface oxida- 
tion, Cu- Al,O, alloys and Ni-Al,0, alloys, produced 
by mechanical mixing. It is not expected that the 
comparisons will be precise since the purity (and 
therefore strength) of the pure metal bases is quite 
different (nickel being the least pure), and oxidation 
resistance is also not equal. 

Fig. 9 indicates that maximum benefits in relative 
strengthening have thus far been achieved with SAP, 
next best with the Cu-Al,0, alloys and the poorest 
with Ni-Al203 alloys. However the interparticle 
spacing in SAP was 0.35 uy; in Cu-Al,O; it was ap- 
proximately 1 yu and was based on the availability 
of 1-4 copper; and in Ni-Al,O, was greater than 2 
and was based on the use of 5 yu Ni. am 

Significant further improvements may therefore 
be expected in the mechanically mixed powder alloys 
as finer powders become available and as greater 
knowledge and control of processing variables is 
achieved. 


CONCLUSIONS 


This study shows that processing variables play 
an important role in determining the structures and 
properties of Ni-Al,0, alloys made from mechanic- 
ally mixed powders. Control must be exercised over 
such variables as mixing time, mixing temperature, 
electrostatic charges, and sintering. If this control 


is maintained, more reproducible structures and 
properties may be obtained. 

These controlled structures yield high values of 
strength at temperatures of 1500°F and higher, the 
temperature coefficient for the rupture strength 
being a very small value compared to conventional 
age hardenable nickel-base alloys. 

These alloys are stronger above 1800°F than the 
best wrought commercial age-hardened nickel- 
chromium base titanium-aluminum hardened alloys 
currently in use in jet engines. 
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The Effects of Stored Energy and Recrystallization 


on the Creep Rupture Properties of Internally 


Oxidized Copper-Alumina 


and Copper-Silica Alloys 


A number of Cu-SiO, and Cu-Al,O, alloys of low oxide content, 
produced by internal oxidation of copper-silicon and copper-aluminum 
dilute solid solutions, were exposed at temperatures up to 1050°C 
for fairly long times to bring about partial or total recrystallization. 
The creep-rupture properties of these recrystallized alloys were 


compared to those in the as-extruded condition at 450°C. Some of 


Masao Adachi 


the alloys were cold worked after recrystallization to note changes 


in creep-rupture properties, also at 450°C. 


SINCE the introduction of the SAP alloy in 1949,* 
many studies have been carried out on similar ox- 
ide and intermetallic dispersion hardened alloys to 
determine properties and to establish the mechan- 
isms involved in the strengthening process which 
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led to stable, high-temperature behavior.” ° To 
date, it has been indicated that, however achieved, 
the structure should be composed of a continuous 
ductile metal matrix in which is dispersed a fine, 
submicron size, hard, insoluble second phase (or at 
least, essentially insoluble at temperatures very 
near the melting point), with a submicron or near 
submicron interparticle spacing. Stored energy, 
obtained by a high strain rate deformation process 
appears desirable, as an additional strengthening 
means beyond pure dispersion. 
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Table |. Composition, Treatment and Structure of As-Extruded Alloys ® 


Initial Internal 


Alloy Oxide Oxidation Oxide Inter- 
Alloy Content, Content Tempera- Particle particle 
No. WtPct Vol Pct ture,°C Radius, A Spacing, p 
S-21 0.02 Si 0.6 SiO, 750 350 8.1 
S-31 0.25 Si 2.1 SiO, 750 260 1.65 
B-10 0.09 Al 0.4 Al,O, 650 100 sei We 
B-11 0.09 Al 0.4 Al,O, 750 150 4.81 
B-20 0.23 Al HedleEAI; Oz 650 65 0.81 


These alloys are characterized by high strength 
at high temperatures, a relatively slight sensiti- 
vity to time at elevated temperatures, low creep 
rates, and unusual resistance to recrystallization 
at temperatures even approaching the melting point 
of the metal matrix. 

It was the purpose of this program to study the 
changes in creep rupture properties of as-extruded, 
internally oxidized Cu-SiOz and Cu-Al2Os3 alloys as 
a function of increasing amounts of recrystalliza- 
tion, and subsequent cold work; these results were 
intended to shed light on recent theories of the 


strengthening mechanism in alloys of this type.” ” 


EXPERIMENTAL PROCEDURE 


Alloys— Based on alloys of Cu-Al203 and Cu-SiOz, 
produced in an earlier study by means of internal 
oxidation of dilute solutions of aluminum or silicon 
in pure copper, several of the lower oxide content 
alloys, capable of being partially or wholly recrys- 
tallized, were selected for this study. 

Briefly, copper base alloys of compositions shown 
in Table I were vacuum melted, chill cast into ap- 
proximately 1.25 in. round bars, homogenized, and 
reduced to small chips by milling. The chips were 
then ball milled until the powder product passed 
through a 20-mesh screen. Each powder was sur- 
face oxidized at 450°C to a predetermined weight 
gain adequate to convert the solute to oxide. The 
oxygen was then diffused into the powder at tem- 
peratures shown in Table I, for each alloy. The 
effect of the different internal oxidation tempera- 
tures was relatively small on the resultant proper- 
ties of the Al2O; containing alloys B-10 and B-11, 


80 850°C 4 
= 
” 
2-40 4 
950°C 
20 
1050°C 
| | | 
10) 2 4 6 8 


Annealing Time (hrs) 


Fig. 1—Hardness as a function of annealing time and tem- 
perature for alloy S-31. 
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Table Il. Hardness and Recrystallization Data for Alloys 
S-31 and B-11 After 1 Hr at Various Temperatures 


S-31 B-11 

Hardness, Vol. Pet Hardness, Vol. Pct 
Temp. Pct °C Rr Recryst. Rr Recryst. 
As extruded 92 3 91 2 
400 91 3 91 8 
600 90 4 89 4 
800 84 5 86 14 
1000 50 71 84 24 


permitting them to be used interchangeably for pur- 
poses of this study. 

Table I shows the initial alloy composition, the 
volume percent of oxide produced by internal oxida- 
tion (100 pct complete), the internal oxidation tem- 
perature, and the oxide particle size, measured 
after electrolytic separation, using X-ray line 
broadening by the method of Scherrer.” The in- 
terparticle spacing was calculated on the basis of 
the particle size, assumed to be spherical, follow- 
ing the relationships presented by Fullman.” The 
extrusion temperature for the compacted, sheathed 
powders was 760°C, at a ram speed of 55 in. per 
min, and gave an extrusion ratio of about 28:1. Al- 
loy S-21 was partially recrystallized in the as-ex- 
truded condition, whereas the higher oxide content 
alloys, especially the alumina containing alloys, 
were nearly free of recrystallized regions;° see 
Table II. 

In fact, higher oxide content alloys than those 
shown in Table I were impossible to recrystallize 
to any measurable extent and did not lend them- 
selves to the current program. 

Recrystallization and Cold Work—Short lengths of 
bar stock were cut from the as-extruded bars for 
hardness determinations. These samples were then 
annealed at temperatures up to 1050°C for varying 
lengths of time to bring about increasing amounts of 
recrystallization. An argon atmosphere was used to 
avoid oxidation. The extent of recrystallization was 
also measured metallographically from these sam- 
ples using a Hurlbut counter. Because of the speci- 
fic nature of the structure, and the inhomogeneity 
of the partially recrystallized alloys, this was not 
easy to do; accordingly, the reported values are 
subject to an error of at least +5 pct. Because a 
series of samples were involved in each such study, 
the absolute value of the ‘‘amount recrystallized’’ is 
not critical for the purposes of this study. 

Some of each alloy was subsequently cold worked 
by swaging at room temperature to reintroduce cold 
work and to establish the change in properties. 

Creep Rupture Testing—Test specimens with gage 
sections of 0.160 in. diam by 1 in. long were prepared 
of the annealed and of annealed plus cold-worked 
samples for creep rupture tests at 450°C. 


EXPERIMENTAL RESULTS 


Hardness and Recrystallization—Table II shows the 
change in hardness and the increase in recrystallized 
volume as a function of temperature for alloys S-31 
and B-11. Fig. 1 shows the effect of time at three 
temperatures on the hardness of S-31. Fig. 2 shows 
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Fig. 2—Changes of hardness and recrystallization after an- 
nealing at 1050°C for alloys B-10 and B-11. 


the simultaneous changes in hardness and amount of 
recrystallization for alloys B-10 and B-11 at 1050°C. 
From these data it is possible to construct Fig. 3 
which relates hardness to volume of recrystallized 
metal for alloys B-10 and B-11, and S-31. It is quite 
obvious that even for these low oxide alloys the stabi- 
lity of the structures is quite remarkable. 


Changes in microstructure after annealing and 
after annealing plus cold working are shown in 
Figs 4 through 7 for several alloys. The oxide 
stringers are due to preferred internal oxidation 
along grain boundaries of the powder particles 
and contribute to the uneven recrystallization 
which takes place. Various amounts of recrys- 
tallization are shown in these structures, rang- 
ing from 41 pct for alloy B-11 to 100 pct for al- 
loy S-21. Note that 25 pct cold work, Figs. 6(d) 
and 7(b) results in a return to structures which 
are largely free of unstrained grains. 

Creep Rupture Tests at 450°C—Table III lists 
the creep rupture data for the alloys after various 
annealing treatments; the degree of recrystalliza- 
tion is also noted for each test. 

Table IV lists the results of creep rupture tests 
after 10 or 25 pct cold work on the annealed struct- 
tures. The amount of recrystallization following 
annealing is also listed. Table V lists minimum 
creep rates for the as-extruded and for the recrys- 
tallized alloys. These are necessarily extrapo- 
lated values because of the large strength differ- 
ences of the two alloy conditions. 

Figs. 8to12 summarize the creep rupture data 


production. 
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Fig. 4—Alloy S-31: (a) As-extruded 
structure. (6) After annealing 1 hr at 
1000°C, 71 pet recrystallized. X250. 
Reduced approximately 46 pct for re- 
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Fig. 3—Relationship between hardness and recrystallizati 
for alloys B-10, B-11, and S-31. 


for each of the alloys and for each particular con- 
dition. 


DISCUSSION 


Figs. 1 to 3, supported by Figs. 4 and 5, de- 
monstrate the resistance to recrystallization which 
these metal-metal oxide alloys have, even including 
those with very low oxide content. The recrystal- 
lization which takes place occurs quite irregularly. 
Some areas in the lower oxide content alloys re- 
crystalize relatively early, and undergo more rapii 
grain growth, at a time when other areas have not 
recrystallized at all, or recrystallized to a fine gra 
size. Such a mixed grain size is shown in Fig. 4(d). 

Even though these internally oxidized metal- 
metal oxide alloys are much more homogeneous 
than are alloys prepared by mechanical mixing 
of the individual metal and oxide powders, never- 
theless as shown in Fig. 4(a) there is some oxide 
stringering as well as oxide gradients across the 
cross section. As a result of such inhomogenity, 
the recrystallization process is reasonably dif- 
ferent in each different alloy. After full recry- 
stallization, some of the alloys are quite coarse 
grained. In particular, the silica alloys, which 
had a significantly coarser initial oxide partical 
size and spacing, tended to recrystallize toa 
much coarser grain size than the Cu-Al2QOs alloys. 

It was observed that when recrystallization 
with significant grain growth occurs, structures 
such as shown in Fig. 6(a) result. Associated 
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Fig. 5—Alloy B-11: (a) As-extruded. (b) Annealed 3 hr at 1050°C; 40 pct recrystallized. (c) Annealed 10 hr at 1050°C; 
58 pet recrystallized. X250. Reduced approximately 46 pct for reproduction. 


with such grain coarsening there is some agglo- 
meration of the oxide particles, however, the 
degree to which this occurs has not been mea- 
sured. The degree to which oxide agglomeration 
occurs is greater the smaller the oxide content, 
and the greater the grain growth. 

Figs. 6 and 7 suggest that after recrystalliza- 
tion, partial or complete, followed by cold work, 
the structures tend to resemble but do not re- 
produce the structures shown by the as-extruded 
alloy. Figs. 6(b) and 7(4) indicate that there was 
some measure of oxide agglomeration due to re- 
crystallization, but the extreme difficulty of pol- 
ishing and etching the structures precludes a 
meaningful estimate of the changes, considerable 
tearing out of oxide phase having occurred. 

Figs. 8 and 9 show the weakening effect of in- 
creasing amounts of recrystallization and some 
oxide agglomeration for alloys B-11 and S-31. 

In Fig. 8, 71 pct recrystallization in alloy B-11 
results only in minor weakening compared to the 
strength properties of the as-extruded alloy. Note 
in this and subsequent figures the absence of the 


characteristic break in the log stress-log rupture 
time curves which coincides with the incidence of in- 
tercrystalline cracking in pure copper and more con- 
ventional alloys. In Fig. 9, after 75 to 100 pct recrys- 
tallization, the 2.1 vol pct silica alloy, S-31, is no 
stronger than pure copper in short-time high strain 
rate tests, but is still significantly stronger in the 
longer time tests, indicating both a strengthening 

and a stabilizing effect of the dispersed silica parti- 
cles after recrystallization, grain growth, and some 
oxide coarsening. 

After recrystallization, contrary to the results of 
Ansell and Weertman,° the ductility values increase 
by a factor of 2 to 3, compared to as-extruded values 
(see Table III). The recrystallized alloys also show 
much increased creep rates in line with the increase 
in ductility (see Table V). This behavior pattern, 
wholly different from that reported by Ansell and 
Weertman for an aluminum-aluminum oxide alloys, 
indicates that these alloys do not lack an active dis- 
location source after recrystallization. In these al- 
loys, the ductility, creep rate, and rupture life change 
after recrystallization are not dissimilar to those ob- 


doy Re A (a) (b) 
{ 
Eady . Fig. 7—Alloy B-20: (a) Annealed 10 hr at 
*, 1050°C; 52 pet recrystallized. (6) Same 
as (a) plus 25 pet cold work. X250. Re- 
duced approximately 46 pct for reproduc- 
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Fig. 6—Alloy S-21: (a) Annealed 10 hr at 
1050°C; 100 pet recrystallized. (6) Same 
as (a) plus 25 pet cold work. X250. Re- 
duced approximately 46 pct for reproduc- 
tion. 
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Table Ill. Creep-Rupture Results at 450° C for 
Annealed Copper Powder Alloys 


Table IV. Creep-Rupture Results at 450° C for Copper Powder 
Alloys, Cold Worked After Annealing 


Annealing 


Rupt. Red. Annealing before Cold Work cojq Runt Red. 
Alloy Temp., Time, Recryst. Stress, Life, Elong. Area Alloy Temp., Time, Recryst. Work, Stress, ae Elong., Area, 
No. (e Hr Vol. Pct Psi Hr Pct Pct No. Ae Hr Pct Pct Psi Hr Pct Pet 

S-31**  As-extruded = 12,500 219.6 5 5 S-21 1050 25 = 20,000 0.1 4 1 

850 10 16 10,000 196.6 7 6 10500 10 15,000) 2 1 
950 5 76 10,000 21 10502 “14/0008 2 1 
1050 3 100 5,000 = 108.0 8 14 B-10 1050 10 58s: 10 9,000 3.9 9 7 
S-21 1050 10 100 5,000 0.38 8 1050 10 58 8,500 12.4 8 3 
1050 10 100 4,000 0.95 16 9 1050-20 114000 0.03 9 1213 
1050 10 100 3,000 13.3 10 5 1050 = 20 jen 10 10/000 5.6 4 5 
B-10 1050 10 58 12,000 0,03. 44 1050 200 8,000 200.6 
1050 10 58 10,000 0.08 16 25 B-20 1050 10 51 10 33,000 0.08 ibe oA? 
1050 10 58 8,500 0.3 11 1050 10 321000 0.8 
1050 10 58 6,500 discontinued at 501.4 hr 1050 =: 10 51 25 30,000 OOS 
-11** 1050 5 47 16,000 2.0 6 2 1050 51 25 25,000 0.00 14 18 
1050 5 47 14,000 38.6 5 8 
1050 5 47 12,500 101.5 5 6 
es a = 16,000 0.65 9 14 b) Significant differences in grain size of the 
1050 20 71 13,000 24 5 2 c) Varying degrees of segregation and agglo- 
1050 10 51 27,500 0.00 14 meration of oxides during the course of recrystal- 
1050 10 51 22,500 0.033 9 5 lization. 
1050' 10 51 18,000 4.5 4 5 Fig. 10, for alloy S-21, shows that the 100 pct 


*Broke near the thread. 
**Average elongation value for S-31 and B-11 at 450°C in the as- 
extruded condition ranged from 2 to 4 pct and from 3 to 4 pct, respec- 
tively. 


served in conventional alloys. Either the aluminum- 
aluminum oxide alloy system behaves differently after 
recrystallization, or the alloy suffered structural 
changes of such an order of magnitude that the alloy 
was embrittled, resulting in exceedingly low creep 
rates and nil ductility. 

Figs. 10, 11, and 12 show the effect of cold work 
on the rupture life of alloys S-21, B-10 and B-20 
after recrystallization. These figures show that cold 
work after recrystallization results in a reincrease of 
high-temperature strength, and a decrease in ductility 


(see Table IV). However, the response of thedifferent 


alloys to cold work is not consistent, and at the mo- 
ment, not wholly explainable. In part, the different 

responses which occur must be associated with the 

following factors: 

a) Different amounts of recrystallized material, 
with random and unpredictable recrystallization 
taking place in different parts of the alloy. This 
would result in nonuniform cold work. 


Table V. Comparison of Approximate Minimum Creep Rates 
for As-Extruded Vs Recrystallized Structures at 450°C 


Creep Rate, 

Alloy Condition Stress, Psi*¥ Pct per Hr* 
S-21 As extruded 5,000 0.007 

100 pct recrystallized 5,000 LS: 
B-10 As extruded 10,000 <0.001 

58 pct recrystallized 10,000 USE 

58 pct recrystallized plus 

10 pet cold work 10,000 1.5 

B-20 As extruded 30,000 0.03 

51 pct recrystallized 30,000 500. 


*Based on fairly extensive extrapolation because of large differences 
in strength values of the as-extruded vs recrystallized conditions. 
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recrystallized alloy is weaker than pure copper 
except in tests lasting greater than about 100 hr. 
In part, this weakness is associated with a very 
coarse grain size in the recrystallized alloy. 
Twenty-five percent cold work on the recrystal- 
lized alloy, however, results in a structure which 
is stronger than the as-extruded product. This can 
be explained on the basis that the as-extruded pro- 
duct was already partially recrystallized (see, for 
example, Table II), as evidenced by metallographic 
examination, and was therefore weaker than the 
same alloy with 25 pct cold work after complete re- 
crystallization. Thus, in spite of oxide segregation 
associated with recrystallization, the strength pro- 
perties are recoverable through cold work, at least 
in 450°C tests. 

Fig. 11, for alloy B-10, shows the decrease in 
strength after 58 pct recrystallization. Ten per- 
cent cold work of this partially recrystallized struc- 
ture increased the strength a little but did not per- 
mit full recovery of the as-extruded strength values. 
This was also the case after 71 pct recrystallization 
followed by 10 pct cold work. Fig. 12, for alloy B-20, 
indicates that 10 pct cold work of a 51 pct recrystal- 
lized structure did result in almost complete recovery 
of the as-extruded strength values, whereas 25 pct 
cold work resulted in a somewhat smaller increase of 
strength. It is probable that 10 pct cold work was 
adequate to recover the strength due to partial re- 


a 
20/7 4 
As Extruded (ref 8) x 
Lo 1050°C 5hrs Ann, (47% Recrystallization) 
1050°C lOhrs Ann. (52% Recrystallization) 
a 1050°C 20hrs Ann. (71% Recrystallizotion) 

0.0! 0.1 1.0 10 100 400 


Rupture time-hours 


Fig. 8—Alloy B-11 at 450°C. Log stress vs log rupture time 
showing effect of increasing amounts of recrystallization, 
compared to pure wrought copper and as-extruded B-11 al- | 
loy. 
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Fig. 9—Alloy S-31 at 450°C. Log stress vs log rupture time 
showing effect of increasing amounts of recrystallization., 
compared to pure wrought copper and as-extruded S-31. 


crystallization, and 25 pct cold work was more than 
necessary to regain the equivalent amount of strain 
energy as was present in the as-extruded product. 


The results shown in Figs. 11 and 12 are not con- 
sistent, and indicate the need for a much more thor- 
ough study of the effects of cold work of partially re- 
crystallized structures on grain growth and on oxide 
agglomeration during recrystallization. 

As a modification and an extension of the diagram 
proposed by Grant and Preston,’ Fig. 13 illustrates 
schematically a tentative explanation of the strength 
or hardness of these oxide dispersion hardened al- 
loys. The strength or hardness of a pure metal in- 
creases according to curve AB with increasing cold 
work. If one recrystallizes the cold worked struc- 
ture after point B, the strength or hardness will fall 
to point C, equivalent to point A, assuming compar- 
able grain size. An extruded metal-metal oxide al- 
loy, unrecrystallized, increases slightly in strength 
with cold work, going from point Mto N °. Annealing 
at high temperatures, but not to result in recrystal- 
lization, decreases the strength or hardness values 
to position O, approximately equivalent to M 2 Th 
such a case, no evidence of oxide agglomeration has 
been noted. Complete recrystallization does not de- 
crease the strength or hardness values to position R, 
but instead to some intermediate point P. This is 
true in longer time tests even when recrystallization 
is accompanied by significant grain growth, and some 
unknown amount of oxide agglomeration during re- 
crystallization. Compared to position A or R, there- 
fore, the distance PR represents the increment of 
strength due predominantly to dispersion strengthen- 
ing, a function of the grain size and the newly existing 
particle size and interparticle spacing of the oxide 
phase inthe recrystallized structure. Correspondingly, 
the distance OP represents approximately the incre- 
ment of strength due to stored energy. One might there- 
fore conclude that an extruded, oxide dispersion-har- 
dened alloy, with strength equivalent to point M, 


450°C 


E AsExtruded (ref 8) 


0.01 0.1 10 10 100 
Rupture time-hours 

Fig. 11—Alloy B-10 at 450°C. Log stress vs log rupture 


time showing effect of cold work after partial recrystalli- 
zation, compared to pure copper and as-extruded B-10. 
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Fig. 10—Alloy S-21 at 450°C. Log stress vs log rupture 
time showing effect of cold work after complete recrys- 
tallization, compared to pure copper and as-extruded S-21. 


has stored in it the energy associated with the area 
ARPM, due to dispersion plus cold work. 

The present study indicates that is is possible 
under correct conditions to return the strength or 
hardness values represented by point P to a point 
O by cold working the recrystallized dispersion 
strengthened alloy. The degree to which it is pos- 
sible to recover the structure will be wholly de- 
pendent on the amount of grain growth and oxide 
agglomeration which has occurred in the prior 
recrystallization treatment. 


CONC LUSIONS 


It has been demonstrated with carefully control- 
led, low oxide content Cu-SiOQz2 and Cu-Al2Qs al- 
loys, made by internal oxidation of dilute, solid 
solutions of silicon or aluminum in copper, that 
such alloys appear to follow normal behavior after 
recrystallization. With increasing amounts of re- 
crystallization, the strength decreases and the duct- 
ility increases. Further, cold work of the partially 
or fully recrystallized alloys results in a reincrease 
in strength and a decrease in ductility. 

These results demonstrate that the strength of the 
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Fig. 12—Alloy B-20 at 450°C. Log stress vs log rupture 
time showing effect of cold work after partial recrystalli- 
zation, compared to pure copper and as-extruded B-20. 
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Fig. 13—Schematic diagram showing strength or hardness 


os due to dispersion plus stored energy for M-MO al- 
oys. 
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SAP types of alloys is due to a combination of micron 
or submicron dispersion of an insoluble oxide and 

a high value of stored energy through cold work. 

In the as-extruded condition, both the dispersion 

and the cold work result in difficult dislocation move- 
ments. After recrystallization the main impediment 
to dislocation movements is the oxide dispersion, re- 
sulting in improved ductility and higher creep rates. 
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The Carbon-Oxygen Equilibria in Liquid Iron 


Equilibrium data on the reactions of gases with carbon and 
oxygen dissolved in liquid iron are reviewed and correlated. A 
source of error in oxygen analysis of graphitic samples is ex- 
posed. New experimental data on the oxygen content of high- 
carbon iron in equilibrium with carbon monoxide indicate that — 
the activity coefficient of oxygen is decreased by additions of Tasuku Fuwa 
carbon. The carbon-oxygen product decreases slightly with 


increasing carbon content. 


In recent years a number of investigations have 
been reported dealing with the equilibria between 
carbon and oxygen in liquid iron and gases con- 
taining carbon oxides. The laboratory study of 
these reactions dates back to 1931 with the publica- 
tion of a paper by Vacher and Hamilton’ on ‘‘The 
Carbon-Oxygen Equilibrium in Liquid Iron’’. The 
principal object of this study was to obtain data on 
the reaction shown by Eq. [3] below; their data and 
others by Vacher” permit evaluation of the other 
equilibrium constants as well. Subsequent studies 
have been reported by Matoba,*® Phragmen and 
Kalling,* and by Marshall and Chipman.° 

The equilibria may be expressed by the following 
three equations: 


2 
EF 00, = 260/K, = [1] 
2 
O+CO = CO,; [2] 
= 
3 
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John Chipman 


In the equilibrium constants, ac and dp are taken as 
equal to [% C] and [% O] respectively in the infinitely 
dilute solution. At finite concentrations an activity 
coefficient is introduced such that ac = fc [%C], and 
so forth. It is to be noted that these equations repre- 
sent only two independent relations, the third being 
derivable from any two. 

Richardson and Dennis® have determined the con- 
ditions of equilibrium in reaction [1] at temperatures 
of 1560° to 1760°C. Their results have been con- 
firmed by Rist and Chipman’ who have shown how the 
data may be extended to cover the entire range of 
liquid compositions at temperatures from the eutectic 
up to 1760°C. An approximate confirmation has been 
reported by Fuwa and Chipman.® These investiga- 
tions also established the activity coefficient of car- 
bon which was shown to increase rather rapidly with 
increasing concentration. For the very dilute solu- 
tions the value of K, is expressed in the equation: 


log K, = — 7280/T + 6.65 


This equation leads to a value of K, = 430 at 1540°C 
in excellent agreement with the average value of 
Marshall and Chipman.” It is shown as line 1 in Fig. 1 
together with the experimental observations. 

In the case of reaction [2] the direct experimental 
results can be supplemented by observations on the 
corresponding reaction with hydrogen, namely reac- 
tion [4]: 

PyO 
O + Hz = H,0; K,=— - [4] 
0° Py, 
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Fig. 1—Equilibria in the system Fe-O-C at low carbon 
concentration. 


Poo from Richardson and Dennis 
Line 1. SS also Rist and Chipman 
Pco, 
Poo, Pro 
Line 2. Ky = calculated from ——— 
4+ Pco Ag+ Py, 
data of Floridis and Chipman 
Poo 
Line 3. K, = calculated from lines 1 and 2 


for which Floridis and Chipman? found the following 
equation: 


log K, = 7050/T — 3.20 


By means of the known free energies of the several 
gases, the equilibrium constant for reaction [2] is 
easily obtained from that of [4]. 

New values for the thermodynamic properties of 
CO; at high temperatures have been obtained from 
spectroscopic data by Wooley,*° and from these 
Kelley and Mah” have tabulated values of AH° and 
AF® for its formation. Their values at 1800° and 
2000°K, combined with corresponding data for H,O 
and CO from Coughlin’s tabulations*’ give the fol- 
lowing equation for the water-gas equilibrium: 


Hz (£) + CO2() = H,O(g) + CO (g) 
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AF° = + 6400 — 6.30T 
log Kwg = — 1398/T + 1.38 


When this is combined with Eq. [4], we find a cal- 
culated value for Kz as follows: 


log K, = +8448/T — 4.58 


This is shown as line 2 in Fig. 1. It represents the 
directly observed data of the CO-COz equilibrium, 
very well. Especially the recent data of Gokcen, 
corrected for the activity coefficient of oxygen, pro- 
vide a very striking confirmation and indicate com- 
plete elimination of the earlier discrepancies be- 
tween the two groups of data. 

Reaction [3] has been the direct objective of most 
of the early experiments. Its equilibrium is calcul- 
able from the other two equations which yield the 
following result, shown in Fig. 1 as line 3: 


log Ks = 1168/T +2.07 


In Fig. 1 the observations of the several experi- 
ments for melts of low carbon content are shown in 
comparison with the above equations. The plots 
are Similar to those shown by Marshall and Chipman 
but exclude their aluminum-killed samples. Cor- 
rections for the activity coefficient of carbon®” and 
of oxygen® have been employed. The effect of carbon 
on the activity coefficient of oxygen has been neg- 
lected in view of the low concentration of carbon. Its 
effect at high carbon levels will be deduced from the 
experiments to be described. 


EFFECT OF CARBON 


In any melt which contains appreciable quantities 
of both carbon and oxygen, the problem of securing 
a dependable sample for analysis poses great dif- 
ficulty. The evolution of gas on solidification not only 
loses a Significant fraction of the carbon or oxygen 
present but also exposes additional metal surface 
and thereby exaggerates the errors due to oxidation 
of the solid sample. Vacher encountered this diffi- 
culty when the CO, in the gas fell below 10 pct and 
gave greater weight to the sound samples produced 
under gas of higher CO,. Phragmen and Kalling 
added 0.3 pct Al just before solidification. Marshall 
and Chipman were unable to obtain sound samples 
in the range 0.02 to 2.0 pct C except by the addition 
of a small amount of Al to the melt before switching 
off the power. This procedure undoubtedly intro- 
duced substantial errors into the oxygen analysis. 
Their values for the carbon-oxygen product at high 
carbon concentrations should therefore be discarded 
as soon as better observations can be made. That is 
the major purpose of this paper. 

The effect of carbon concentration on the product 
[% C] x [% O] in equilibrium with CO at 1-atm pres- 
sure was studied by Matoba and Ban-ya.** They used 
graphite crucibles and carbon-saturated melts with 
or without additions of Si or Cr. Our attempts to 
repeat their experiments led us to the discovery of 
a source of error in vacuum fusion analysis which 
may have affected these and all earlier studies of 
oxygen in high-carbon iron. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table 1. Oxygen Content of Heats Containing 2 to 3 Pct C 


Oxide Crucible and CO Atmosphere 


Time 
No. Hr Bete Pet. log fo loga, log a log fy 
at 1540°C, K, = 510 
3 2 1.95 0.0008 0.37 +0.66 -3.36 -0.26 
4 4 1.95 0.0008 0.37 0.66 -3.36 -0.26 
Bl 2 1.89 0.0008 0.36 0.64 -3.34 -0.24 
12 2.00 0.0007 0.38 0.68 -3.38 -0.23 
13 2 2.00 0.0006 0.38 0.68 -3.38 -0.16 
14 4 2.96 0.0004 0.53 1.00 -3.70 -0.30 
16 4 3.05 0.0005 0.54 1.02 -3.72 -0.42 
17 4 2.03 0.0008 0.38 0.69 -3.39 -0.29 
at 1600°, K, = 490 
10 4 1.89 0.0011 0.35 0.63 -3.31 -0.35 
18 2 2.0 0.0010 0.37 -0.35 
414 6 2.83 0.0005 0.52 0.97 -3.65 -0.35 
464 4 1.77 0.0007 0.33 0.58 -3.26 -0.11 


Note a: ZrO, crucible; all others Al,O,. 


Experiments in graphite crucibles—Several sam- 


ples which had been prepared under CO-CO, at- 
mospheres in graphite crucibles were found by 
vacuum fusion to contain 0.0017 pct O. In order to 
establish with accuracy the blank correction to be 
used-at Such low oxygen concentrations, the follow- 
ing experiment was carried out. A vacuum fusion 
residue consisting of carbon-saturated iron from 
the graphite crucible was prepared for analysis in 
the usual way by carefully filing the surface. This 
sample, which should have contained no oxygen what- 
ever, analyzed 0.0020 pct O, which is some 10 times 
the size of the normal blank for the determination. 
The result was ascribed to adsorbed oxygen or water 
vapor from the atmosphere held in the porous graph- 
itic surface of the specimen. Repetition of the experi- 
ment yielded results ranging from 0.0004 to 0.0014 
pet. A specimen placed under vacuum immediately 
after preparation analyzed 0.0003 pct. 
Samples melted in graphite and held for 6 hr at 
1540° in helium or argon atmospheres analyzed 
0.0005 to 0.0011 pct O. It was not possible to esti- 
mate directly how much of this was due to adsorption 
in the graphitic surface though it seemed probable 
that substantially all of it came from this source. 
Samples melted in hydrogen or argon and held for 
3 to 8 hr in CO analyzed 0.0006 to 0.0021 pct O. When 
similar samples were very heavily filed so as to re- 
move the entire soft outer portion of the ingot, the 
remainder analyzed 0.0002 to 0.0004 pct O. Such a 
difference could not be ascribed to segregation dur- 
ing freezing and must certainly have been due to the 
difference in surface of the specimen analyzed. A 


half of one ingot was examined microscopically to 
locate the portions containing flaky graphite; the 
other half was cut accordingly for analysis so that 
different sturctural portions could be analyzed 
separately. The part containing only very fine 
graphite and ledeburite analyzed 0.0003 pct O; that 
containing flaky graphite analyzed 0.0018 to 0.0021 
pct O. In 8 separate runs at 1540°C the ingots after 
heavy filing to remove the flaky portions analyzed 
0.0002 to 0.0004 pct O. These results indicate clearly 
that oxygen analysis of coarsely graphitic samples 
is not to be trusted. Similar difficulties with graph- 
itic samples have been reported by others.'* +5 

The average result of 3 ppm for the heavily filed 
samples is an order-of-magnitude value for the 
equilibrium oxygen content of carbon-saturated iron. 

Experiments in oxide crucibles— Ten heats were 
made in small alumina or zirconia crucibles sur- 
rounded by a graphite susceptor. Approximately 
9.2 pct C was charged in order to compare with the 
heats made in graphite. Analysis for oxygen was 
further complicated by the fact that aluminum or 
zirconium was absorbed by the metal, one ingot for 
instance containing 0.2 pct Al. Aluminum is a known 
source of error in vacuum fusion analysis since its 
vapor and condensate react with CO. Tin is usually 
added to minimize this error, and this was done in 
the analyses of 5 of the 10 ingots. Those without tin 
analyzed 0.0004 to 0.0012 pct O; those with tin, 
0.0009 to 0.0017 pct. Neither group can be accorded 
great confidence since the possibility of the presence 
of graphite in the sample was not excluded. More- 
over, the Al present reduces the activity coefficient 
of oxygen, thus giving rise to higher concentrations. 

Since Marshall and Chipman had reported that 
heats containing 2 pct or more carbon solidified 
without gas evolution, it was decided to make a num- 
ber of runs at a level of 2 to 3 pct C. The results 
of these experiments are shown in Table I. 

The reproducibility in these experiments was bet- 
ter than in those of higher carbon content. No sus- 
ceptor was used and the metal was more thoroughly 
stirred by the inductive heating. No known or ob- 
vious sources of error were present and the results 
are considered suitable for thermodynamic calcula- 
tions. 

The activity coefficient of carbon was read from 
the graph of Rist and Chipman, and the value of dc. 
was computed as shown in the sixth column of the 
table. Values of do and fp were then found by ap- 
plication of Eq. [3]. 

Melts containing chromium—It is known from the 
work of Chen and Chipman!‘ that chromium decreases 
the activity coefficient of oxygen in iron. For this 
reason, iron-chromium-carbon melts should contain 
more oxygen than iron-carbon melts of the same 
carbon content made under the same circumstances. 


Table Il. Oxygen Content of Fe-Cr-C Heats at 1560°C 


No. Cr, Pct Pet O, Pct log log log log a log ag log fo log 
300 10 1.0 0.0089 -0.42 +0.19 -0.25 -0.06 -2.64 -0.59 H017 
308 10 1.0 0.0080 -0.42 +0.19 -0.25 -0.06 -2.64 -0.54 =0.12 
309 10 2.0 0.0033 -0.42 +0.37 -0.30 +0.37 -3.07 -0.59 -0.17 
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Fig. 2—Effect of carbon on activity coefficient of oxygen. 


The effect of chromium on the activity coefficient of 
carbon is also known from the work of Richardson 
and Dennis*” which has been confirmed by the au- 
thors. The higher oxygen level of heats containing 
chromium would be expected to minimize somewhat 
the relative errors encountered in analysis of ex- 
tremely low oxygen material. For this reason, 
heats recorded in Table II were prepared. Vacuum 
fusion analyses were run in an iron bath at 1650° to 
1700°C rather than the usual 1600°C. The higher 
temperature has been found necessary in the pres- 
ence of chromium, and the results are believed to 
be as accurate as those on chromium-free material. 

In Table II the fifth column gives the activity co- 
efficient of oxygen in 10 pct CrFe; the sixth column 
the activity coefficient of carbon in an iron-carbon 
alloy of the concentration indicated; the seventh 
column the effect of chromium on the activity coef- 
ficient of carbon; and the eighth column the overall 
result for the activity of carbon. The activity of 
oxygen is then obtained by application of the appro- 
priate value of K;. This gives immediately the value 
of log f, which is corrected by means of the value in 
the fifth column to give the final value of log /§, the 
effect of carbon on the activity coefficient of oxygen. 
This is to be compared with corresponding values 
for log f§ in the plain iron-carbon alloys. 

The comparison and summary of the data are 
shown in Fig. 2. For comparison the tentative line 
published in Basic Open Hearth Steelmaking" is also 
shown. These data show a substantially smaller ef- 
fect on the activity coefficient of oxygen than did the 
earlier studies. Both agree, however, in showing 
that increase in carbon content diminishes the ac- 
tivity coefficient of oxygen. The average results 
are summarized by the equation: 


log f, = -0.13 [% C] 


The carbon-oxygen product— The product [%C] x 
[% O] is not necessarily constant although the as- 
sumption of constancy has been a useful approxi- 
mation for many years and continues to be useful as 
such. The product dc- @ is constant only for metal 
in equilibrium with CO gas of constant pressure. If 
the sum of CO + CO, is taken as 1 atm or some 
other convenient pressure for calculations, then the 
activity product is not quite constant but it can be 
calculated from the equations given. Table III con- 
tains a summary of values of [% C] x[% O] for 
several temperatures extending beyond the range 
covered in the experiments. The results are quite 
different from those of Chipman and Marshall which 
were summarized in Basic Open Hearth Steelmaking 
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Table Ill. Values of the Product [%C][%C] x 10° at 1 atm 
Pressure of CO + co, 


t,°C7="1500 1600 1700 1800 1900 
[% C] 490 460 430 400 
0.02 —0.20 1.86 2.00 2.18 DS2 2.45 
0.5 1.90 2.08 2.20 2.32 
1.0 1.68 1.81 1.96 2.08 2225 
2.0 155 1.70 1.84 1.95 2.10 


in that they indicate a decrease in the carbon-oxygen 
product with increasing carbon concentration. In 
view of the very low oxygen concentrations involved 
and the resultant uncertainties at high carbon con- 
tent, the use of a constant value of the product at 
each temperature would be justified in any practical 
considerations. 


DISCUSSION 


The precision of any study dealing with small con- 
centrations of dissolved substances is limited by the 
accuracy of sampling and analysis, and this is es- 
pecially true in the present case. While the data are 
sufficiently accurate for practical comparisons, it 
must be emphasized that they are based on vacuum- 
fusion determinations and are not applicable where 
methods yielding different results are employed. To 
improve the precision it will be desirable to employ 
analytical methods which are precise to 1 ppm of 
oxygen and to better than 10 ppm of carbon. Such 
methods will be of no value unless sampling tech- 
niques can be devised by means of which true sam- 
ples from the bath can be submitted to the analyst. 


SUMMARY 


Earlier observations on the carbon-oxygen product 
in liquid iron suffered from errors in oxygen analy- 
sis of high-carbon samples. Graphitic specimens 
adsorb oxygen or water vapor and yield spuriously 
high results. For melts in which this error is mini- 
mized, the oxygen content of graphite-saturated 
metal in equilibrium with CO at atmospheric pres- 
sure pressure is of the order of 3 ppm. 

Data on gas-metal equilibria are reviewed and 
new determinations are reported for the carbon- 
oxygen product in iron melts containing 1 to 3 pct C. 
The activity coefficient of oxygen is lowered by in- 
creased carbon while the product [% C] x [% O] is 
lowered so slightly that a constant product can be 
recommended for practical purposes. 
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Hydrogen Precipitation of Nickel from Buffered 


Acid Solutions 2 


The rate has been studied of the hydrogen reduction of nickel 
ions in acetate-buffered solutions, using a nickel catalyst. At 
temperatures between 130° and 160°C, the rate is found to be 
Proportional to the catalyst area, the nickel ion concentration, 


and the hydrogen pressure. The effect of hydrogen ions is to 
reduce the observed rate, likely by causing the reverse veact- 


S. C. Sircar 


ion (dissolution) to proceed. The experimental activation energy 


was found to be 25 kcal per mole. 


Tre precipitation of metals and lower oxides from 
solution by hydrogen reduction has been quite actively 
investigated during the past few years.’ In the case 
of nickel, the kinetics of the precipitation have been 
studied in ammonia solution’ but extension of this 
study to acid solutions has not attracted much inter- 
est, largely because of the unfavorable thermody- 
namics at all but the lowest acidities. For example, 
Schaufelberger found® that only 10 pct reduction of 
nickel could be effected in sulphate solutions. One 
kinetic study of the reduction of Ni** has been report- 
ed by Knacke, Pawlek, and Stissmuth,* in which the 
order of the reaction was found to be one in nickel 
ion and one-half in hydrogen pressure. No mention 
was made as to the part played by the nickel catalyst, 
or by the pH of the solution. Moreover, the activation 
energy reported (4.12 kcal per mole) is so low as to 
lead to some question as to whether diffusion might 
be playing a major role in determining the kinetics. 

We have recently completed a study” of the kinetics 
of the hydrogen precipitation of nickel from acetate- 
buffered acidic solutions whose results confirm and 
amplify those of Knacke et? al. 


EXPERIMENTAL PROCEDURES 


The work was done in a high-pressure autoclave® 
by the usual technique of removing small samples of 
the solution for analysis. Nickel analysis was done 
colorimetrically by the dimethylglyoxime method.’ 
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D. R. Wiles 


The catalyst used was carbonyl nickel powder (Stand- 
ard A powder of the Mond Nickel Co., Ltd.) which was 
found to be composed of spheres of less than 350 
mesh. The surface area of the powder was determined 
in this laboratory by the B. E. T. method to be 1.85 sq 
m (m’) per g. The catalyst was added to the solution 
only after the proper temperature and pressure had 
been reached. Agitation of the baffled system was by 
a turbine-type impeller, rotated at speeds between 400 
and 750 rpm. The reduction rate was found to be inde- 
pendent of the stirring rate, so it was assumed that 


_ diffusion in the liquid does not limit the rate. 


In typical experiments, the nickel concentration was 
unchanged during an induction period of variable 
length. The concentration then decreased sharply, 
and gradually levelled off to approach the final equi- 
librium value. In some cases, notably at high stirring 
rates, the nickel concentration was found to increase 
considerably during the induction period, and then to 
decrease. In all cases, the rate was determined from 
the slope of the tangent to the rate curve as the concen- 
tration first decreased below the initial value. This 
is seen in Fig. 1. The rate measurements were found 
to be reproducible to within about 5 pct and to be 
quite independent of the nature or duration of the in- 
duction period. 

The range of conditions used is given in Table I. 


Table |. Range of Conditions over which the Rates were Studied 


3.3 to 27.2 atm 

7.9 to 26.4 m?/1 

0.0015 to 0.010 M 

5.6 x'10- to 3.2 x 10 M 
130° to 160° C. 


Hydrogen pressure 
Catalyst area 

Initial concentration 
Initial H+ concentration* 
Temperature 


*Hydrogen-ion concentration measurements were made at room temper- 
ature. 
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Fig. 1—Typical rate plots, showing method of determining 
the initial rate. 


The nature of the processes occurring during this 
induction period was not investigated. However, it 
seems likely that the delay in the catalytic reduction 
is caused by the presence of a thin oxide layer, which 
must be reduced before the main reaction proceeds. 
Attempts were made to remove this oxide film, or at 
least to reduce its thickness, by annealing the nickel 
in a hydrogen atmosphere and by washing the catalyst 
with warm dilute acetic acid, just prior to use. No 
effect was noted, and such attempts were abandoned. 
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Fig. 3—Initial rate as a function of initial hydrogen ion 
concentration. 
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Fig. 2—Initial rate as a function of the hydrogen pressure. 


RESULTS 


The results of the rate measurements show that the 
reaction is first order in nickel ion, and also first 
order in catalyst surface area. Determination of the 
rates at various hydrogen pressures showed, Fig. 2, 
that up to a pressure of about 15 atm, the rate is 
proportional to the square root of the hydrogen 
pressure, and that above this pressure the rate fails 
to increase proportionately. This levelling-off in 
rate probably indicates a saturation of the surface 
with hydrogen. Fig. 3 shows the initial rate as a 
function of initial hydrogen ion concentration. 

These results show that the reaction rate can be 
represented, at constant temperature, by an equation 
of the form: 


- d [Ni**] 1/2 | an 


where S designates the surface area of the catalyst, 
and kz may also include S. The exponent is 
somewhat less than 1. The order of the reaction in 
nickel ion and in molecular hydrogen are in agree- 
ment with the results of Knacke et al.* The linear 
decrease in rate with increasing hydrogen ion con- 
centration may result from either a reverse (disso- 
lution) reaction or an inhibition of the forward re- 
action by hydrogen ion. Evidence of a reaction simi- 
lar to the former has been noted® in cases where a 
nickel catalyst was used in the hydrogen reduction of 
uranyl ion. Unfortunately, in the present case only 
a very narrow pH range was available for study, 
since above pH 4.5 the nickel salts were no longer 
soluble, and below pH 3.5 the amounts of nickel re- 
duced were so small as to make the rate determi- 
nations unreliable. Values found for the constants k, 
and k2 are 8.310 m? Jatm’? and 

0.78 M min * atm™”, respectively, at 140°C. The 
experimental activation energy was found, by the 
usual method of graphically comparing the rates at 
several temperatures, to be 25 kcal over the temp- 
erature range 130° to 160°C. 
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The equilibrium conditions at 140°C were found to 
be described by the equation 


[Ni** 


= 2%x10° 
[Ht a 


where the hydrogen ion concentration was measured 


at 20°C. The constant a probably reflects the change 
in the acidity of the system at higher temperatures. 
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Mechanical Properties of Tantalum Metal 


Consolidated by Melting 


Arc-melted and electron-beam melted tantalum in the cold- 
worked and the recrystallized conditions showed high strength, 
good tensile ductility, and excellent notch toughness down to 
—321°F, Arc-melted material, containing moderate amounts of 
interstitials, possessed better short-time strength than higher 

_purity electron-beam melted material up to 2000°F. Cold-work- 
ing substantially strengthened arc-melted tantalum, whereas 
electron-beam melted material exhibited a low work-hardening 
rate and possessed better formability characteristics. With 


identical compositions and microstructures, the mechanical prop- 
erties of melted tantalum and vacuum-sintered tantalum should be 


similar. 


Tanratum metal usage is increasing rapidly in a 
number of applications. The outstanding chemical 
corrosion resistance of tantalum accounts for its 
applications in chemical processing equipment for 
severe service conditions and for surgical uses in 
the medical field. The largest present requirements 
for tantalum are in the electronics industry, where 
its special properties are useful in capacitors. The 
high melting point (5425°F) and inherent ductility of 
tantalum also suggest that tantalum and tantalum-base 
alloys might offer an excellent combination of high 
strength at very high temperatures and good fabri- 
cability. Pure tantalum has been used in significant 


M. Schussler 
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-will become better defined when more extensive me- 


chanical property data are known. Pugh? measured 
the tensile properties of vacuum-sintered tantalum 
in sheet form for the temperature range of 78° to 
1500°K (—321° to 2240°F), and Bechtold reported data 
obtained at low temperatures.” Drennen*® determined 
creep and stress-rupture properties of both vacuum- 
sintered and arc-melted tantalum sheet at 1200°F. 
Some additional data on the mechanical properties of 
tantalum at temperatures up to 5000°F have been 
summarized elsewhere.*?* 

It is probable that large structural shapes of tan- 
talum, either unalloyed or alloyed, can most readily 


amounts in parts requiring high-temperature strength, 
such as heating elements, reflectors, and heat shields 
in high-vacuum high-temperature furnaces and in 
electronic tubes. A few very promising tantalum-base 
alloys have been developed and are being investigated — 
extensively. 

The possibilities for tantalum as a high-tempera- 
ture structural material, either unalloyed or alloyed, 
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be produced from ingots prepared by melting. Con- 
sequently, the present investigation was undertaken 
to determine more extensive short-time mechanical 
properties of tantalum metal consolidated by melting. 


EXPERIMENTAL PROCEDURE 


Melting and Fabrication— Two tantalum ingots were 
utilized in this study to obtain information on the 
effect of interstitial elements on mechanical proper- 
ties. Both ingots were melted from Union Carbide 
Metals Co. tantalum dendrites. 
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(6) Recrystallized, 


0.025 


(c) Recrystallized, 0 


mm 


Fig. 1—Microstructure of bar from arc-cast ingot. X100. 75 pct HNO3, 25 pet HF etch. 


One ingot, designed Heat A, was prepared by con- 
sumable-electrode arc melting. The 3 1/2-in. diam, 
high-vacuum, arc-melted ingot had a hardness of 105 
Bhn (500-kg load applied for 30 sec). The ingot was 
conditioned by machining, spot grinding, and pickling 
in 70 pct HNOs and 30 pct HF, then was cold-cogged, 
groove-rolled, and swaged to bar, with one intermedi- 


ate vacuum anneal at 2250°F at 11/16-in. gothic shape. 


Bars 7/16 and 11/16 in. diam were prepared for 
tensile and impact tests, respectively; the 7/16 in. 
bar represented a final cold reduction of 87 pct and 
the 11/16-in. bar represented a reduction of 58 pct 
from the 11/16-in. gothic. 

The other ingot, designated Heat E, was prepared 
by electron-beam double melting. The 3-in. diam 
ingot had a hardness of 65 Bhn (500-kg load applied 
for 30 seconds). The ingot was conditioned as above, 
then cold-worked to bar, without intermediate an- 
nealing, by forging, groove rolling, and swaging. Bars 
3/8 and 11/16 in. in diam were produced for mechani- 
cal tests; the 3/8-in. bars represented a cold re- 
duction of 98 pct and the 11/16-in. bars a reduction 
of 95 pct. from the 3-in. diam. 

Heat- Treatments— One third of the bars from 
Heats A and E were set aside in the as-worked 
condition. The rest were subjected to recrystalli- 
zation treatments. The minimum temperature at 
which a fully recrystallized structure was observed 
was 2250°F for Heat A, so a portion of the bar from 
Heat A was vacuum-annealed for one hour at 2380°F, 
and the remainder was vacuum-annealed for 1 hr at 


(a) Cold worked, 98 pct 


Recrystallized, 0.2 mm G. S. 


2460°F to obtain different recrystallized grain sizes. 
Recrystallization treatments on the bar from Heat E 
failed to produce as fine-grain sizes as had been 
obtained with the arc-melted material; this difficulty 
probably can be attributed to the extremely large 
columnar grains in the ingot, and the low interstitial 
contents and low work-hardening behavior discussed 
later. A vacuum anneal for 1 hr at 2190°F was the 
minimum temperature at which full recrystallization 
was observed in Heat E. Consequently, a portion of 
the bar was annealed at this temperature, and the 
balance was annealed at 2380°F. 


Microstructures and Hardness- The microstructures 
of material from Heat A are shown in Fig. 1. The 
cold-worked material, Fig. 1(a), has a fibered 
structure with a considerable number of small parti- 
cles of a second vhase aligned in the direction of 
rolling. Pochon, et al.° have identified this phase as 
tantalum carbide, Ta2zC. After annealing at 2380° and 
2460°F, the grains were equiaxed as indicated in Figs. 
1(b) and 1(c) and were, respectively, 0.025 mm. (ASTM 
No. 8) and 0.10 mm. (ASTM No. 4) in average diam- 
eter. The microstructures of material from Heat E 
are shown in Fig. 2. The cold-worked material, 

Fig. 2(a), has a coarse grain size, fibered structure 
containing a small amount of dispersed tantalum car- 
bide. After annealing at 2190° and 2380°F, the grains 
were equiaxed and were, respectively,0.2 mm. (ASTM 
No. 2) and 0.5mm. (ASTM No. 0) in average diameter 
as shown in Figs. 2(d) and 2(c). 


(c) Recrystallized, 0.5 mm G. S. 


Fig. 2—Microstructure of bar from electron-beam melted ingot. X100. 75 pet HNOs, 25 pct HF etch. 
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-ked, 87 «10 G. S. 
(a) Cold worked, 87 pct 


Hardness values of these materials are: 


Hardness 

Heat Condition Rockwell Vickers 
A Cold-worked, 87 pct B97 240 
A Recrystallized, 0.025mm 

grain size B66 121 
A Recrystallized, 0.10mm 

grain size B65 118 
E Cold-worked, 98 pct E91 109 
E Recrystallized, 0.2mm 

grain size E75 85 
E Recrystallized, 0.5mm, 

grain size E72 82 


Chemical Compositions— Chemical analyses 
were made on recrystallized bar stock from Heats 
A and E, and the results are shown in Table I. The 
materials were similar in composition except for 
lower carbon and oxygen contents in Heat E. Re- 
ferring to the microstructures, Figs. 1 and 2, it can 
be seen that the 0.015 pct C in Heat A was above the 
solid solubility of carbon in tantalum, while the 0.005 
pet C in Heat E was only slightly in excess of the 
solid solubility. The presence of only a very small 
amount of TaaC in this material indicates excellent 
agreement with the reported solubility limit of about 
0.005 pct C in tantalum.® The differences in hardness 
between the two heats can be attributed chiefly to 
differences in oxygen content, namely, 0.028 pct in 
Heat A and 0.006 pct in Heat E. 

Evaluation— Standard 1/4-in. reduced diam, 1-in. 
gage length tensile test bars were machined from the 
7/16-in. bar from Heat A and 3/8-in. bar from Heat E 
in the cold-worked and recrystallized conditions as 
described. Except as discussed later, all tensile 
specimens were strained at a head speed of 0.005 in. 
per min to beyond the 0.2 pct offset yield stress, and 
then at 0.05 in. per min to failure. Duplicate speci- 
mens were run at room temperature, and single speci- 
mens at other temperatures ranging from —321° to 
2000°F. In order to avoid possible failure in the 
threaded grips, the tests at —321°F were run on 
specimens in which the reduced section was further 
machined to 0.185 in. diam. The tests at 1000°F and 
higher were conducted in inert atmosphere capsules 
through which a positive flow of helium gas was main- 
tained during the test. Only a very slight tarnish or 
temper color was noted on the specimens. Knoop 
hardness traverses were made on cross sections of 
the specimen shanks from Heat A subsequent to 
tensile testing in the range of 70° to 2000°F. Readings 
were taken to within about 0.002 in. from the surface, 
and no significant hardening was noted. 

Autographic load-elongation curves were recorded 
for nearly all tensile tests except for those run at 
1750° and 2000°F, which temperatures were above the 
temperature limitations on the available extensometer. 

Faster strain rates of 0.16 and 2.0 in. per min for 
the entire testing period were used on specimens 
from Heat A at room temperature to investigate the 
effect of strain rate on tensile properties. The strain 
rate sensitivity was calculated from the data by 
methods described elsewhere.* 

True stress-strain (flow) curves were obtained at 
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Fig. 3—Tensile properties of arc-melted tantalum as a 
function of temperature. 


room temperature on both Heats A and E. These 
were made by combining calculations for true stress 
and strain values based on autographic load-elongation 
curves for the elastic and early plastic strain, and 
on additional tensile tests in which instantaneous 
measurements of cross-sectional area were made at 
various loads in the region of higher plastic strain. 
Notch tensile tests were conducted at room temper- 
ature on standard 1/4-in. reduced diam, 1-in. gage 
length test bars with a 60-deg V-notch, 0.005-in. 
radius at the root, cut to such a depth that the area 
under the notch was one half that of the unnotched bars. 
The theoretical stress concentration factor was 3.8 in 
these tests. 
The influence of cold-work on hardness was determi- 


Table 1. Chemical Compositions of Materials 


Concentrations, Wt Pct 


Arc-Melted Electron-Beam Melted Vacuum- 
Element Heat A Heat E Sintered* 
Carbon 0.015 0.005 0.02 
Oxygen 0.028 0.006 0.0056 
Hydrogen <0.001 0.0001 - 
Nitrogen 0.006 0.006 0.013 
Boron 0.0001 - = 
Columbium <0.01 - 0.10 
Chromium <0.01 = - 
Copper <0.001 - - 
Iron <0.01 -_ 0.015 
Nickel <0.01 - - 
Silicon <0.005 - - 
Titanium <0.01 - - 
Tungsten 0.0056 - 0.01 
Vanadium <0.003 - - 
Zirconium <0.003 - 
Tantalum Balance Balance Balance 
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Fig. 4—Tensile properties of electron-beam melted tan- 
talum as a function of temperature. 


ned by swaging recrystallized bars from Heats A and 
E through a series of dies to obtain various reductions 
in area. Specimens were cropped after each reduction, 
mounted in Lucite plastic, polished, and the Vickers 
hardness determined. 

Standard V-notch Charpy bars were tested in dupli- 
cate at room temperature and at —321°F. for impact 
strength in a 220 ft-lb capacity machine, and were 
examined subsequently for mode of failure. 

Bend tests and cupping tests were performed on 
sheet rolied from recrystallized bars. Bend speci- 
mens were tested for minimum bend radius both 
longitudinal and transverse to the rolling direction. 
The depth of cup at failure was recorded for the 
Erichsen cupping tests. 


RESULTS AND DISCUSSION 

Tensile Properties as a Function of Temperature— 
The influence of temperature on the tensile properties 
of Heat A in the cold-worked condition and in the finer 
grain size, recrystallized condition is shown in Fig. 3. 
The tensile behavior of the tantalum in both conditions 
shows some common characteristics. The highest 
strength values are obtained at the lowest test temper- 
ature, —321°F. The strength values decrease rapidly 
from —321° to about 0°F. In the range of about 0° to 
750°F, the ultimate strength increases slightly with 
increasing test temperature. The 0.2 pct offset yield 
stress of the cold-worked material follows the ulti- 
mate strength behavior closely, but this behavior is 
less evident in the recrystallized specimens. The 
stress-strain curves for the specimens tested at 500° 
and 750°F showed a considerable number of serrations 
indicative of strain aging due to the presence of in- 
terstitials. Above about 750°F, both the ultimate 
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strength and yield stress decrease almost linearly 
with increasing test temperature. The ductility values, 
elongation and reduction in area, increase from —32i% 
to 80°F, then decline somewhat to 500°F. After a * 
slight increase at 750°F, a second minimum in ductility 
occurs at about 1000°F. Above 1000°F, ductility values 
increase with temperature, although there seems to be 
be some ambiguity in ductility properties shown by the 
tests at 1750°F. 

The 87 pct cold-worked specimens show substanti- 
ally higher strengths than the recrystallized speci- 
mens. Even at the higher testing temperature employ- 
ed, which are below the minimum recrystallization 
temperature of about 2250°F for Heat A, the cold- 
worked material maintains a considerable portion of 
its higher strength induced by cold work. In the case 
of the recrystallized stock, the finer grain size 
(0.025 mm) specimens generally show slightly better 
strength and ductility properties than the larger grain 
size (0.10 mm) material (data not included). 

The influence of temperature on the tensile prop- 
erties of the lower interstitial content Heat E is pre- 
sented in Fig. 4 for the material in the cold-worked 
condition and the finer grain size, recrystallized 
condition. Compared to the tensile properties discussed 
previously for Heat A, the strengths are much lower 
and the ductilities of Heat E are generally somewhat 
higher than in Heat A. The grain size differences of 
0.2 and 0.5 mm. in the recrystallized specimens of 
Heat E did not appear to have any significant effect 
on tensile properties, so the strength properties for 
the coarser grain size, recrystallized condition are 
notincluded. The lower work-hardening characteristics, 
to be discussed later, of Heat E result in substantially 
less strengthening by cold work than for Heat A. Strain 
aging, as evidenced by serrations in the stress-strain 
curves for the tests conducted at 500° and 750°F, was 
not as pronounced in Heat E as was observed in Heat A. 
From the standpoint of load-carrying ability at 
elevated temperatures, at least for short times up to 
2000°F, the higher interstitial content Heat A offers a 
large advantage over the higher purity Heat E. 

Similar tensile behaviors have been reported for 
vacuum-sintered tantalum.’ The observations de- 
scribed above in the 0° to 1000°F range can be attri- 
buted to strain-aging effects, which have been studied 
in tantalum by yield point behavior’ and by internal 
friction measurements.”® The temperatures at which 
the peaks occur in internal friction tests have been 
attributed to a critical mobility of the interstitial 
elements, carbon, oxygen, and nitrogen, in the tan- 
talum lattice.’ The maximum and minimum phenomena 
in the tensile data curves result from the interaction 
of dislocations with the different interstitials. Spe- 
cifically, carbon or oxygen, or both, may be responsi- 
ble for the sharp changes in tensile properties at 
about 400° to 500°F, while nitrogen may be responsible 
for that at about 1000°F. 

Notch Tensile Properties— Notch tensile results at 
room temperature on the two heats are shownin Table 
II. Since the ratios of notched to unnotched strength 
range from 1.47 to 1.80, the results indicate that the 
tantalum from both heats and in both the cold-worked 
and recrystallized conditions is not notch sensitive 
Materials exhibiting a ratio greater than 1.0 are 
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Table Il. Room-Temperature Notched and Unnotched Tensile Properties 


Unnotched Notched 
Heat Test Condition Psi Pct Psi 
A Cold-worked, 87 pct 114,200 76 179,800 52 1.57 
A Recrystallized, 0.025-mm grain size 53,800 92 79,100 87 1.47 
A Recrystallized, 0.10-mm grain size 51,100 80 79,400 68 1255: 
E Cold-worked, 98 pct 41,900 99 72,800 99 1.74 
E Recrystallized, 0.2-mm grain size 30,200 95 45,500 99 1.50 
E Recrystallized, 0.5-mm grain size 28,000 99 50,400 99 1.80 


arbitrarily classified as notch insensitive. The values 
of notch ductility, indicated by reduction in area at _ 
the notch root, are high, even on the severely cold- 
worked materials. 

Elastic Properties at Room Temperature— The 
room-temperature elastic modulus values ranged 
from 26.9 x 10° to 27.4 x10° psi as determined from 
the autographic load-extension curves. These values 
agree with published values for tantalum.° 

Proportional limits, also determined from the 
autographic load-extension curves, are listed in 
Table III. The proportional limits are affected con- 
‘Siderably by interstitial contents, to a lesser extent 
by cold-working, and still less by recrystallized grain 
size. 

Influence of Strain Rate in Testing— The strain rate 
Sensitivity was calculated from the room-tempera- 
ture tensile tests run on Heat A at three different 
strain rates by use of the equation: 


_ log 01/02 
log é2 

where 7 is the strain sensitivity, and 0; and 02 are 
the flow stress values at the faster and slower strain 


rates é: and é2, respectively. 
The n values calculated from Eq. [I] are shown 
below and indicate low orders of strain rate sen- 


sitivity: 
Strain Rate 


Condition Sensitivity, 7 
Cold-worked 0.0012 
Recrystallized, 0.025 mm 0.0184 
Recrystallized, 0.10 mm ~ 0.0406 


A value of n= 0 would indicate no strain rate 
sensitivity, while increasing values of 7 indicate 
increasing strain rate sensitivity. The larger grain 
size recrystallized material exhibited more apparent 
strengthening by increasing the strain rate than the 
recrystallized finer grain size material, while the 
cold-worked material showed essentially no strain 
rate sensitivity. For vacuum-sintered tantalum with 
a recrystallized grain size of 0.025 mm, the strain 


Table III. Proportional Limit Data 


Heat Test Condition Proportional Limit, Psi 
A Cold-worked, 87 pct 51,500 
A Recrystallized, 0.025-mm grain size 37,000 
A Recrystallized, 0.10-mm grain size 27,800 
E Cold-worked, 98 pct 15,900 
E Recrystallized, 0.2-mm grain size 11,900 
E Recrystallized, 0.5-mm grain size 9,000 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


rate sensitivity, 7, was calculated to be 0.0285, using 
the flow stress at strain rates of 0.09 to 0.009 in. per 
in. per min.’ This value is slightly greater than that 
obtained on the arc-melted tantalum of the same 
grain size in this study. 

True Stress-Strain Curves— True stress-strain 
(flow) curves to failure for Heats A and E, in the 
cold-worked and recrystallized conditions, are shown 
in Fig. 5. Heat A in the cold-worked condition re- 
quired substantially higher true stress to attain a 
given true strain than the same material in the re- 
crystallized conditions. The finer grain size, re- 
crystallized Heat A material required somewhat 
higher stress than the same material with a coarser 
grain size. The three test conditions for Heat E 
achieved a given strain with much lower stresses 
than for Heat A, and the differences between the flow 
curves for the cold-worked and recrystallized con- 
ditions for Heat E were much less than with Heat A. 

Formability Considerations— The formability of a 
metal is one of the most important considerations, 
particularly in secondary fabrication. For example, 
in stretch forming or stamping operations, a high 
uniform elongation is desired.*° However, if the 
stress required to reach the necessary strain is also 
high, then the possibility of achieving the potential 
formability may be reduced because of available 
equipment limitations on energy that can be applied to 
shape the part. 

Data can be obtained from true stress-strain curves 
that allow qualitative comparison of the potential 
formability of a given material in various conditions, 
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Fig. 5—True stress-strain curves to failure for Heats A 
and E in the cold-worked and the recrystallized conditions. 


VOLUME 218, OCTOBER 1960-897 


20 


Table IV. Maximum Uniform Strain, Strength Coefficient, and True Stress at Maximum Uniform Strain for Several Materials and Test Conditions 


Maximum Strength True Stress, a, at 
Uniform Coefficient K, Max. Uniform Strain, 1075) 
Material Test Condition Strain, n Psi Psi n 

Ta, Heat A Cold-worked, 87 pct 0.03 131,000 118,100 eh 
Ta, Heat A Recrystallized, 0.025-mm grain size 0.22 94,000 68,200 ue 
Ta, Heat A Recrystallized, 0.10-mm grain size 0.23 92,000 65,900 3 
Ta, Heat E Cold-worked, 98 pct 0.03 48,000 43,000 ie 
Ta, Heat E Recrystallized, 0.2-mm grain size 0.22 42,000 35,000 fs 
Ta, Sintered’ Recrystallized, 0.025-mm grain size 0.164 108,000 80,000 4.9 
Steel, 0.40 pct C*° Quenched and tempered (400°F.) 0.088 416,000 406,000 46.2 
Steel, 0.59 pct C’° Quenched and tempered (1300°F.) 0.15 184,000 138,000 9.2 
Steel, 0.05 pct C*° Annealed and temper-rolled 0.235 72,000 51,200 2:2 
Al, 2024 Alloy*® Precipitation hardened 0.16 100,000 74,600 4.7 
Al, 2024 Alloy*® Annealed 0.21 49,000 35,400 lsy 
Cu’® Annealed 0.54 46,400 33,200 0.6 
Brass, 70—30°° Annealed 0.49 130,000 92,000 1.9 


and between different materials that might be con- 
sidered. These data also allow a reasonable guide as 
to the capability of forming a new or unfamiliar ma- 
terial on equipment that is being used on more fa- 
miliar materials. The true stress-strain data ob- 
tained in this investigation were used to calculate 
plastic flow constants of the tantalum materials. 
These value were calculated from the flow equation, 
which relates the true stress and plastic strain for 
most metals: 


In Eq. [II], ois the true stress, K is a constant 


called the strength coefficient, dis the true strain, and 


nis a constant called the strain-hardening exponent. 
This equation is only valid up to the maximum load 
achieved in the test; beyond this load, the specimen 
no longer elongates uniformly, but necks down ina 
localized area until failure occurs. The value of 7 is 
equal to the maximum uniform strain at the maximum 
load.*° 

Table IV represents the maximum uniform strain, 
strength coefficient, and true stress at maximum uni- 
form strain values computed from the test results. 
Similar data are included for comparison purposes 
on vacuum-sintered tantalum, ‘and on other generally 
more familiar materials such as steel, aluminum, and 
copper.*° 

Values are also included for a ‘‘formability index’’, 
o/n, based on the ratio of true stress at maximum 
uniform strain to the maximum uniform strain. For 
best formability, 0 should be small, ” should be large, 
and the ratio 0/n should be small. On this basis, an- 
nealed copper should have the best formability; re- 
crystallized electron-beam melted tantalum appears 


Table V. Impact Strength Data 


Test Energy 
Temp., Absorbed, 

Heat Test Condition oF, Ft-lb. Remarks 
A Recrystallized, 0.025-mm grain size 80 220 Sample bent 
A Recrystallized, 0.025-mm grainsize -321 220 Sample bent 
Cold-worked, 98 pct 80 195 Sample bent 
E  Cold-worked, 98 pct -321 218 Sample bent 
E_ Recrystallized, 0.5-mm grain size 80 184 Sample bent 
Recrystallized, 0.5-mm grain size -321 218 Sample bent 
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to have formability characteristics similar to those 
of annealed 2024 aluminum alloy, while annealed 70-30 
brass requires a higher stress but possesses a great- 
er uniform strain than recrystallized tantalum. The 
recrystallized arc-melted tantalum requires some- 
what higher forming stress than annealed 0.05 pct C 
steel, but can be uniformly strained about the same 
amount and should display better formability than the 
recryStallized sintered tantalum.’ The cold-worked 
tantalum materials, particularly the arc-melted 
material, on this basis are relatively more difficult 
to form, and possess very little remaining uniform 
strain. 

Effect of Cold Reduction on Hardness— The work- 
hardening characteristics of Heats A and E are also 
illustrated in Fig. 6, which shows the relationship 
of Vickers hardness to percent reduction in area by 
cold swaging. Heat A, with a hardness of 118 Dphin 
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Fig. 6—Vickers hardness of Heats A and E as influenced 
by reduction in cross-sectional area by cold-swaging. 
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Table VI. Erichsen Cupping Test Data 


Heat Test Condition Depth of Cup, mm 
A Cold-rolled 6.5 
A Recrystallized, 0.025 mm 11.4 
E Cold-rolled 6.1 
E Recrystallized, 0.2 mm 10.4 


the recrystallized condition, work-hardens rapidly to 
about 160 Dph with the initial 20 pct reduction, then 
undergoes little further hardening up to about 60 pet 
reduction, then work-hardens with increasing rate to 
a hardness of 230 Dph at 93 pct reduction, the maxi- 
mum used in these experiments. Heat E, with a hard- 
ness of 85 Dph in the recrystallized condition, work- 
hardens slightly to about 97 Dph with the initial 20 pct 
reduction, then shows little further work-hardening 
up to 97 pct reduction. The higher interstitial content 
in Heat A not only results in higher initial hardness 
as-recrystallized, but results in substantial hardening 
during cold-working. 

Impact Strength Properties—Impact strength data 
are listedin Table V. The specimens from both heats 
stopped the impact hammer at room temperature and 
at —321°F without complete failure, although the 
Specimens were bent by the blow and showed some 
ductile, fibrous tears at the root of the notch. 

Bend and Cupping Tests—Samples of 0.030 in. sheet 
from both heats, in both the cold-worked and re- 
crystallized conditions, and taken both parallel and 
perpendicular to the rolling direction, successfully 
withstood bending over a 0.040-in. radius die. The 
samples were subsequently cold flattened on them- 
selves to very sharp bend radii with no evidence of 
cracking. 

The results of the Erichsen cupping tests are listed 
in Table VI. The slightly superior cupping behavior of 
Heat A is believed to be due to its fine grain size. 

Comparison of Arc-Melted, Electron-Beam Melted, 
and Vacuum-Sintered Tantalum— The tensile proper- 
ties of wrought, arc-melted, and electron-beam melt- 
ed tantalum obtained in the present investigation are 
compared in Fig. 7 to published data’ on the tensile 


properties of wrought tantalum produced from vacuum- 


sintered tantalum bars. The graph pertains to the re- 
crystallized condition for all materials, with the same 
grain size (0.025 mm) for the arc-melted and sinter- 
ed materials, while the electron-beam melted materi- 
al had a grain size of 0.2 mm. The principal differ- 
ence in the data comparison is that the tensile tests 
on the wrought, melted materials were run on 1/4-in. 
reduced diam, 1-inch gage length test bars, while the 
wrought, sintered material was tested as 0.010-in. 
thick, 2 1/2-in. gage length sheet specimens. Com- 
parison of these curves indicated that the wrought, 
arc-melted tantalum exhibits significantly higher 
elongation and somewhat lower strength properties 
than the sintered tantalum. At the higher test tempera- 
tures, the strength levels of these two materials con- 
verge and approximate one another. The differences 
in elongation between these materials may be influenc- 
ed partly by the different geometries of the test speci- 
mens used for the two materials, with the round bars 
favoring somewhat greater elongation before failure 
than with the sheet specimens. The differences in 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


ULTIMATE STRENGTH,IOOOPSI. 
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tensile properties between the two materials, however, 
are probably due primarily to the somewhat different 
amounts of strengthening and loss in ductility caused 
by the particular concentrations of interstitial ele- 
ments present. Analyses of the melted and sintered 
materials are shown for comparison in Table I. The 
arc-melted material contains a higher oxygen content 
but lower carbon and nitrogen contents than the vacu- 
um-sintered material. The electron-beam melted 
material, because of the low concentrations of the 
interstitials, exhibited appreciably lower strengths 
and somewhat higher ductilities than either the arc- 
melted or the vacuum-sintered materials over the 
entire range of test temperatures. 


CONCLUSIONS 


1) The mechanical properties of wrought tantalum, 
consolidated by either arc melting or electron-beam 
melting, appear exceptionally promising for low- 
temperature applications down to liquid nitrogen 
temperature (—321°F). Even at this low temperature, 
tantalum possesses high strength, reasonably good 
tensile ductility, and excellent notch toughness. 

2) For short-time elevated temperature service up 
to 2000°F, there is a substantial strength advantage, 
with good associated ductility, in the arc-melted tan- 
talum containing moderate concentrations of inter- 
stitials instead of higher purity electron-beam melted 
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material. Furthermore, the arc-melted material can 
be substantially strengthened by cold working without 
severe loss in notch ductility, whereas the electron- 
beam melted material exhibits a very low rate of work 
hardening. 

3) Electron-beam melted tantalum possesses better 
general formability than arc-melted tantalum. The 
forming characteristics of the recrystallized electron- 
beam melted material should be similar to those of 
some annealed aluminum-base alloys, while recrystal- 
lized arc-melted tantalum should be somewhat more 
difficult to form than annealed low-carbon steel. 

4) With identical compositions and microstructures, 
the mechanical properties should be very similar for 
both melted tantalum and vacuum-sintered tantalum. 
The choice of technique for consolidation of the metal 
probably should be based on other considerations. 
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Phase Relationships in the Systems Fe-Pb-Ni, 
Fe-Ni-C(Sat) and Fe-Pb-Ni-C; 1300° to 1550°C 


Solubility studies were carried out to establish the phase dis- 
tributions for various Fe-Ni-Pb-C alloys at temperatures where 
the metallic components exist as liquid solutions. Temperature vs 
composition diagrams for the Ni-Pb, Fe-Pb, Fe-Ni-Pb, and Ni-Pb-C 


systems are derived by employing various approximations in con- 


K. O. Miller 


junction with the data. Results are summarized for 1550°C ina 


quaternary phase diagram of the Fe-Ni-Pb-C system. 


Because surprisingly little information has been 
published on the phase diagrams of the Ni-Pb, Fe- Pb, 
Fe- Pb-Ni, and Fe-Ni-Pb-C systems, a study of these 
systems was undertaken to ascertain the important 
phase relationships in the temperature range of 1300° 
to 1550°C. Measurements were also made on the 
carbon-saturated systems in the hope that they would 
assist in the interpretation of the systems without 
carbon. This paper reports the results obtained from 
the simple equilibration of the various liquid and 
solid phases. 


EXPERIMENTAL PROCEDURE 


The experimental technique involved holding ap- 
propriate quantities of the metals in an alumina 
crucible, or in a graphite crucible when saturation 
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of the melt with carbon was desired, for sufficient 
time at the desired temperature to ensure equi- 
librium. Then a sample of each liquid phase present 
was drawn into a small-bore silica tube. This sam- 
ple was withdrawn quickly from the furnace, cooled, 
and sent to the chemical laboratory for analysis. 

The cell assembly used is shown in Fig. 1. During 
the work on the Fe-Pb-Ni system, it was placed ina 
furnace wound with 20 pct Rh-80 pct Pt wire. This 
furnace eventually failed and subsequent studies were 
carried out between 1350° and 1475°C in a tube fur- 
nace heated by silicon-carbide resistance elements. 

A protective atmosphere of argon with approxi- 
mately 10 pct hydrogen was supplied to the cell as- 
sembly at a gage pressure of 1 in. of water. Hydro- 
gen was passed over palladized alumina and then 
anhydrous calcium chloride for purification. Argon 
was purified of oxygen and water vapor by passing 
it over copper gauze at 550°C and then through a 
calcium chloride drying column. The gases were 
mixed and redried before they entered the equi- 
libration cell. 

Temperature was measured by calibrated Pt/Pt- 
10 pct Rh thermocouples and a Rubicon Type B 
potentiometer. The thermocouples were standard- 
ized against the melting points of pure nickel 
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(1453°*) and palladium (1552°C*), The four used 


*The 1948 International Temperature Scale with the 1954 corrections 
was used in this work. 
agreed very closely with the published tables of 
electromotive force vs temperature. Melts were 
sampled only after the temperature in the crucible 
had varied no more than 1°C for the previous 20 
min. During 40 sec required to obtain two samples, 
the temperature of the melt dropped to some ex- 
tent. In a few cases the drop was 5°C, but usually 
was 2° to 3°C. Combining the uncertainties due to 
fluctuations in the control cycle, accuracy of the 
thermocouple, the temperature gradient in the fur- 


nace and the temperature drop during Sampling, the — 


maximum error in temperature associated with a 
given equilibration is estimated at + 7°C. The aver- 
age error is probably +3°C. Beyond this no quan- 
titative statistical significance can be attached to 
the uncertainty in the temperature. 

Because of the high vapor pressure of lead, es- 
pecially in the temperature range of 1500° to 1550°C, 
care was taken to avoid its loss. This problem was 
especially acute because the upper layer, which was 

-high in iron and nickel, usually had a low concentra- 
tion of lead at a high fugacity. Thus, even a low rate 
of volatilization could cause serious error. The loss 
of lead was minimized by keeping the melt crucible 
covered with an alumina disc, and permitting the 
protective gas to flow through the system very 
slowly. In addition, after the melt was at tempera- 
ture for an hour it was stirred gently for 5 min and 
then it was held quietly again for 1 hr to permit 
separation of the phases before samples were taken. 
It appeared that the loss of lead was very slight as a 
relatively small amount condensed on the cooler por- 
tions of the cell assembly. Although no quantitative 
analysis was made of the error resulting from this 
loss by evaporation, it appeared that the effect was 
not serious as a result of the precautions taken. A 
series of samples taken over a period of several 
hours showed that equilibrium was reached in less 
than 30 min. 

Samples of the liquid metals were obtained by 
means of 1/16-in. bore silica tubes. A long, open- 
ended tube was inserted in the guide sleeve of the 
furnace head. As the tube was lowered into the fur- 
nace a sliding washer sealed the annulus between the 
tube and the sleeve and forced gas from the cell to 
escape through the tube, thereby purging it. A small 
rubber bulb was pinched and attached to the upper 
end of the tube. Then the lower end of the tube was 
lowered into the upper or lower layer of metal, the 
bulb was released, and the tube with the sample was 


| Furnace Head (Brass, 
Water Cooled) 


2 Vacuum Seal Connection 
to Thermocouple Tube 
(Rubber Tubing) 


3 Thermocouple Protection 
Tube (Alumina) 


4 Guide Sleeve for Sampling 
Tube (Brass) 


5 Vacuum Tight Cap(Brass, 
with Glass Window) 


6 Gas Outlet Tube (Brass) 
7 Gas Inlet Tube (Brass) 


8 Extension of Inlet Tube 
(Alumina) 


9 Water Inlet to Furnace 
Head (Brass). Outlet on 
Opposite Side. 


10 Gasket (Rubber) 


|| Muffle Tube (Porcelain) 


12 Crucible Lid (Alumina) 


_13 Safety Crucible (Alumina) 


14 Container Crucible 
(Alumina or Graphite) 


IS Malten Bath 


ca 16 Crucible Platform (Alumina) 
17 Filler Material (Porcelain Chips) 


18 Ring Clamp and Bolts 
(Brass and Steel) 


Fig. 1—Solubility cell. 


solution of the electrode-graphite crucibles or, 
when a large amount was required, by the addition 
of chips of electrode graphite to the charge. Melts 
totaled approximately 450 g each and the total 
depth of liquid in the 1 1/2 in. ID crucible was ap- 
proximately 1 1/2 in. This assured sufficient ma- 
terial so that the total composition of the melt was 
not seriously altered as samples were removed. 
Only dense solid samples (in toto) were sent to 
the analyst. They ranged in weight from 1 to 8 g. 
Nickel was determined by precipitating it as 
dimethylglyoxime, and iron by precipitation as 
the sulfate. Carbon was determined by combustion. 
Only the minor constituents were determined in 
each phase, 7. é., iron and nickel in the lead-rich 
phase (Phase Ly;), iron and lead in the nickel-rich 
portion of the Fe-Ni phase (Phase Ly) and nickel 
and lead in the iron-rich portion of the Fe-Ni 
phase. The estimated uncertainties in the chemi- 
cal determinations are shown in Table II. 


Table Il. Estimated Uncertainties in Chemical Determinations 


withdrawn. Element Composition Range, Wt Pct Uncertainty, Wt Pct 
Melts were prepared from the pure metals, the Fe 2.0 to 50.0 (4)0.10 to 0.13 
analyses of which are reported in Table I. Carbon 0.1 to 0.6 0.02 to 0.08 
for the carbon-saturated melts was obtained by Ni 10.0 to 50.0 0.05 to 0.10 
1.0 to 10.0 0.02 to 0.05 
0.2to 1.0 0.01 to 0.02 
ble |. Lot Analyses of Pure Metals Pb 10.0 to 50.0 0.10 
chelsea ee 1.0 to 10.0 0.05 to 0.10 
Metal Impurities, Wt Pct 0.5 to 1.0 0.05 
Iron(electrolytic) 0.007 Co, 0.008 Ni, 0.018 C, 0.080 0, 0.005 Sn c 1.0 to 6.0 0.02 to 0 Oot 
Lead (c. p.) 0.00005 As, 0.0001 Ag, 0.005 Sb, 0.0006 Bi, 0.005 Sn 0.1 to 1.0 a0 to ae 
Nickel 0.005 Pb, 0.004 Co, 0.05 Fe 0.001 to 0.1 .001 to 0. 
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Table II]. Analyses of Equilibrated Phases, Wt Pct 


Part A—Fe-Ni-Pb Studies, Alumina Crucibles 


Table II] (Continued) 


Part B (Continued) 


Fe-Ni-Rich Phase (Ly) 


Pct Ni 


Series B= : 
Designation LENG: Pct Fe + Pct Ni Pct C 
5 1464 0.834 2.14 
1404 0.834 1,97 
1403 0.834 1.97 
1340 0.834 
1340 0.834 177 
6 1466 1.000 2532 
1465 1.000 2.31 
1402 1.000 2.25 
1403 1.000 
1334 1.000 2.22 
1333 1.000 2.66—=—- 


Part C —Fe-Ni-Pb-C Studies, Graphite Crucibles 


Fe-Ni-Rich Phase (Ly) Pb-Rich Phase (Ly) 
nation T7,°C Pct Fe Pct Ni Pct Pb Pct Fe Pct Ni 
A 1199 (Pure Solid Ni) - 6.71 
1199 (Pure Solid Ni) = 6.64 
1292 (Pure Solid Ni) - 10.98 
1292 (Pure Solid Ni) - 10.90 
1334 (Pure Solid Ni) - 15.97 
1334 (Pure Solid Ni) — 16.28 
B 1430 - 60.9* 38,12 - 22.34 
1430 - 60.0* 40.05 = 21.80 
1373 - 66.6* 33.45 = 21.26 
Cc 1552 2:72 435.5 0.40—— 22.56 
1552 2.43 57.3* 40.23 
1511 2.52 59.8* 37.70 0.56—— 25.12 
1510 2.52 59.9* 37.60 0.29 19.96 
D 1552 Da) 60.4* 36.95 0.38 22.03 
1552 2.61 57.6* 39.78 27.15 
1513 2.74 60.4* 36.84 0.21 20.64 
1512 2.74 61.5* 35.77 7457/3 
1524 12.44 16.31 0.23 9.64 
1524 12.31 1053* 17.36 0.23 9.58 
1510 12.46 12.5 15.08 0.28 9.46 
1511 12.22 70, 9* 16.87 0.31 9.49 
1510 12.26 71.0* 16.70 0.21 9.50 
6.24 0.23 3.66 
1554 35.76 58.2* 6.00 0.23 3.78 
1553 35.67 53.2* 6.09 0.22 3.45 
1514 36.24 58.4* SY 0.18 3.06 
G 1554 55.3* 42.16 Doe. 0.27 1.87 
1552 54.5* 42.48 3.06 0.26 1.87 
1510 55.1% 41.95 2.93 0.22 1.74 
1514 55.35 42.03 2.69 0.28 1.76 
H 1550 70.2* 28.08 1.67 0.23 1.00 
1552 70.1* 27.90 2.04 0.31 1.02 
1512 70.5* 27.90 1.64 0.26 0.97 
1510  70.6* 28.00 0.22 0.86 
I 1554 86.8*=— 10.90 0.87 
1554 88.1* 10.97 0.93 0.21 0.37 
1510 88.1* 11.02 0.88 0.06=— 0.31 
1510 88.3% 11.02 0.69 0.21 0.35 
J 1552 99:5% - 0.53 0.21 - 
1551 99.4* - 0.60 0.22 
Part B—Fe-Ni-C Studies, Graphite Crucibles 
Fe-Ni-Rich Phase (L,) 
Series B Pct Ni 
Designation 2 ~ Pet Fe + Pct Ni Pct C 
1 1465 0.00 4.96 
1465 0.00 5.21 
1404 0.00 5.05 
1404 0.00 4.95 
1304 0.00 4.75 
1304 0.00 4.85 
1305 0.00 4.73 
2 1460 0.210 4.20 
1460 0.210 4.15 
1405 0.210 4.00 
1405 0.210 4.12 
1304 0.210 3.92 
1304 0.210 3.83 
1305 0.210 3.75 
3 1465 0.413 3.84 
1465 0.413 3.40 
1404 0.413 3.28 
1404 0.413 3.20 
1306 0.413 2.87 
1306 0.413 2.89 
4 1464 0.616 2.57 
1464 0.616 2.59 
1405 0.616 2.38 
1404 0.616 2.41 
1304 0.616 2.09 
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Series 
Desig- Fe-Ni-Rich Phase (Ly) Pb-Rich Phase (Ly) 
nation 7,°C Pct Fe PctNi Pct Pb Pct C PetFe PectNi PectC 
1464 - 63.9 35.2%" 16.76 0.034 
1464 - 62:7°> 10:87 - 16.04 0.034 
1404 - 67.3 31.9* 0.85 - 14.00 0.022 
1403 67.0 40:82 13.60 0.023 
1302 - 71.9 27.2* 0.88 - 11.54 0.014 
8 1464 6:85.52 70:5" 12 05017, 
1463 6.90 71.6*~— 20.85 0.64. 0.09" ~-11.75._. 0:010 
1405; 6.65. 70.0* . 22.68 0.64 -..0.08- 10:27° 0:012 
1354 7.00 74.8* 17.61 0.64 0.05 8.86 0.015 
1352 6.98 74.5* 17.87 0.67 0.55—— 14.74= 0.010 
14052 71.9% 15.03. 9.02 0.013 
1466." 13:03 -1456= 045 019 8.23 0.002 
142752712594) 73.8% 7.66 0.010 
10 1.28.74. 65.1%. 15:99 6.47 0.038—— 
1462 28.62 65.1* 6.115 5.26 0.005 
1417 28.49 65.8* 5.59 0.14 2.40~ 9.56~ 0.008 
1406) 28.65 65:5* 01135-0516 5.75 0.006 
1405 29.92—-64.4*= 5.51 0.14 0.09 5.12) =0:003 
11 1463 37.09 58.8* 4.04 0.11 0.13 3.41 0.002 
1464 37.69 58.0* 4.16 0.13 0.16 3.45 0.005 
1408 37.67 58.2* 10513 3.59 0.003 
1409 37.62 58.0* 4.23 0.12 0.88— 4.87~ 0.003 
12 1464 53.5* 43.04 0.13 1.70 0.010 
1464 53.2* 43.11 238 “0.16 1.87 0.002 
1405 53.4* 43.40 0:07 1.39 0.003 
1406 53.6* 43.16 10.15) ‘2.05 0.007 
1340 53.2* 43.35 0588 0: 1.64 0.005 
1340 53.6* 43.12 1.33 0.005 
1316 53.4* 43.46 2.39 0:07 0.002 
1316 53.4* 43.45 0577 10:08 1.49 0.003 
13\ -- 1467 14.57 012 0.54 0.002 
1466 80.9* 14.60 0:18) 54123 0.54 0.007 
1405 ~80.9* 14.60 0.25 4.28 0.17 0.51 0.003 
1406 80.7* 14.67 0.33 4.28 0.49 0.007 
1304 80.9* 14.80 0.24 4.02 0.08 0.46 0.003 
14 1466 94.9* <0:01 0.006 
1466 95.2* - <0.01 4.82 0.12 ~ 0.003 
1407 95.0* <0.01 4.95 0.12 0.008 
1406 95.1* - <0.01 4.87  5,97—- — 0.002 
1302 95.3* - <0.01 4.68 0.06 - 0.004 
1302 95.3* - <0.01 4.70 0.17 - 0.003 


*Determined by difference, e.g., Pct Ni = 100 — Pct Fe — Pct Pb — 
— Believed to be seriously in error because of inconsistency with 
others of the series, and eliminated from further consideration. 
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Problems in sampling, such as emulsification 
of one layer in the other and the uncertainties in 
chemical determinations, are considered to be the 
primary sources of error in the results reported. 


EXPERIMENTAL RESULTS 


The results of successful runs are reported in 
Table III. The iron analyses of phase Ly (lead-rich) 
were very discordant except in the case of the sim- 
ple Fe-Pb binary, and the Fe- Ni-Pb-C systems. 

AS a result it was necessary to use data from these 
two systems to estimate the iron content for the Lyy 
phase in the other systems. The method for doing 
this is covered in the section ‘‘Analysis of Results.”’ 
Discordant results which were excluded in correlat- 
ing the data are indicated in Table III. 

The data were correlated by plotting the chemical- 
ly-determined analyses of a component in a phase vs 
temperature on linear 8 1/2 by 11-in. graph paper. 
In most instances these compositions were linear 
with temperature within the limits of error. Conse- 
quently the best straight line was drawn through the 
data. Some of the plots of the nickel content of phase 
Li (Series 7, 8, 9, 10, and 11) and the lead content 
of phase L; (Series 8, 9, and 10) and the nickel con- 
tent of one alloy of phase L; (Series 7) in the Fe-Ni- 
Pb-C study were not linear with temperature. A 
variety of other plotting methods were tried but none 
proved to be more suitable. Hence it was decided to 
use the simple plot of composition vs temperature for 


these cases also. All the points for a given component 


in a phase were plotted on a single sheet of paper and 
the curves for the group were drawn to be a family in 
which the curvature increased with the alloys having 
the higher concentrations of the component. 

The carbon and iron contents of phase Ly; for the 
Fe- Ni-Pb-C series were relatively low (C < 0.03 
pet and Fe < 0.3 pct) and the variability of the re- 
sults was sufficiently large so that their variation 
with temperature in a given alloy could not be es- 
tablished. 

The compositions of the liquid phases Z; and Ly 
which are used in the figures in this paper were 
interpolated from the curves drawn as described 
above. It was necessary to extrapolate the curves 
for the carbon-saturated alloys to 1550°C to obtain 
points for comparison with the results for the Fe- 
Ni- Pb alloys. 

Table IV shows the results of thermal analyses on 
two alloys which had average compositions falling 
on the tie-lines (phases L; and Ly;) of Series E and 
H, respectively. 


ANALYSES OF RESULTS 


For consistency in interpretation, the results of 
the experiments are presented for the related binary 


Table 1V. Thermal Analyses of Fe-Ni-Pb Alloys 


Temperature of Trans- 
formation Ly = Ly + 5, °C 


Series Total Alloy 
Desig- Composition, Wt Pct Beginning of Disappear- 
nation PctFe  PctNi  PctPb Formation of 6 ance of Ly 
E 4 28.5 67.5 1390 1386 
H 25:5 10.6 63.9 1453 1446 
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Fig. 2—The Ni-Pb phase diagram. Points by Portevin! and 
Voss? have been taken from Hansen and Anderko’s? summary. 
The effect of carbon saturation on the liquid miscibility gap 
is indicated. 


and ternary systems first and then for the Fe- Pb-Ni 
and Fe-Pb-Ni-C systems. 

Ni-Pb System—In reviewing the data by Portevin* 
and Voss,? Hansen and Anderko® concluded that the 
monotectic temperature in the Ni- Pb system is 
1340°C. The experimental points of these two inves- 
tigators, with the temperatures rectified by Hansen 
and Anderko, are shown in the phase diagram, Fig. 2. 
The liquidus curve for Ly; between 700 and 1100°C is 
taken from Fleischer and Elliott,* and Alden, Steven- 
son and Wulff,° and is preferred over that given by 
Pelzel.® The points at 1199°, 1292°, and 1336°C from 
the current study for the equilibrium of liquid lead 
with solid nickel are consistent with previous re- 
sults.* Extrapolation of this curve to 1340°C gives 
the composition of the lead-rich phase at the mono- 
tectic temperature as 18 pct Ni (41 at. pct). This is 
more consistent with the results reported by Voss? 
than with Hansen and Anderko’s® extrapolation. 

As shown in Fig. 2, the locations of the lie-lines 
for the region of two liquids, L; and Lj; ,were es- 
tablished at 1373° and 1430°C by the equilibration 
of liquid lead with liquid nickel. From experimental 
observations, it is concluded that the critical tem- 
perature of the miscibility gap lies just above 1550°C. 
The locations of the gap at 1500° and 1550°C are es- 
timated from the isothermal sections of the Fe-Pb-Ni 
system at those temperatures. This will be covered 
in the section on that system. 

Ni- Pb-C (Sat. ) System— Points from experimental 
Series 7, Table III, in Fig. 2 show that the misci- 
bility gap in the Ni- Pb system is widened and height- 
ened when the alloys are saturated with carbon. Ap- 
pearance of a solid phase high in nickel at approxi- 
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- Ni-C eutectic, 1318°C 

Ni-Pb monotectic, 1340°C 
Composition of Ly; in equilibrium 
with Ly (Point 7) and C at 1500°C 
Composition of Ly at the ternary 
invariant temperature where 

ly = y +C+ Ly, circa 1300°C 
Composition of Lyy in equilibrium 
with [y (Point 0) and C at 1500°C. 
Composition of Ly in Ni-Pb binary 
at monotectic temperature, 1340°C. 
Composition of Ly at ternary in- 
variant temperature where Ly = 
y + C + Ly, circa 1300°C. 


Atom Percent Carbon 
a 


Atom Percent Lead —» 


(a) (b) 


Fig. 3—Estimated liquidus surface of the Ni-Pb-C system: Fig. 3(a)-nickel- 


Atom Percent Lead 


u - Eutectic in the Ni-Pb binary, 324°C. 
Estimated composition of Ly at the 
invariant temperature where Liy = y 
+C + a(Pb), circa 324°C. 

Eutectic in the Pb-C binary, 327°C 


rich corner, Fig. 3(b)-lead-rich corner. A portion of the 1500°C isotherm 


shows the phase relationships at that temperature. 


mately 1300°C prevented getting samples of phase 
Ly; below that temperature. This indicates that the 
ternary invariant temperature for the reaction Ly; 
= y +C + Ly is about 1300°C, and that the com- 
position of L; at the ternary invariant tempera- 
ture is approximately 27 pct Pb, 72 pct Ni, and 
0.87 pct C. The liquid formed, Ln , is approxi- 
mately 87.3 pct Pb, 12.1 pct Ni and 0.013 pct C. 
Below 1300°C, the composition of the lead-rich 
phase (Ln ) in equilibrium with graphite and lead- 
saturated solid nickel apparently follows the 
liquidus line in binary Ni-Pb system very closely. 

The general character of the Ni- Pb-C system as 
estimated from this study is shown in Fig. 3. The 
Ni-rich corner is on the left and the Pb-rich corner 
on the right. The estimated locations of the 1550°C 
liquidus lines for the two phase regions L; + C, 

Ly + Ly and Ly; + C are shown as dashed lines. 
Points o and q represent the equilibrium compo- 
sitons of L; and Ly which are also simultaneously 
saturated with graphite in this isotherm. The 
significance of the other points are indicated in 
the caption to the figure. 

Fe-Pb System and Fe-Pb-C(Sat.) System— Points 
showing the miscibility gap in the Fe-Pb system 
(Series J) at 1550°C are shown in Fig. 4. The liquidus 
line for the lead-rich phase from 700° to 1100°C is 
taken from Fleischer and Elliott.* The monotectic 
temperature (1535°C) is estimated to be no more 
than 1°C lower than the melting point of pure iron 
(1536°C). This is obtained by the freezing point 
lowering computed from the monotectic composition, 
and the assumptions that the activity of iron at the 
monotectic is virtually ideal and that the lead con- 
tent of solid iron at lead-saturation and 1535°C is 
very small. The position of the liquidus line between 
1100° and 1535°C is estimated from results on the 
Fe-Pb-C(Sat.) system. It is reasonable to assume 
that the equilibrium temperatures for the y = 6 and 
a =y transformations for iron are not appreciably 
influenced by the presence of liquid lead because of 
the very low solubility of lead in solid iron. 

The miscibility gap between L; and Ly in the 
Fe-Pb-C (Sat. ) system shown by Experimental Series 
14 is shown in Fig. 4. The carbon content of the iron- 
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rich phase simultaneously saturated with lead and 
carbon agrees very well with the results of Chipman 
and coauthors’ for the carbon content of iron when 
saturated with graphite. Thus the presence of lead 
does not significantly alter the carbon content of 
carbon-saturated iron. However, carbon lowers 
somewhat the iron content of the iron-saturated lead. 
It is probable that the Fe-Pb-C system exhibits a 
ternary monotectic temperature at 1153°C (or 
slightly lower) for the reaction L} = y + C + Ly*. 


*In addition, it seems likely that there is also an invariant plane in 
this system just below 1492°C for the reaction L} + 6 =y+ Ly. 


The composition of L; at the ternary monotectic 
temperature is virtually coincident with the eutectic 
in the Fe-C binary system. 

The location of the liquidus line in the Fe- Pb 
system above 1300°C can be estimated from the 
line of two-fold saturation of Ly with graphite 


1800 
/ (1749°9) 
/ \ (747°) 
/ (2) 
1600}-— Ly Ly+ly \ L 
(1535° ?) 
® (C Sat.) 
S+Ly 
—— —————— ————-_ = 
(1400° ?) 
Fe-Pb 
= © Equilibration Data a 
Vv Calculated from C(Sat.) 
Ly Data 
Fe-Pb-C (Sat) 
| @ Equilibration Data 
from 4 
at+lLy and Elliott* T 
inate for Fe-Pb System 
600 | | | | 
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Weight Percent Lead —» —<— Weight Percent Iron 


Fig. 4—The Fe-Pb phase diagram. The effect of carbon on 
the liquid miscibility gap is indicated. 
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Table V. Calculated Solubility of Fe” and Fe° in Lead* 


Temp., °C @Fe(Solid) sat.) Pct Pet Fepe-pp) 
1302 0.86 0.67 0.06 0.08 
1406 0.91 0.65 0.12 0.17 
1466 0.96 0.64 0.12 0.18 
1465** 0.96 0.64 0.14 0.21 


*Pure liquid iron is reference state at all temperatures. 
**Taken from Fig. 9. 


and ZL; in the Fe-Pb-C(Sat.) system. With the 
carbon content of Ly so low, the iron content of 

the phase at a given temperature is governed 
primarily by the activity of iron in the equilibrium _ 
phase Ly. The activities of iron in carbon-saturated 
iron as shown in Table V are computed from the 
data of Rist and Chipman,* and Darken and Gurry.° 
The solubility of pure y or 6 iron in liquid lead at 

a given temperature can be estimated as follows: 


ap, (pure solid) 


in Pb = Sat.) 


X %Fe in Pb (C Sat. ) 


It is assumed the iron follows Henry’s Law in Ly. 
The position of the liquidus line in Fig. 4 for the - 
Fe-Pb system between 1300° and 1460°C is ob- 
tained by this calculation. 

Fe- Ni-C(Sat.) System— The carbon content of 
graphite-saturated iron-nickel alloys at 1300° and 
1550°C are shown in Fig. 5. As noted previously, 
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Fig. 6—Composition of phase Ly] in equilibrium with phase 
Ly in the Fe-Ni-Pb system. The high-iron corner is shown 
in insert. 
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Fig. 5—Carbon content of iron-nickel alloys in equilibrium 
with graphite. 


data for the Fe-C binary are in good agreement with 
Chipman and coworkers.’ The results for the Ni-C 
binary are in agreement with the analysis by Hansen 
and Anderko® of all material on the diagram pub- 
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Fig. 7—Relationship between iron content of phase Ly and 
nickel content of phase Ly along tie-lines in the Fe-Ni-Pb 
system. The high-iron corner is shown in insert. 
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Fig. 8—The liquid miscibility gap in the Fe-Ni-Pb system 
at 1550°C. The dashed line shows the approximate course 
of the ternary monotectic line (Z] = Ly; + Y)- 


lished prior to 1956. The line for the carbon content 
of graphite-saturated nickel given by Turkdogan and 
coworkers’ is: 


log Nc =- + 0.092 

This line has a greater slope than does the line 
through the data presented here, but the two lines 
intersect at 1385°C. The temperature-composition 
charts of Shichtel and Piwowarsky”™ have been con- 
verted to isothermal form and are also shown. It is 
of interest to note that the carbon content of liquid 
iron-nickel alloys at graphite-saturation has a mini- 
mum ata ratio 


Wt. 


Wi Ma Wi = 9-9 to 


Fe-Ni-Pb System —The lead content of phase L, 
and the nickel content of phase Ly in the Fe-Ni-Pb 
system are shown in Figs. 6 and 7, respectively. 

The upper left-hand portion of the curve for 1550° 

in Fig. 6 ends at the point for the solubility of lead 

in liquid iron (see Fig. 4). The curve for 1500° above 
95 pct Fe is drawn assuming that liquid iron is 
stable. In actual fact, for the normally stable sys- 
tem, there would be a discontinuity in this line at a 
point where the line of two-fold saturation of phase 
L; with 6 iron and phase Ly crosses the 1500° 
isotherm. The termini of the curves on the nickel- 
lead side could not be determined experimentally. 
Consequently, the curves were extended to zero iron 
content by extrapolating the locus of the mid-points of 
the tie-lines for the ternary isothermal section to the 
Ni-Pb binary and then adjusting the boundaries of 
phases Ly and Ly, Fig. 8, at the binary to be equi- 
distant from the extrapolated midpoint. The mid- 
point on the Ni-Pb binary is 29.0 at. pct (59 wt pct) 
and 28.0 at. pct (58 wt pct) lead at 1500° and 1550°C, 
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fe) Experimental Data for 
Carbon Free System 
ot 


e Experimental Data for . 
Carbon Sat, System 
at 1465+ 5°C 


Atom Percent 


O O22 
Atom Percent Iron 


Fig. 9—Projection of the limits of phase Ly, in the Fe-Ni- 
Pb-C system on the basal Fe-Ni-Pb plane. The phase at 
1550°C is contained in the volume bounded by surfaces 
ace, acig, cei, and eig, and at 1465°C by bdf, bdjhk, dft 
and fjh. Lines ag and bkh mark the limits of phase Lyy 

at 1550°C and 1465°C, respectively in the Fe-Ni-Pb sys- 
tem. 


respectively. The actual positions of the limits of 
phase Ly at the Ni-Pb binary were best obtained by 
plotting compositions in at. pct as was done in Fig. 7. 
The limits of phase Ly at the Ni-Pb side of the 
ternary are 62 at. pct (32 wt pct) and 70 at. pct 

(40 wt pet) Ni at 1500° and 1550°C, respectively. 

For convenience the 1550°C isotherm for the 

ternary is shown in Fig. 8. 

As previously stated, the iron analyses of phase 
Ly were discordant. The inadequacy of the data 
are shown in Fig. 9 which is a rectangular plot of 
the lead corner of the ternary system. For want 
of information on the iron content, particulary in 
the regions of high nickel, the boundary for the 
phase at 1550°C (line ag) is shown as a Straight line 
which is drawn to fit the data as well as possible 
while passing through the point where the phase is 
estimated to terminate on the lead-nickel side of the 
ternary diagram. 

A perspective diagram of the salient features of 
the ternary system, as estimated in this investiga- 
tion, is shown in Fig. 10. The 6 region in the iron 
corner is too small to be shown in the scale used, 
so it is included as an insert.* In the figure, points 


*The monotectic line (two-fold saturation of Ly with Ly; and 5) comes 
out and down from the Fe-Pb binary and proceeds almost parallel to the 
Fe-Ni side. It probably stays within one weight percent lead of the boun- 
dary and strikes the ternary invariant plane just off the preitectic liqui- 
dus in the Fe-Ni binary. The temperature of the invariant plane Ly+ b= 
Lyy + y is probably only a few degrees below 1513°, the peritectic tem- 
perature in the Fe-Ni system. Lead is very slightly soluble in 6 and y, 
so these phases project only slightly into the ternary field (see Fig. 9). 


A and B are the melting points of iron and nickel, 
respectively. The monotectic line is JD’D and the 
line C’C marks the extension of the y region into 
the ternary field where it is in equilibrium simul- 
taneously with phases L; and Ly. Point E’ marks 
the composition of Ly at the ternary invariant re- 
action: 


Ly + 6 =Ly + 
The compositions of the three phases y, Ly, and 
Ly, which are in equilibrium below the ternary 


invariant plane and above the monotectic in the 
Ni-Pb binary, are indicated by the lines as follows: 
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Fig. 10—Perspective diagram of the phases 
in the Fe-Ni-Pb system. The region where 
the 6 phase is stable is shown in the insert. 


ro) 


TEMPERATURE, °C 


TEMPERATURE, °C 


5 REGION 
Fe- Ni- Pb-C System—Saturating Fe-Ni-Pb alloys 


y—C’C 
L,;—D’D 
Lu —E’E 


Except for its ends in the binary sides, the position 
of line E’E was not determined in this work. Some 
information on the locations of the lines C’C and 
D’D was obtained from cooling curves between 1470° 
and 1300°C for two alloys, Table IV. Breaks were 
observed in the cooling curves with the beginning of 
precipitation of y and the disappearance of Ly. 

The observations indicate that lines D’D and C’C 
run close to the Fe-Ni side of the diagram (to within 
3 pet Pb) and follow respectively the liquidus and 
solidus lines in the Fe-Ni binary down to about their 
minimum at 1435°C. Below this temperature, the 
solubility of lead in the phases y and L; increases 
rapidly as their nickel contents increase, and the 
monotectic temperature drops rapidly to 1340°C 
at the Ni-Pb binary. 


8 4.0 fF 


3 
40 
0.20 0.40 
B g 
$ © Phase L; in Fe-Ni-Pb System at I550°C a 
Phase Ly in Fe-Ni-Pb-C(sat.) System 
Data Extrapolated to 1550°C = 
| 
0 0.20 0.40 B 0.60 0.80 1.00 


Fig. 11—Lead content of phase Ly in equilibrium with 
phase Ly at 1550°C. Curve for low lead region is in 
insert. Composition coordinate 


a! Wt Pet Ni 
B = We pet Ni +Wt Pet Fe 
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with carbon reduces slightly the lead content of phase 
L; as is shown in Fig. 11. The composition ratio on 
the abscissa is selected to permit plotting ternary 
data on rectangular coordinates. Fig. 12 shows the 
converse effect of lead on the solubility of carbon in 
phase L; in the Fe-Ni-C(Sat.) system. Lead causes 
a marked reduction in the carbon content at high- 
nickel concentrations. 

The spacial relationships of phases L; and Ly 
at 1550°C are sketched in Fig. 13. The base is 
the Fe-Ni-Pb triangle and the carbon apex, which 
is not shown, is above it and towards the reader. 
Lines MR and ci* are the loci of the compositions of 


*Designation of points for phase Ly; are given in Fig. 9. 


the phases simultaneously in equilibrium with each 
other and with graphite. The tie-triangle for one 
combination is shown. Phase L, has considerable 
thickness because of the relatively high solubility of 


T T ] T T 
6.00 |- © Fe-Ni Alloys Saturated with Graphite 
(Fe-Ni-C System) 
c 
3 @ Fe-Ni Alloys Saturated with Lead 
5 and Graphite (Fe-Ni-Pb-—C System). 
Data Extrapolated to I550°C. 
o 
2.00 
= 
| ! | je 
0.20 0.40 0.60 0.80 (40,8) 


Fig. 12—Influence of lead (saturation with phase Lyy) on 
carbon content of phase Ly at 1550°C, Composition co- 
ordinate 


Wt Pct Ni 
B= We Pet Ni + Wt Pet Fe 
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Fig. 13—Sketch of phases [y; and Ly in Fe-Ni-Pb-C 
tetrahedron at 1550°C. Not to scale. Fig. 13(c)-Phase 
Ly, Fig. 13(6)-Phase 


carbon in liquid iron-nickel alloys. However, phase 
Ly is very thin because of its low solubility for 
carbon. Surface GLRM gives the compositions of 
phase L; which are saturated with graphite, and 
surface MRXS shows the compositions of this phase 
in equilibrium with the surface agic of phase Ln. 
Surface cze gives the compositions of phase Ly 
which are in equilibrium with graphite. 

A) Composition of phase Li —Using Fig. 13(@) as 
a guide, it is possible to develop quantitative data on 
the composition limits of phase Ly . Fig. 9 shows the 
lead corner of the composition tetrahedron at 1550° 
and at 1465°C. With the basal plane in rectangular 
coordinates, it shows the stability range for phase 
Ly projected downward onto the Fe-Ni-Pb basal 


Table Vi. Summary of Points for Phase L,, in Figure 9 
Fe-Ni-Pb-C System 


Point Composition, Wt Pct Composition, At. Pct How. Obtained 
a 40 Ni, 60 Pb 70 Ni, 30 Pb Figs. 7 and 8 
b 27 Ni, 73 Pb 57 Ni, 43 Pb Fig. 2 
c 23.5 Ni, 76.5Pb,0.047C  52Ni,48 Pb, 0.48C Series 7, (ex- 
trapolation) 

d 16.4Ni, 83.6Pb,0.034C 41Ni,59Pb,0.42C Series 7 

e 100 Pb, 0.00 C 100 Pb, 0.00 C Ref. 12 

f 100 Pb, 0.00 C 100 Pb, 0.00 C Ref. 12 

g 0.26 Fe, 99.7 Pb 0.91 Fe, 99.1 Pb Line ag 

h 0.15 Fe, 99.8 Pb 0.56 Fe, 99.4 Pb Estimation of 
Line bkh 

i 0.20Fe, 99.8Pb,0.005C 0.73 Fe, 99.2 Pb, Estimation of 

0.09C Line ci 
j 0.15 Fe,99.8Pb,0.005C 0.55Fe,99.4Pb,0.09C Line dj 
k 0.15 Fe, 1.5 Ni, 98.3 Pb 0.54Fe,5Ni,94.5Pb Estimated 


908—-VOLUME 218, OCTOBER 1960 


80.0 


2) 
Oo 
fo) 


40.0 


Atom Percent Iron, Phase L; 


20.0 


O 20.0 


40.0 
Atom Percent Nickel, Phase Ly 


Fig. 14—Relationship between iron content of phases Ly] 
and nickel content of phase Ly along tie-triangles at 
1550°C in the Fe-Ni-Pb-C (Sat.) system. 


plane. The solubility data at 1465°C for alloys of 
phase Ly coexisting with phase L; and graphite are 
plotted as filled circles. The other experimental data 
were treated previously. All points that are lettered, 
except for the one designated d, have extremely low 
carbon contents (7. @., 0.005 wt pct), and they can be 
considered to lie practically in the Fe- Ni-Pb basal 
plane. Point d, obtained for the Ni-Pb-C (Fe free) 
system (Series 7), represents a much higher carbon 
content: 0.034 wt pct or 0.42 at. pct. Consequently, 
its projection on the basal plane falls at some dis- 
tance from the Ni-Pb edge; namely, at a value of iron 
given by the geometry of similar triangles to be 

%Fe = %C/3 = 0.14 at. pet. By extrapolating the 
nickel and carbon results of Series 7 to 1550°C, 

point c was obtained also. Line dj, drawn to fit 

the experimental data, is then the projected view 

of the line of two-fold saturation with phase Ly, 

and graphite at 1465°C and ci is its estimated coun- 
terpart at 1550°C. 

The determination of line ag has already been 
discussed in the Section on the Fe-Ni-Pb system. 
Point b, the solubility of nickel in lead at 1465°C, 
is taken from Fig. 2. Line bkh is estimated as the 
boundary of phase Ly in the Fe-Ni-Pb system at 
this temperature. The discontinuity at k is due to 
the precipitation of y as the Fe-Pb side is ap- 
proached. (It corresponds to a point on line E’E of 
Fig. 10.) The points e and f, representing the solu- 
bilities of carbon in lead at the two temperatures,” 
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are So close to the basal plane as to be essentially 
coincident with the Pb point itself. The curves ac, 
ce, bd, and de are drawn to complete the diagram. 
Due to the compressed ordinate scale, curves eig 

and fjh lie so close to the Pb- Fe edge that they do 

not appear on the figure. A Summary of the points 
in Fig. 9 is given in Table VI. 

Fig. 14, which is self explanatory, has the same 
form as the corresponding figure for the ternary 
system Fe-Ni-Pb, Fig. 7. It is included to illus- 
trate the consistency of the relationship between 
coexisting phases along the tie-triangles. 


B) Composition of phase L}—In Fig.13(b),line GL 
indicates the composition of Fe-Ni alloys saturated 
with graphite, Fig. 5. Line SX is in the basal plane 
and gives the composition of Fe-Ni alloys saturated 


with lead, Fig. 8. Line MR gives the compositions 


which cut the composition tetrahedron. Such a plane 
passes through the Pb-C edge (7. e., the Pb-C edge 
lies wholly in the plane) and cuts the Fe- Ni edge at 

a point given by 8. The intersection of the plane with 
the tetrahedron forms an isosceles triangle with ; 
the two legs in the Fe-Ni-Pb and Fe-Ni-C faces 
being of equal length. The triangles for which B = 
1.00 and 0.00 are equilateral. The sequence of six 
planes with 6 equal to 1.00, 0.80, 0.60, 0.40, 0.20, 
and 0.00 is shown in Fig. 15. The planes have been 
pivoted about the Pb-C edge until they are in the 
plane of the paper. Since the triangles 6 = 1.00, 0.80 
and 0.60 are congruent with those for which f = 0.00, 
0.20 and 0.40, respectively, the two groups must be 
shown on different panels. (The three triangles of 
each set are not congruent among themselves.) 
Points A, B, C, D, E, and F in Fig. 15 are given by 


jointly saturated with phase Ly and graphite and is the limits of the composition tetrahedron. All other 
taken from Figs. 11 and 12. It is a skew curve, lying _ points are obtained from Figs. 2, 4, 5, 8, 11, and 12. 
to the left of Sx and below GL,as viewed bythereader. For each plane the positions of the curves within the 


The changing cross-section of the phase space of 


phase space joining the various points are estimated, 


L; at 1550°C can be shown quantitatively by consider- as their locations were not determined experimen- 


ing intersections of it with planes of constant 


tally in this work. 


B=0.80 B=1.00 
_T 


DESCRIPTION OF POINTS (WT. %): 


WT. % Pb 


A 1000 Ni 


Fig. 15—Cross-sections of the phase 


space for phase Ly of the Fe-Ni-Pb-C CG 60.0 Ni; 40.0 Fe a; 2.90C, 38.8 Fe O 0.47C; 3.7 Pb U 5'5aP bi Sineike 


system at 1550°C for various planes. 
Each plane of constant 


Wt Pct Ni 


B 80.0. Ni,;20.0Fe H 2.47C;, 19.6 Fe N O10 C,13.6 Pb T 15.0 Pb; 170 Fe 


G 250C;975 Ni M0.85C;42.5 Pb S55 Pb; 45Ni 
56.6 Ni 


78.4 Ni 7.3 Fe: 69.0 Ni 68.0 Ni 


58.3 Ni 38.3 Fe 57.5 Ni 56.7 Ni 


B= We Pet Fe + Wt Pct Ni 


cuts the composition tetrahedron through 
the Fe-C edge and the Fe-Ni edge at f. 
Points for B=1.00 and 0.00 are identi- 
cal to those shown in Fig. 13(b). 


X 


Fe 


DESCRIPTION OF POINTS (WT. %): 


WT. % Pb—> 


F 100.0 Fe 


D 40.0 Ni,60.0 Fe J 3.67C, 57.8 Fe Rb Pb. 


38.5 Ni 57.7 Fe; 38.4 Ni 39.0 Ni 
E 20.0 Ni, 80.0 Fe K4.51C, 76.4 Fe Q 4.14C,0.4Pb W 1.2 Pb, 79.0 Fe 
19.1 Ni 76.4 Fe, 19.1 Ni 19.8 Ni 
L 5.38C,94.6Fe R 5.21C,<0.0! Pb X 0.6 Pb; 99.4 Fe 
94.8 Fe 
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DISCUSSION OF RESULTS 


The results of this work indicate the influence of 
temperature and composition on the liquid miscibil- 
ity gap in the Fe-Pb and Ni-Pb systems. Using the 
very wide gap in the Fe-Pb binary as a basis for 
comparison, it is found that additions of nickel tend 
to close the gap. On the other hand, additions of car- 
bon tend to widen it. As is usually the case, at all 
compositions the gap tends to close with increasing 
temperature. A consideration of these effects on a 
theorectical basis will be contained in a later paper. 
In it will also be some data on the activities of lead 
in the binary and ternary systems. 


CONC LUSIONS 


The extent of the liquid miscibility gaps in the 
Fe-Pb, Ni-Pb, Fe-Ni-Pb, Fe-Ni-C, and Fe-Ni-Pb-C 
systems have been studied in the range of 1350° to 
1550°C. In general the gap tends to close with in- 
creased temperature and additions of nickel. It is 
opened with additions of carbon. 
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The Tantalum-Rhenium System 


A constitutional diagram has been proposed for the tantalum- 
rhenium alloy system. Rhenium dissolved in tantalum up to 48 
wt pct, and the maximum solubility of tantalum in rhenium is 5 
wt pet. Intermediate x and o phases were found. X-ray dif- 
fraction, metallography and melting points were employed. 


SEVERAL investigators have described the phases 
present inthe tantalum-rhenium alloy system, but no 
detailed account of the phase diagram prior to the 
present investigation appears to be available. Green- 
field and Beck’ reported the solubility of 48 to 54 at. 
pct Re in tantalum, a ophase at 41 at. pct Ta, and x 
phase isomorphous with a Mn from 37 at. pct Ta to 
less than 25 at. pct. They employed as-arc melted 
specimens and heat treatments at 1200°C lasting 72 
hr.” Duwez® reported the existence of a 0 phase at 
the composition ResTaz. Niemiec and Trzebiatowski* 
observed a lattice parameter a = 9.69A, for the x 
phase at a composition Ta7Rezz, but no o phase. 
Savitiski and Tylkina® have shown a hardness maxi- 
mum at the composition 40 at. pct Ta and a some- 
what lower plateau from 35 to 10 at. pct. Knapton® 
indicated results similar to those of Greenfield and 
Beck.’ 

The present investigation describes the phase 
relationships in the tantalum-rhenium alloy system 
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Research Assistant, and Professor, respectively, Department of Metal- 


lurgy, Massachusetts Institute of Technology, Cambridge, Mass. 
Manuscript submitted November 12, 1959. IMD 


J. H. Brophy 
P. Schwarzkopf 
J. Wulff 


determined by melting point measurements, X-ray 
diffraction and fluorescence, and metallography. 


EXPERIMENTAL PROCEDURE 


Commercial 99.7 pct Ta powder from Fansteel 
Metallurgical Corp. and 99.9 pct Re powder from 
Chase Brass and Copper Co. were used for alloy 
preparation. The powders were weighed to desired 
nominal compositions and then pressed without bind- 
er into compacts weighing 5 or 10 g. The compacts 
were arc-melted six times on alternate sides on a 
water-cooled copper hearth using a nonconsumable 
tungsten electrode in an atmosphere of titanium 
gettered helium, at a pressure of 500 mm Hg. In 
most cases this procedure yielded alloy buttons of 
satisfactory homogeneity. 

A series of alloy specimens were analyzed wet 
chemically for use as standards for X-ray fluo- 
rescence. All specimens were analyzed by fluo- 
rescence and the results showed that the compositions 
differed by less than 3 pct Re from the original as- 
weighed nominal composition.* On the basis of self- 


*All compositions are in weight percent unless otherwise noted. 
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at 2500°C and 1/2 hr at 2600°C. As a result of the tt ! ! U1 35909 
40 » 45 50 55 60 65 


irregular specimen shape, no bonding was observed 
between the specimen and the resistance element 
during heat treatment. Therefore, no diffusion of tan- 
talum was observed. However, loss of one or the 
other element by evaporation at the surface was ob- 
served after high-temperature heat treatment. The 
specimens were heated in vacuum at pressures rang- 
ing from 10°~* to 107° mm of mercury as measured 
by an untrapped NRC ionization gage attached to the 
furnace wall. Temperatures above 1200°C were 
measured witha Leeds and Northrup optical pyrometer 
which had been standardized against one calibrated 
by the National Bureau of Standards. In the range 
950° to 2600°C_the two instruments measured within 
+5°C on a 1/16-in. hole in the top of a tantalum tube 

3 in. long by 1/4in. indiam. Correction for sightglass 
reflection and absorption was made by extrapolating 
to zero number of glasses in the optical path. This 
indicated a correction of +20° to +30°C applied line- 
arly to all observed temperatures from 2000° to 
3000°C. All subsequent treatments were performed 
in a folded ribbon such that the specimen was in the 
bottom of a hole with a 6 to 1 depth to opening ratio. 
In this geometry no emissivity correction was applied. 
After heat treatments the specimens were quenched 
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WEIGHT PERCENT RHENIUM 
Fig. 1(b)—Detailed tantalum-rhenium phase diagram. 


to below 1000°C in less than 15 seconds by turning 
off the electric power. It was assumed that this was 
sufficient to retain high-temperature phases on the 
basis that the o phase was readily produced and 
decomposed after heat treatments requiring several 
hours for completion. 

Melting point determinations for some tantalum- 
rhenium alloys have been reported previously.” In 
completing the diagram, several additional determi- 
nations were made. In general, melting was observed 
by metallographic examination of incipient melted 
specimens. The solidus was then taken between the 
temperature at which melting was not observed and 
that at which it was first detected in a series of speci- 
mens. No attempt was made to measure the liquidus, 
and the techniques used were not suitable for melting 
pure rhenium or rhenium solid solutions. 

Heat-treated and as-cast alloy specimens were 
examined both metallographically and by means of 
X-ray diffraction. Diffraction specimens were very 


VOLUME 218, OCTOBER 1960-911 


HOMOGENIZATION 
TEMPERATURE 
S200 PHASE PHASE 
1000°C oO 
2010°C A A 
2570°C. 
= 
Lo} 
3.200 
10 20 30 40 50 


WEIGHT PERCENT RHENIUM 


Fig. 2—Dependence of tantalum solid solution lattice param- 
eter on rhenium content. 


brittle and easily crushed, making an intermediate 
anneal unnecessary, The powder was sieved to less 
than 200 meshand mounted ona flat slide ina General 
Electric XRD5 diffractometer. Nickel filtered copper 
radiation was used for phase identification and lattice 
parameter measurements. The lattice parameters 
for tantalum solid solutions and x phase were de- 
termined by step scanning diffraction peaks at 0.001 
deg intervals in the region 206 equals 100 to 130°. At 
these angles the K a doublet was resolved, the Ka1 
peak was used, and the wavelength of copper Ka1 was 
assumed to be 1.5405A. Forwardreflection lines 
were used in the case of the 0 phase. The expected 
accuracy of the tantalum and x parameters is with- 
in 0.001A and that for the o phase to within 0.01A. 


Cas 


Fig. 3—Fifty-eight pct Re, 1 hr 2620°C 
and quenched (0). X150. Reduced ap- 
proximately 42 pct for reproduction. 
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Fig. 4—Fifty-seven pct Re, 1 hr 2460°C 
and quenched (Ta + 0), X350. Reduced 
approximately 42 pct for reproduction. 


All single-phase field boundaries, with the single 
exception of the limit of rhenium solid solubility, 
were determined by the parametric method. In the 
case of rhenium solid solutions, metallographic 
examination alone was used. 

Specimens for metallographic examination were 
prepared by standard techniques including rough 
polishing to 4/0 paper and final polishing on 1-y and 
1/4- p diamond laps. All alloys were etched by 
swabbing with a solution of one part HNOs, one part 
HF, two parts H2SOs,, and five parts water. Phase 
boundaries determined parametrically were confirmed 
by metallographic examination in all cases. 


DISCUSSION OF RESULTS 


The proposed tantalum-rhenium phase diagram is 
shown in Fig. 1. Included also in this figure are the 
results of metallographic and X-ray diffraction studies 
and melting point determinations. 

An extensive region of tantalum solid solution exists. 
An alloy containing 46 pct Re shows evidence of a 
second phase after quenching from a 1 hr heat treatment 
at 2630°C. A second phase precipitates from the 46 
pct Re alloy during an 8 hr heat treatment at 2010°C. 
X-ray diffraction analyses confirmed that the matrix 
in these alloys is a solid solution of rhenium in tan- 
talum. The lattice parameter of the body-centered 
cubic tantalum solution decreases rather rapidly with 
increasing rhenium content, as shown in Fig. 2. The 
nature of the change of the lattice parameter made 
possible the precise determination of the rhenium 
solubility limit by the-parametric method. Metallogra- 
phic results confirm the X-ray observations that the 
solubility limit decreased slightly with decreasing 
temperature. 

At temperatures above 2460°C the second phase in 
the two-phase region bounding tantalum solid solution 
was identified by X-ray diffraction as a complex te- 
tragonal structure isomorphous with the 0 phase 
found in iron chromium alloys. An alloy of 58 pct Re 
annealed at 2620°C for 1/2 hr and quenched, Fig. 3, 
shows only large regions of 0 phase, although X-ray 
diffraction revealed a small quantity of tantalum solid 
solution. The same alloy annealed at 2520°C for 1 hr 
and quenched, showed a greater quantity of tantalum 
solid solution. A 59 pct Re alloy still exhibited tan- 
talum solid solution when annealed at 2630°C for 1 hr, 
while in a 60 pct Re alloy annealed at 2630°C and 
quenched, a phase isomorphous with @ manganese 


Fig. 5—Fifty-seven pct Re, 2 hr 2420°C 
and quenched (Ta + o +y). X350. Re- 


duced approximately 42 pct for repro- 
duction. 
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Fig. c= —Sixty pet Re, as-cast (¢ + y). 
X350. Reduced approximately 42 pct 
for reproduction. 


(a complex cubic x phase) was detected. The 59 pct 
Re alloy lay in the two-phase field on the low rhenium 
side of the o phase, and the 60 pct Re alloy was in 
the two-phase field on the rhenium-rich side of the o 
phase, indicating that the 0 phase exists in a narrow 
composition range at 59.9 pct Re and corresponds to 
the formula ResTaz. The lattice parameter of the 0 
phase is a = 9.69A, andc/a = 0.52. 

_ The upper boundary of the solid solution plus o 
phase field is a eutectic horizontal. The eutectic 
temperature was determined by incipient melting 
methods and found to be 2690°C. 

An alloy of 57 pct Re annealed at 2460°C for 1 hr 


and quenched, as shown in Fig. 4, showed the presence 


of o phase; in the same alloy annealed at 2420°C for 
2 hr and quenched, the microstructure indicated tan- 
talum solid solution and o phase with yx phase, as 
shown in Fig. 5. X-ray diffraction confirmed the 
latter decomposition of the o phase below 2460°C. The 
resulting two-phase field is bounded by a eutectoid 
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Fig. 7—Sixty-four pct Re, 1 hr 2520°C 
and quenched (y). X150. Reduced ap- 
proximately 42 pct for reproduction. 


‘rhenium alloy. 


Fig. Sixty-four pet Re, 4 hr 2010° 
and quenched (y + Ta). X350. Reduced 
approximately 42 pct for reproduction. 


horizontal. The extent of the horizontal was determi- 
ned by the extrapolation of the solvus lines determi- 
ned by the parametric method. The proposed isotherm 
is located at 2460°C between 48 and 62 pct Re. 

The o phase forms by a peritectic reaction as 
indicated in the as-cast microstructure of a 60 pct 
Re alloy in Fig. 6. This reaction was found by incipi- 
ent fusion to occur at 2740°C, and the resulting iso- 
therm on the phase diagram is the upper boundary of 
the o- plus x- phase field. 

Chi phase exists in a broad range of compositions. 
The 64 pct Re alloy shown in Fig. 7 is a single phase 
at 2520°C, but precipitates tantalum solid solution 
after heat treatment at 2010°C for 4 hr, as shown in 
Fig. 8. 

Lattice parameter measurements were also made 
for a series of y- phase alloys which were annealed 
at 2730°C for 1/2 hr and quenched. The dependence 
of lattice parameter on the composition is shown in 
Fig. 9. A rather sharp decrease of lattice parameter 
with increasing rhenium content is evident. Under 
these conditions the X-ray parametric method gave 
precise results for the determination of x- phase 
field boundaries. The rhenium-rich side of the y- 
phase field is bounded by an almost vertical line at 
80 pct Re. Incipient melting experiments showed 
melting points for xy- phase alloys which were pro- 
gressively higher than the 0- phase peritectic temper- 
ature, reaching a maximum of 2790°C at 79 pct Re. 

Fig. 10 shows the as-cast microstructure at 83 pct 
Re. The matrix was identified as y phase and the 
second phase as rhenium solid solution. The upper 
boundary of the x phase plus rhenium solid solution 
field is formed by a eutectic horizontal. The as-cast 
eutectic structure is shown in Fig. 11 for an 85 pct 
The eutectic horizontal was found to 


: 
ea & \ 


Fig. 9—Dependence of x phase lattice parameter on rhenium Fig. 10—Eighty-three pct Re, as-cast (x + Re). X1000. Re- 


content. 
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Fig. 11—Eighty-five pct Re, as-cast (x + Re). Reduced ap- 
proximately 42 pct for reproduction. 


be 2755°C by incipient fusion, which is below the 
maximum observed for an alloy of 79 pct Re at 
2790°C. This observation together with the as-cast 
microstructures in the range 80 to 95 pct Re suggests 
that the x phase melts congruently at 2790°C ina 

79 pct Re alloy. 

The region of solubility of tantalum in rhenium is 
relatively narrow, and decreases with decreasing 
temperature from 5 pct Ta at 2755°C to less than 3 
pet at 2000°C. 

Attempts to measure the melting point of pure 
rhenium proved unsuccessful. In each case the 
tungsten heating element burned out prematurely at 
2825°C, the temperature of the rhenium-tungsten 
eutectic.® 


SUMMARY AND CONCLUSIONS 


The constitutional diagram for the system tantalum- 
rhenium in the region above 1000°C has been present- 
ed. The solubility of rhenium in tantalum ranges from 
48 pct Re at 2460°C to 45 pct Re at 1200°C. The 
terminal solubility of tantalum in rhenium varies from 
5 pet at 2755°C to less than 3 pct at 2010°C. 

Two intermediate phases were found in the system. 


A o phase was formed peritectically at 2740°C and 
occupied a narrow composition range around 59.5 pct 
Re. Sigma decomposed at 2460°C eutectoidally into 
tantalum solid solution and the second intermediate 
phase, xy. The x phase had a melting point maximum 
of 2790°C at 79 pct Re. The x phase occupied a 
composition range of from 61 pct Re at 2460°C and 

65 pct at 1200°C to 80 pct Re. The structure of the 

o phase was isomorphous with that found in the iron- 
chromium system and had a c/a ratio of 0.52 anda 
lattice parameter of 9.69A. The x phase was isomor- 
phous with @-manganese. 

A eutectic was formed between tantalum and 0 
phase at 2690°C and 51 pct Re, and the isotherm ex- 
tended from 47 to 61 pct Re. A second eutectic was 
formed between xy phase and the rhenium-rich termi- 
nal solid solution at 2755°C and a 16 pct Re. The 
eutectic horizontal extended from 80 to 95 pct Re. 
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Growth Behavior of Cube-Oriented Secondary 


Recrystallization Nuclei in High-Purity Silicon Iron 


A study has been made of the nature of the slow growth or 
nucleation stage of secondary recrystallization to the cube texture 
in sheets of high-purity 3 pct SiFe. Cube-oriented nuclei were 


identified and their growth observed, using surface markings to- J.L. Walter 
gether with micrographic and X-ray techniques to provide informa- jem 
tion on grain boundary interactions and the driving forces for growth. Cc. G. Dunn 


Factors that promote growth of certain grains 
during the early stages of secondary recrystalliza- 
tion have been considered theoretically’ but have 
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been little explored in a direct experimental way. 
In certain cases,”* it has been reported that the 
primary recrystallization grains (nuclei), which 
eventually become secondaries, were found to be 
larger than the other grains into which they grew. 
Factors such as grain boundary ‘‘mobility’’ and 
differences in strain energy may contribute to the 
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more rapid early growth of nuclei for secondary 
recrystallization. 

In most cases of secondary recrystallization, 
the grains of the matrix are three dimensional 
(z.e., have diameters less than the thickness of the 
material). Secondary recrystallization to the cube 
texture in high-purity silicon iron®"® is different 
however, since the matrix grains as well as the 
nuclei for secondary recrystallization are two- 
dimensional (have diameters 1-2 times the sample 
thickness ). 

The two-dimensional character of the matrix 
grains makes possible the direct identification of a 


nucleus during its induction period’ (period of slow 


growth prior to the time the nucleus becomes large 
enough to be called a secondary grain). Once identi- 
fied, it is possible to observe the grain boundary 
interactions during growth of the nucleus to become 
a secondary grain. Such observations provide in- 
formation concerning the nature of the driving 
forces for growth during the early stages of secon- 
dary recrystallization. The present paper describes 
the results of a study of the growth of cube-oriented 
or (100) [001] nuclei for secondary recrystallization 
in high-purity silicon iron. 


PROLOGUE 


A) Surface Energy Driving Forces—Although 
‘‘srain boundary energy’’ is often referred to as a 
surface energy, this term, hereafter in this paper, 
will be reserved for the grain boundary interface 
and the term ‘‘surface energy’’ will be reserved for 
the gas- metal interface. 

Some evidence that (100) surfaces had lower ener- 
gies than other (hkl) surfaces and the possibility that 
the differences in surface energies provided a driv- 
ing force for growth of the (100) oriented grains was 
reported earlier.® Proof of the surface energy mech- 
anism for growth of (100) oriented grains was ob- 
tained by one of the authors.® The concept of a sur- 
face energy driving force was also used” to explain 
the secondary recrystallization to the cube texture 
in thin (0.035mm) silicon-iron samples.* 

It had been shown at an earlier date, by the au- 
thors, that the driving force for tertiary recrystal- 
lization to the (110) [001] texture, (following secon- 
dary recrystallization to the cube texture) in high- 
purity silicon iron also originated in differences in 
surface energy.’ Thus, during tertiary recrystalliza- 
tion, Ve the surface energy of the (110) surface, 


was less than that of the (100) surface, Year 


The peculiar circumstance of du 


zat secondary recrystallization to the cube texture 


i i stallization to 
and , during tertiary recry 


(110) [001] texture was later determined” to be a 
function of the effects of atmospheres and impurity 
atoms on the surface energies of the various (2k/) 
surfaces.’”" A strong effect of impurities on the 
absolute values of surface energies was already 
known but the change in the order of energies from 
< %110) < WAS not previously 


known. The reversal could in fact be accomplished 3 
during a vacuum anneal of the kind previously used. 
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It was possible to start with Vee Varayo the favor- 


able condition for obtaining growth of cube oriented 
grains, and then proceed to Ya49) < ¥499) by removal 
of the oxygen from the material during the vacuum : 
anneal. 

The importance of surface energy differences to 
secondary recrystallization in a two-dimensional 
matrix, stabilized by thermal grooves, has been 
treated ina theory of groove effects on grain bound- 
ary migration.*? 

B) Nature of the Matrix--In a prior investigation * 
we determined the matrix texture and matrix struc- 
ture for the material used in the present study. The 
texture consisted of a moderately strong (110) [001] 
component and a weak (100) [001] component. The 
structure (resulting from primary recrystallization 
and normal grain growth) consisted of relatively 
perfect grains which were designated as growth- 
primaries. The conclusion was reached that cube- 
oriented growth-primaries were neither more per- 
fect nor were they larger than the other growth- 
primaries. The cube-oriented growth-primaries 
grew to become secondaries only because of their 
lower surface energy. No other (100) [/k/] oriented 
grains were present in the matrix and for this rea- 
son did not appear in the secondary recrystallization 
texture. The stability of the matrix to normal grain 
growth was explained in terms of the thickness ef- 
fect.*715 


SAMPLE PREPARATION AND EXPERIMENTAL 
PROCEDURES 


A) Sample Preparation—The samples were pre- 
pared from a vacuum-melted ingot containing 3 pct 
Si and a total of 0.005 wt pct impurities. Portions 
of the ingot were hot-and cold-rolled to 0.006 in. 
with a final reduction of 50 pct in thickness. Each 
sample, prior to the anneal, was electropolished to 
remove surface imperfections. The samples were 
annealed at 1050°C in vacuum (pressures of 107° 
mm Hg) or in purified argon (dew point about 
—100°F) at 1100°C. 

B) Techniques of Observation— Two conditions of 
the surface resulting from the anneals were used to 
identify potential nuclei and to follow the growth ina 
sequence of anneals. First, the positions of the grain 
boundaries after each anneal were revealed by V- 
shaped thermal grooves; former positions of bound- 
aries, where motion had been arrested, were re- 
vealed by U-shaped grooves. Thus, by observing the 
groove patterns left by a moving boundary, it was 
possible to determine which grains were growing, 
the directions of boundary migration, and boundary 
curvatures. The second condition was that of ther- 
mal etching of the surface to striations in the pres- 
ence of oxygen in the atmosphere or in the ma- 
terial.'** Early in the investigation a correlation 
between growing grains and tendency to thermal 
etch had been noticed. The etching effect was most 
pronounced for surface orientations near (100) and 
(111). Also, the character of the striations was 
found to be a function of the disorientation from the 
simple plane. The orientations of the grains that 
showed thermal etching effects were determined 
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00! 10l 
Fig. 1—Schematic drawing of the six-sided cube-oriented 
grain of example I and its neighbors and a plot of axis di- 
rections normal to the surface of the grains. 


from Laue transmission patterns; from these the 
cube grains were Selected for observation. The ex- 
tent of thermal etching, which increases with time 
under proper conditions, also provided information 
on direction and amount of grain boundary migra- 
tion.’”*> In addition, the light scattering effect of 
thermally etched surfaces (under oblique illumina- 
tion) made it possible to obtain photographs of the 
grain structure of the annealed sheet without 
etching the surface. Examples of the method are 
given for the study involving anneals in argon. The 
techniques of observation were nondestructive. 
Between anneals care was taken to avoid con- 
tamination of the surface and the introduction of 
strains during examination of the samples. The only 
effect of reheating the samples was a possible ad- 
ditional temporary arresting of boundary migration. 


OBSERVATIONS, ORIENTATION DATA, AND 
DISCUSSION 


Grains that grew to form a two-dimensional stable 
structure were called growth-primaries.° The search 
for cube-oriented growth-primaries was begun on 
material annealed 45 min at 1050°C in vacuum. The 
time was long enough to produce only a few widely 
separated secondaries. Most of the sample consisted 
of growth-primaries with average diameters between 
1 and 2 times the sheet thickness. Boundary migra- 


90 minutes. X250 


(a) 
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Fig. 2—Photomicrographs of grain 

sketched in Fig. 1 after annealing at 
1050°C in vacuum. As annealed sur- 
faces: (a) after 80 minutes; (b) after 


tion was observed during sequences of anneals in 
both vacuum and the purified argon. The following 
examples illustrate examples of growth of the cube- 
oriented primaries. 

A) Example I—A schematic drawing of a six-sided 
growth-primary with a (100) plane nearly parallel to 
the plane of the sheet after an anneal in vacuum is 
given in Fig. 1. Surface orientations of the cube 
grain and its neighbors are given in the unit triangle 
in Fig. 1. The drawing of the grains includes the di- 
rection of boundary migration at grain 0, the position 
of this boundary on the opposite surface (dotted line), 
and the disorientations across the grain boundaries 
for the four boundaries of smallest disorientations. 
Photomicrographs of this area are shown in Fig. 2 
for total annealing times of 80, Fig. 2(a), and 90 min, 
Fig. 2(0). The groove records indicate that the cube 
grain grew slightly. Evidence of growth prior to the 
first examination is given by the pattern of thermal 
etch at the surface. Little growth of interest oc- 
curred during subsequent anneals totaling 130 min. 
Anneals of this sample were discontinued because of 
an encroaching large secondary grain that had not 
previously been considered. 

Although the selected cube-oriented growth-pri- 
mary did not pass through the slow-growth stage 
during the time of perusal, it did supply useful in- 
formation. First, the observed growth indicates a 
favorable surface energy driving force for two rea- 
sons: a) the migration of the boundary at grain b 
is away from the center of curvature in the surface, 
and b) grain boundary energy alone would be expected 
to cause the cube grain to shrink rather than grow. 
To show the latter, we need the relative energies of 
all the boundaries involved. These may be approxi- 
mated with the aid of the Shockley- Read equation” 
and an approximate value of 6, the angle of dis- 
orientation when y, is a maximum. The equation 
may be written 


(9/5) In (26/6) [1] 


where y, is the grain boundary energy, @ is the angle 
of disorientation, Y¢ is the maximum value of Yg Or 
the energy of a high-angle boundary (disorientations 
of 25° or more), and e is the base of natural loga- 
rithms. Accordingly, the 12 and 16 deg boundaries 


~ 
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have energies of 0.85 Y_ and 0.93 Y, and all the 
others have energies of y.. Thus the junction 
angles opposite the 12 and 16 deg boundaries should 
equilibrate to 130 and 125 deg; the others to 120 deg. 
The six-sided figure therefore has to have convex 
sides to accommodate the angles; this results ina 
grain-boundary driving force that tends to move the 
boundaries toward the center of the grain. Since mi- 
gration away from the center of the grain occurred, 
it is necessary to conclude that the (100) grain has 

a lower surface energy than the surrounding grains 
in agreement with the result obtained by Walter. ° 
The possibility that growth could have occurred as a 
result of variations in grain perfection was elimi- 


nated previously.® Since grain 6 is within 2 deg of 


(123) it is important to note that a definite inequality, 
< between 7490), the surface energy of 
the cube grain, and Vide the surface energy of the 


(123) grain, must exist. 

B) Example II— Fig. 3 illustrates the case of more 
successful growth of a cube-oriented grain in the 
same sample. Included in the sketch are three num- 
bered grains of special interest and a shaded area 
representing the growth-primary, which was not ob- 
served directly. This shaded area is seen in Fig. 4 
as the area of greatest thermal etch, corresponding 
to a growth-primary of probably six to eight sides. 
A sequence of old boundary positions can also be 
seen in the lower part of the figure between the final 
boundary (solid line) and the heavily etched area. 

Eight of the twelve grains surrounding the cube 
grain after the first anneal had high-angle bound- 
aries and four had boundary angles in the range 11 to 
17 deg. The calculated average grain-boundary en- 
ergy was 0.96 y,. This value agrees well with the 
estimate made from the texture,° which was 2 pct 
less than y, ; the twelve grains apparently provide a 
reasonable sample of the matrix texture. 

The limited growth of the cube grain into grain 1 
is both informative and perplexing. The surface of 
grain 1 is 6 deg from (123) and the surface of the 


Fig. 3—Schematic drawing to show course of growth of the 
cube-oriented grain of example II in vacuum anneals at 
1050°C. Dash lines—after 45 minutes; dot lines—after 80 
minutes; solid lines—after 130 minutes; shaded area—es- 
timated position and size of matrix grain as a growth-pri- 
mary. X50 
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Fig. 4—Photomicrograph showing nuclear spot (shaded 
area of Fig. 3) and part of grain 1 after 80 minutes at 
1050°C. Surface as annealed. X167 


cube grain is 6 deg from (100). Unless the latter 
deviates too far from (100) to have the low surface 
energy of the (100) plane, there should be a differ- 
ence in surface energy between these two grains 
favoring growth of the cube grain according to the 
inequality Nevertheless, the cube 


oriented growth-primary grew well into all neigh- 
bors except grain 1. In the later stages of the an- 
neals the boundary between the cube grain and 
grain 1 has a concave front where the groove depth 
is large and migration has been slight, a convex 
front, and a relatively straight portion joining the 
horizontal grain boundary that may be seen in Fig. 4. 
The spasmodic migration of the straight portion of 
the boundary is evident from Figs. 4 and 5. A fur- 
ther advance of the boundary is evident in a com- 
parison of the two photomicrographs of Fig. 5; Fig. 


~ 5(0) shows thirty or more additional vacated bound- 


ary positions after an additional anneal of 50 min. 
The spacing between boundary positions was found 
to be rather uniform and equal to 1.5yu. In the region 
in which migration occurred the grooves were shal- 
low. The lack of appreciable concave curvature may 
be taken as evidence for a surface-energy driving 


Fig. 5—Three-grain 
junction shown in 
Fig. 4 at higher 
magnification. (c) 
after 80 minutes; 

(b) after 130 minutes. 
Arrows indicate 
boundary positions. 
X250. 
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Fig. 6—Series of 
photomicrographs 
showing boundary 
between the cube 
grain of example 

II and grain 3 (Fig. 3): 
(a) after 80 minutes; 
(b) after 90 minutes; 
(c) after 130 minutes. 
Arrow indicates pres- 
ent boundary position. 
X250. 


Fig. 7—Photo- 
graphs showing 
cube-oriented 
grain N of ex- 
ample III and 
surrounding grains 
after annealing at 
1100°C in pure dry 
argon: (a) and (b) 
as annealed sur- 
faces after 30 
minutes; (c) as an- 
nealed surface after 
total of 4 hours; (d) 
same area as (c) 
after macro-etch- 
ing. Reduced ap- 
proximately 27 pct 
for reproduction. 
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force. Although a breakaway of the boundary would 
be easier from shallow grooves than from deep ones, 
it is not understood why the concave part of the 
boundary failed to become a fast-moving boundary 
with shallow grooves. 

The advance of the boundary as the cube grain 
grew into grain 2, which has a surface plane 3 deg 
from the (110) plane, can be explained in terms of 
a large grain-boundary-energy driving force; but 
the situation is different for grain 3, which is also 
3 deg from (110) (see Fig. 6). The relatively straight 
boundary between grains 1 and 3 suggests that the 
surface energies are nearly equal. While the cube 
grain has grown into grain 3 toward the end of the 
anneals, grain 3 has also grown; this suggests the 
possibility that grain 3 would be a nucleus for 
tertiary recrystallization’ if annealing were con- 
tinued to the point where V 


C) Some Effects of Atmospheres—It has been 
shown in auxiliary experiments that < iS 
valid when annealing in a vacuum or when the oxygen 
content of the material is low.’*” However, when 
oxygen is present (enough to produce thermal etching 


of near (100) surfaces) then »,)< ap pet It will be 


noted that thermal etching occurred on the cube 
grains in examples I and II, particularly early in the 
anneals. Thus, one must consider growth from the 
point of view of surface driving forces initially favor- 
ing the cube or any (100) orientation, but later favor- 
ing (110) grains more and more as the oxygen level 
is lowered. Improved mobility of the grain bound- 
aries also results from the removal of impurities. 
This is consistent with the longer times required to 
accomplish secondary recrystallization in an atmos- 
phere such as pure dry argon. The following two 
examples cite observations of growth of cube-ori- 
ented nuclei in pure dry argon. 

D) Example III—Because secondary recrystalliza- 
tion occurred more slowly during anneals in the 
purified argon than in vacuum the samples were an- 
nealed at 1100°C. Figs. 7 and 8 show photographs 
and orientation data for a cube-oriented growth- 
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Fig. 8—Plot of cube poles of grain N and the numbered 
grains in Figs. 7(b) and (c). 


primary that grew to become a secondary. The 
pattern-of thermal etch in Fig. 7(@) indicated that a 
simple plane lay in the plane of the sheet, and X-ray 
data disclosed that the orientation was (100)[001]. 
The positions of the cube poles are marked with the 
letter N in Fig. 8 and in Figs. 7(6) and (c) the nu- 
cleus grain and the nuclear spot, respectively, are 
shown by the letter N. Grains 1, 2, and 3 were 
striated. Grain N previously grew at the expense of 
two small grains and developed a concave boundary 
with grain 3. The effects of further anneals on grain 
N were as follows: no growth occurred during a 
second 30-min anneal and considerable growth oc- 
curred during a subsequent 3-hr anneal. Grain N, 
in fact, grew to become a small secondary of which 
about one-third appears in Fig. 7(c). The growing 
grain removed all of grain 1 but only small portions 
of grains 2 and 3. 

Table I summarizes grain boundary measure- 
ments, calculated grain boundary energies [from 
Eq. (1)], and calculated grain boundary driving 
forces for some boundaries of grain N. A positive 
value of the driving force tends to move the bound- 
ary away from grain N; a negative value does the 
opposite. Actual movement depends on the nature 
of surface-energy driving forces and the magnitude 
of the reaction forces; the latter forces equal the 
net driving forces, for example, if the boundary is 
stuck. Part of the N—2 boundary, which arose 
from growth of grain 2, appears to be stuck despite 
the presence of a driving force of —20 Ve but another 
part (marked with arrow) is free. It has, in fact, 
been moving into grain 2 with a grain boundary 
driving force equal to zero, thus indicating a posi- 
tive surface-energy driving force. The behavior 
of the two parts of the N—2 boundary may be ex- 
plained if surface energy increases with angle of 
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Table | 


Grain- 


Boundary- 
Energy 
: Radius of Driving 
Grain Disorien- Curvature, Force, 
Boundary tation Ve cm Ergs per cm? 
N-2 6 deg 0.58 ye 0.03 -20 
N-2 (arrow) 6 deg 0.58 y¢ oo 0.0 
N-3 (arrow) 16 deg 0.93 yg 0.05 19 y¢ 
N-4 (bent arrow) deg 0.96 0.09 
N-4 (st. arrow) 18 deg 0.96 ye 0.2 5 yG 
N-5 Large angle Yc co (approx.) 0 (approx.) 


tilt from a (100) surface (Fig. 8 shows that the 

tilt of grain N is less than the tilt of grain 2). 
Theoretically, a rapid increase in energy with 

tilt from a simple plane is expected;”® this is shown 
by the fact that thermal etching, to expose the sim- 
ple plane, occurs on tilted planes.’ Thus the bound- 
ary became stuck where the grain boundary driving 
force was both large and negative but remained free 
to migrate where there was no opposing grain bound- 
ary driving force. 

Grain 3 is farther from (100) than grain 2. There- 
fore, since the N-3 boundary is concave (at the 
position marked by the arrow) it should experience 
both surface and grain boundary driving forces. Even 
so, this 16-deg boundary migrated only a short dis- 
tance. Grain 4, which must be just on the borderline 
of orientations that thermally etch, * possesses both 
concave and convex boundaries with N. The behavior 
of this 18-deg boundary, particularly at the sharp 
bend between the two arrows, is unexplained. Fur- 
ther information is needed to determine whether 
boundaries such as N—3 and N—4 have very low mo- 
bility or have some special reason for becoming 
stuck. 

Migration of the N—5 boundary is especially im- 
portant since grain 5 is near a (110) [001] orienta- 


~ tion. The advancing front with near zero curvature 


means that the surface energy of the cube grain is 

lower than the surface energy of the (110) grain, in 
agreement with other results.*? The fact that grain 
N removed grain 1 (which has a (111) plane nearly 
parallel to the surface) may be considered as evi- 

dence that Vea is less than 7,,,,) for the present 

conditions. 

E) Example IV—Photographs and orientation data 
for another study are shown in Figs. 9 to 11. Grain 
N* was selected after a 30-min anneal at 1100°C in 
purified argon because the thermal etch indicated a 
simple plane and the record of prior growth from a 
growth-primary was relatively complete. Grain N* 
deviated by 2 and 3 deg from the cube plane and cube 
direction, respectively. New and old boundary po- 
sitions, which are shown directly in Fig. 9(@) and 
schematically in Fig. 9(6), indicated that N* grew 
from a growth-primary of six to eight sides. Fig. 
9(c) is a photograph showing N* and an over-all 
view of the surrounding matrix structure. This 
photograph was obtained with oblique illumination; 
delineation of the structure was possible because 
of appreciable thermal etching of many of the grains 
and because of deep thermal grooves at grain bound- 
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Fig. 9—Photographs and schematic drawing showing cube-oriented grain N* of example IV and surrounding grains after 
annealing at 1100°C in pure dry argon: (a) as annealed surface after 30 minutes; (4) same area as (a); (c) as annealed 
surface after 30 minutes but photographed under oblique illumination; outlined area is the area shown in (a); (¢d) same 
area as (4) but after a total time of 4 hours. Reduced approximately 31 pct for reproduction. 


aries. Grain N* grew mostly away from grains 2 and___ anneals; slight migration into and near grain 4 dur- 


3 as shown in Fig. 9(0). These two grains showed ing a second 30-min anneal and extensive migration 
extensive thermal etching, but grains 5 and 6 were during a third 3-hr anneal. Evidence of extensive 
only lightly etched. All boundaries of N* were con- growth of N*and growth of other grains is given in 
cave except N*—4 and N*-1. The following changes Fig. 9(7@). The same area of the surface after macro- 
in the boundaries of N* occurred during additional etching is shown in Fig. 10. Grains 12 and 13, at the 


edge of the sample, are surrounded by N* Grain 7 
is an island grain, and grains 8 and 9 are examples 
of unsuccessful secondaries. Grain 3, which had 


RO 


(X20) 
Fig. 10—Same area as Fig. 9(d) but after macro-etching Fig. 11—Plot of cube poles of grain N* 
: N* and 
Reduced approximately 31 pct for reproduction. grains of Figs. 9 and 10, 
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been growing away from N*, still remains although 
N* had been growing into it slowly. 

The above data indicate the following: the cube 
grain grows well at the expense of (110) grains 
(grains 1 and 4) and poorly at the expense of near- 
cube grains (grains 3, 7, 8, 9, and 11). On the basis 
of prior growth and size it is clear from Fig. 9(c) 
that grains 8, 9, and X could have been the nuclei for 
the grains of the same number in Fig. 9(2). No nu- 
cleus could be selected for grain 7. The shape of 
this grain suggests that it grew only slightly before 
it was encompassed by grain N* Grain 13 may have 
been in the early stages of secondary growth, ac- 
cording to Figs. 9(c) and 10, until cut off by grain 


N*, At the end of the third anneal, grains 12 and13.__ 


both showed area losses to grain N* indicating that 
such (111) orientations would be absent after a 
longer anneal. 

Fig. 12 shows part of the boundary between N* and 
grain 3 after the third anneal. Both grains are __ 
thermally etched. Boundary curvatures suggest a 
high grain boundary driving force along at least 
part of the boundary; nevertheless, Figs. 9(d) and 
10 show only a small advance toward the center of 
grain 3. The N*-—3 boundary has a disorientation of 
14 deg and is similar in behavior to the 16 and 18- 
deg boundaries discussed in example III. 

F) Boundary Grooves vs Migration—In the absence 
of matrix stabilizing influences such as second 
phases, or a strong matrix texture, it has been con- 
cluded that matrix stability in the high-purity sili- 
con-iron results from the presence of grooves at 
the intersection of the boundary and the surface. 
Generally the boundaries of the matrix grains were 
well defined by grooves 0.1 to 0.3 » deep. These 
boundaries migrated only short distances. Further- 
more, it is possible that the successive heating and 
cooling operations led to deepening of the grooves 
and a further reduction in rates of migration. This 
effect of boundary grooves is to be expected accord- 
ing to Mullins.” There are instances (examples II 
and III) in the present study where boundaries be- 
tween the growing secondary grain and certain 
matrix grains migrated much more slowly than 
would be expected; z.e., where surface energy dif- 
ferences and grain boundary curvatures should have 
resulted in migration. It is possible that the effect 
of the groove on these particular boundaries is 
greater than for other boundaries, particulary if it 
is realized that grain boundary segregation of minute 
quantities of impurities can also lead to reduced mi- 
gration rates. Thus, the difference in surface energy 
must be high enough to overcome the restraining 
forces, such as grooves and impurities, in order for 
the (100) grains to grow at a sensible rate. 

It has been pointed out by Mullins’’ that a differ- 
ence of surface energy of about 3 pct should result 
in grain boundary migration without the boundaries 
becoming stuck in the grooves. A rough calculation 
of in the argon atmosphere gave a value 
of 8 pct of the grain boundary energy, or a surface 
energy difference of about 3 pct if the ratio of sur - 
tace energy to grain boundary energy is 3..° This 
difference provides a driving force of about 10 % 
(for material 0.14 mm thick). This driving force 
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Fig. 12—Photomicrograph showing the annealed surfaces 
of grains N* and 3 after 4 hours at 1100°C. Fig. 9c). 
X500. 


seems to be too small to cause migration of bound- 
aries of large radii of curvature. For instance, a 
boundary having a radius of curvature of 2.9¢ or 
greater would require a grain-boundary- driving 
force of 25y. or greater to overcome the grooves. 
As the examples indicate, there are boundaries with 
radii of curvature greater than 2.9¢ that do migrate 
during the anneals. There are two possible reasons 
for the migration of these boundaries: first, since 
the calculations leading to surface energy differ- 
ences did not take into account boundary restraints, 
it is quite likely that the surface energy differences 
are higher than those calculated from the net bound- 
ary curvature. There is also the possibility that a 
given amount of surface-energy driving force is 
more effective for continued boundary migration 
than an equal driving force from grain-boundary 
‘energy; that is, the reaction forces are more effec- 
tive in balancing grain-boundary-energy driving 
forces than surface-energy driving forces. At this 
stage of growth, boundary migration (as seen in the 
surface) is often away from the center of curvature. 
On the other hand, in the later stage of growth, 
boundary migration on the surface is toward the 


~ center of curvature when the driving force ap- 


proaches its maximum value. Thus, migration of 

the boundaries away from their centers of curvature 
(under the action of the surface-energy- driving 
force) occurs only when the cube-oriented growth- 
primaries are nearly the same size as the matrix 
grains. When the secondaries are many times larger 
than the matrix grains, it is observed (Fig. 10, for 
instance ) that the boundaries of the secondaries are 
migrating toward their centers of curvature. 


G) Relative Values of Surface and Grain-Boundary 
Driving Forces—A general equation may be written 
for the maximum available driving force, €,, for 
growth of a large cube-oriented secondary grain 
when the matrix grain size is determined by the 
specimen thickness effect. Thus, 


D = At, [2] 


where D is the average diameter of the matrix 
grains, t is the sheet thickness, and A has a value 
between 1 and 27°, expresses the specimen thickness 
effect. The grain structure is essentially two-di- 
mensional. If y, is the average grain boundary 
energy of the matrix grains, then 
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(3) 


gives the grain boundary contribution to the driving 
force. A relationship’ between surface energy and 
grain boundary energy is 


é,=2¥,/D = 2 ¥,/At 


where y/,,;, is the surface energy of an (hkl) matrix 
grain, % 199) iS the surface energy of the cube grain, 
and w is the angle the grain boundary makes with 
the surface. Eq. [4], averaged over all (hkl) matrix 
grains, is 


Yerooy = COS [5] 


Consequently, the surface energy contribution to the 
driving force is 


[6] 
The sum €, = €, + €, gives the available driving force 
(or average energy per unit volume). Thus, 
=2 (y,/A cos w)/t 


€,=.2 COs @/t 


[7] 
Eq. [7] does not give the net driving force, however, 
since reaction forces such as those from second 
phase particles or from thermal grooves are not in- 
cluded. 

If the matrix texture and A are both independent 
of t, the ratio of grain boundary energy to surface 
energy should remain constant. Thus, the relative 
contributions of the two terms to the driving force 
are independent of thickness. The total driving 
force, however, increases as the thickness de- 
creases. 

Without surface energy aid, a growth primary 
would have to have fourteen sides and a diameter of 
7.6¢ to overcome the maximum reaction forces re- 
sulting from thermal grooves and an escape angle 
of 10 deg. Beyond this size the grain could grow by 
grain boundary driving forces alone. However, in 
Example III, a cube-oriented growth primary of 6 or 
7 sides grew to become a secondary. From Eq. [7], 
we can obtain an estimate of the surface energy con- 
tribution to the available driving force. If Ais 1.7 
and the average grain boundary energy is 0.98 y¢, 
then the grain boundary energy contribution to the 
available driving force is 1.15 y-/t. Assuming an 
average difference in surface energy of about 8 pct 
of the grain boundary energy,” the average surface 
energy contribution to the available driving force is 
0.16 y¢/t. The total matrix energy is therefore 
1.31 y-/t. Thus, the surface energy contribution 
amounts to 12 pct and the grain boundary energy 
contributes 88 pct of the available driving force. 


CONCLUSIONS 


1) It is possible to differentiate nuclei for second- 
ary recryStallization from other grains of the matrix 
and to observe their growth, in a sequence of anneals, 
by making use of surface characteristics such as 
thermal etching and grain boundary thermal grooving. 

2) In cases where the selected growth-primary has 
grown, prior to observation, it is possible, by exami- 
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nation of thermal etch characteristics, to obtain in- 
formation concerning the probable source or “nu- 
clear spot’’ of the secondary grain. 

3) For the conditions of atmosphere and material 
involved in this study, grains having (100) planes at 
the surface have lower surface energies than grains 
with (110), (111), and (123 ) planes in the initial stages 
of secondary recrystallization. 

4) The lower surface energy of the (100) grains is 
responsible for early growth of these grains to be- 
come secondaries. 

5) Surface-energy driving forces may be aided by 
grain-boundary-driving forces once the nucleus 
reaches a suitable size with respect to the ueighbor- 
ing grains. 

6) Grains with (100) planes nearly parallel to the 
surface may grow into grains with (100) planes at a 
slightly greater angle; this suggests that the surface 
energy of the tilted (100) plane increases sharply 
with angle of tilt from the surface plane. 

7) Growth-primaries with (110) planes at the sur- 
face may also grow, for the particular conditions of 
atmosphere and material, but more slowly than the 
(100) grains. These (110) grains may therefore sur- 
vive secondary recrystallization to become nuclei 
for tertiary recrystallization as the annealing time 
is increased. 

8) A grain boundary in the range of disorientation 
of 14 to 18 deg may be a type of boundary that is 
difficult to move even though experiencing large 
surface energy and/or grain-boundary-driving forces. 

9) Deep thermal grooves at grain boundary- 
surface intersections keep the boundaries of matrix 
grains from migrating and thereby provide a stabil- 
ized matrix structure for the growth of cube oriented 
grains. 
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Recovery of the High-Temperature Creep 


Properties of Polycrystalline Aluminum 


Recovery of the creep resistance of 99.99 pct pure Al was 
studied at temperatures 540°, 573°, 600°, and 611°K. Poly- 


crystalline specimens crept under a stress of 950 psi to a strain 
of 5.5 pct were allowed to recover for periods of from 1 min to 
16 days under a residual stress of 4.4 psi. Increased creep rates 
upon reapplication of the 950 psi stress evidenced softening of 
the material. The activation energy for the recovery process 


was found to be 64,000 cal-per mol. 


Taree major observations have clearly revealed 
that the creep of polycrystalline aluminum above 
about 510°K is controlled by the rate of climb of 
jogged edge components of dislocations past the 
barriers impeding their motion: 

1) Extensive polygonization, characteristic of | 
climb, takes place during creep.” 

2) The activation energy for creep equals the 
estimated activation for self-diffusion. * 

3) The stress law for creep coincides with 
theoretical predictions based on the climb mechan- 
ism.#> 

The decreasing rate during the primary stage of 
creep must be ascribed to the introduction of ad- 
ditional barriers to the glide of dislocations. During 
secondary creep the density of barriers must re- 
main constant, the rate at which new barriers are 
formed being equal to the rate at which they re- 
cover. For this reason the nature of the barriers, 
and their rates of formation and recovery, are 
significant to a complete understanding of creep. 
It is proposed here to study the kinetics of the 
recovery of barriers to creep of high-purity poly- 
crystalline aluminum in the climb range. The 
technique will consist of creeping a series of 
tensile Specimens under a prescribed stress to 
given state following which the specimens will be 
recovered for various times and temperatures 
under approximately zero stress. The amount of 
recovery will be determined by comparing creep 
curves following the recovery. 


EXPERIMENTAL PROCEDURE 


The material used for this investigation was a 
99.99 pct pure Al supplied by the Aluminum Co. 
of America in sheets of 0.001-in. thickness having 
an H-18 temper. The spectroscopic analysis of 
impurities gave Cu-0.004 wt pct, Fe-0.002 pct, 
Si-0.001 pct, others-0.000 pct. 

Creep specimens were machined with their 
tensile axes in the rolling direction of the sheets. 
Annealing in a molten potassium nitrate-potassium 


—tionship’ 


W. D. LUDEMANN, Student Member AIME, L. A. SHEPARD, and J. E. 
DORN, Member AIME, are with the University of California, Berkeley, 
Calif. 

Manuscript submitted July 6, 1959. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


W. D. Ludemann 
L. A. Shepard 
J. E. Dorn 


nitrite bath for 1 hr at 686°K, followed by air- 
cooling, resulted in a grain diameter of from 0.22 
to 0.27 mm. 

Creep machines were equipped with constant 
stress lever arms of the type suggested by Fullman, 
Carreker, and Fisher,° which maintained the applied 
stress to within 0.04 pct of the reported value of 950 
psi. Creep strains were calculated from extensions 
over a 6-in. gage section to the nearest 3 x 107°. 

The temperatures of testing, 540°, 573°, 600°, and 
611°K, were obtained by immersing the specimen 
and extensometer assembly in a molten KNO,-KNO3 
bath. Temperatures during the periods of creeping 
could be maintained constant to within better than 
+ 1°K. 

Correlation of creep data at different temperatures 
of testing demanded the use of an appropriate tem- 
perature-compensated time 8. Previous investiga- 
tions have shown that the creep of pure metals at 
temperatures above about 0.55 of their melting tem- 


peratures can be correlated by the functional rela- 
357 


€=f(@), o = const. [1] 
where \ 


total plastic strain during creep 

a function that depends on stress 

stress 

te-Y/RT = a temperature- compensated time 

= time under test 

Q = 35,500 cal per mol = activation energy for creep 
R= gas constant, and 

T = absolute temperature 


t 


In the present series of tests all of the creep was 
conducted under the same stress of 950 psi. To pro- 
vide identical initial conditions for the recovery all 
specimens were first crept to a temperature-com- 
pensated time of 9 = 47x 10~* min which resulted in 
a creep strain of 0.0554 0.005 regardless of the 
creep temperature. 

During recovery, a small stress (4.4 psi) was per- 
mitted to remain upon the specimens to maintain 
tautness in the pulling assembly and to prevent me- 
chanical damage to the soft specimen. After each 
recovery period, the full stress was reapplied and 
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Fig. 1—Increase of creep ability due to thermal recovery. 


the further creep was recorded. In each case the 
recovery temperature was the same as the creep 
temperature. 


In Fig. 1 is shown the strain-time relationship of 
a specimen which has undergone creep, recovery, 
and further creep. An elastic strain produced im- 
mediately upon loading was followed by primary 
creep. Creep was interrupted while still in the 
primary stage by removal of the stress. 

Following the period of recovery, reapplication of 
of the stress resulted in a very small instantaneous 
strain followed by creep. The solid curve connects 
experimentally observed creep strains of the par- 
tially recovered material and is marked ep. The 
actual creep strain that would have been obtained 
following reloading had the structure been com- 
pletely restored to its initial unstrained state is 
given by the dotted curve ¢;, which has been trans- 
posed from its original position at the beginning of 
the test. The broken curve, €y, represents creep 
which was obtained in special tests in the absence of 
any recovery, as shown by the broken curve extend- 
ing beyond the point of stress removal for the re- 
covery tests. 

It was not possible to relate the extent of recovery 
directly to changes in the density and configuration 
of dislocation patterns. The extent of thermal re- 
covery could, however, be characterized by a param- 
eter n, where 


[2] 


According to this definition, m has a value of zero 
when no recovery takes place and a value of unity 
when complete recovery occurs. 


| TEMPERATURE OF RECOVERY 
x °, 


> 
6§73°K 
is) 600°K 
a 611% 
|B 
0.01 
' 10 100 1000 10,000 100,000 


tr -TIME OF RECOVERY, MIN. 


Fig. 2=Thermal recovery of creep ability. 
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DISCUSSION OF RESULTS 


Experimental values of the recovery parameter n, 
are shown in Fig. 2 as a function of the recovery 
time. The data for each temperature are correlated 
by a straight line when plotted on logarithmic co- 
ordinates. The functional relationship is then 


n = Kt? [3] 


The constant p, as calculated at each temperature 
by the method of averages, was as follows: 


Temperature p 
540 0.204 
573 0.231 
600 0.234 
611 0.238 


With the exception of 540°K, where there is some 
scatter, p = 0.234 represents all the data well. 
Values of K were calculated from Eqs. 3, using 
p = 0.234. 

In order to arrive at an activation energy for re- 
covery, the recovery rate of the structure will be 
expressed in terms of a generalized Arrhenius re- 
lationship.” 


dS _ T) 
=fGT)e [4] 
where S = a parameter depending on structure 
t, = time of recovery 
f = recovery per unit time per unit prob- 
ability of a thermal fluctuation 
T = absolute temperature 
Q@, = energy per mole which must be sup- 
plied by a thermal fluctuation to cause 
thermal activation of the unit of re- 
covery process where the effect of 
substructure is represented by S 
R = gas constant 


Where Q, is not a function of S and T, and f (S, T) 
is practically independent of 7, integration of Eq. 
[4] leads to 


Q, 
te RT= 6, [5] 


where S, represents the structure at ¢, = 0. Under 
these conditions identical structural states are ob- 
tained by recovering for the same values of the 
temperature-compensated time 6,. 

Using Eq. [5], the average activation energy for 
recovery over each temperature interval was found 
to be 


Temperature interval Qr> 
m6 cal per mol 
540-573 66,100 
573-600 61,200 
600-611 64,500 
average 64,000 


This value correlates the observed amounts of re- 
covery as shown in Fig. 3, where the logarithm of n 
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Fig. 3—Thermal recovery of creep ability. 


is linear with the logarithm of 6,, a result which 
justifies the assumption that Q, is insensitive to the 
temperature and to structural changes attending re- 
covery. 

The fact that the observed activation energy for 
thermal recovery of the creep behavior is about 
64,000 cal per mol suggests that thermal recovery 
of creep behavior is primarly attributable to recrys- 
tallization, grain growth, or migration of subboun- 
daries. Anderson and Mehl,® in their study of re- 
crystallization of aluminum, obtained the following 
values of Q,, the activation energy for recrystalli- 
zation, Qjy, the activation energy for nucleation, 
and Q,, the activation energy for growth: 


Elongation Q, Qn VW 
Pct cal per cal per mol cal per mol 
5 64,500 78,000 59,000 
10 59,000 61,000 57,000 
15 52,100 53,500 55,000 


For aluminum wires deformed 15 pct in tension, 
Gurland and Lucke® reported an activation energy 
for recrystallization of 50,400 cal per mol, in 


Fig. 5—Annealed 
for 60 min at 
686°K. Strained 
5.5 pet at 573°K. 
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Fig. 4—Annealed 
for 60 min at 
686°K. 


agreement with the results of Anderson and Mehl. 
Perryman,” for aluminum cold-worked 20 pct, 
reported values of @, = 64,800 + 2600, Qy= 62,500 
+ 2800 and Qe = 55,400 + 8800, while for aluminum 
of slightly higher purity @,= 56,000 cal per mol was 
found. Astrom, ~~ observing the calorimetric release 
of energy from aluminum compressed at room tem- 
perature obtained a value of Q,. = 58,000 cal per 
mol. 

Metallographic examination at X100 of a series of 
specimens at various stages of recovery was made 
in order to reveal the microstructural changes that 
attend recovery. An electrochemical etch, similar 
to those used by Sperry’* and Hone and Pearson,*™* 
was applied which revealed both grain boundaries 
and substructure within the grain upon illumination 
with polarized light. All tests were started with the 
“annealed material whose structure is shown in Fig. 
4. Primary recrystallization is complete, and the 


Fig. 6—Annealed 
for 60 min at 
686°K. Strained 
5.5 pet at 573°K. 
Recovered for 
140 min at 611°K. 
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grains are nearly free of substructure. Creeping of 
this annealed material to 5.5 pct strain at 573°K 
resulted in the structure shown in Fig. 5. Shading 
across the grains indicates bending of the crystal 
planes, equivalent to a diffuse array of dislocations. 
Strained material which has received a recovery 
anneal of 140 min at 611°K is shown in Fig. 6. Dis- 
tinct subboundaries are apparent, resulting from 
the coalescence of dislocations into walls. 

The metallographic studies and the observation on 
the activation energy for recovery permit a ration- 
alization of the recovery mechanism. The first step 
in recovery appears to be the formation of subgrain 
boundaries resulting from the rearrangement and 
climb of dislocations. Following climb the disloca- 
tion walls migrate as a result of surface tension ef- 
fects. Relatively perfect subgrains devoid of excess 
dislocations are left in the trail of migrating disloca- 
tion walls because the dislocation walls are neces- 
sarily pulled in the direction where the dislocation 
densities are greatest. It appears to be this process 
that has an activation energy of about 64,000 cal per 
mol. Furthermore the value of, n, defined by Eq. [2], 
can now be visualized as the fraction of the volume 
of the specimen swept out by dislocation walls and 
thus substantially restored to its annealed condition, 
and 1 - » represents the fraction of the volume which 
yet substantially retains the substructure produced 
as a result of creep. 

If the barriers to glide of the dislocations were 
merely piled-up arrays of dislocations, the activa- 
tion energy for recovery should have been that for 
climb, namely about 35,500 cal per mol. Since the 
actual activation energy for recovery of the barriers 
to creep was 64,000 cal per mol, the effective bar- 
riers must be much more Stable. In fcc metals, such 
barriers could be Cottrell-Lomer dislocations. 
Elimination of these barriers during migration of 
subboundary walls appears to be the rate controlling 
process for the recovery studied here. 


During secondary creep, the rate of recovery of 
the substructure equals the rate at which it is 
formed. The rate of creep, however, is dictated not 
by the rate of recovery discussed here but by the 
climb of dislocations around the steady-state pat- 
tern of barriers. Consequently, it is completely con- 
sistent to have an activation energy of 64,000 cal per 
mol for the recovery of barriers in the absence of a 
stress and an activation energy of 35,500 cal per mol 
for secondary creep. 


CONCLUSIONS 


1) The creep resistance of aluminum in the dis- 
location climb region of temperatures is reduced 
by recovery under substantially zero stress. 

2) The rate controlling process for recovery has 
an activation energy of about 64,000 cal per mol 
revealing that thermal recovery occurs principally 
by a much more difficult process than climb of dis- 
locations. 

3) The activation energy for thermal recovery 
agrees fairly well with previously reported values 
of activation energies for recrystallization and grain 
growth. 

4) Metallographic examination reveals coalescence 
of dislocations into subgrain boundaries which then 
migrate through the grains. It is believed that the 
recovery rate is primarly dictated by this migration 
process, 
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TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


The Interface Temperature of Two Media 


in Poor Thermal Contact 


The transient one-dimensional heat-conduction equation is 
solved for two semi-infinite media, at different initial tempera- 


tures, brought into (poor) thermal contact. 


It ts shown that the 


two interface temperatures gradually approach the well-known, 
instantaneously assumed, common interface temperature of the 


case of zero contact resistance. The present analysis, with 
slight modifications, may be used in fair approximation also for 
the class of problems involving a change of phase. 


One particular application of the boundary value 
problem solved in this paper concerns the determin- 
ation of the temperature distribution in metal cast- 
ings and molds.! This problem has been treated 


_tFor notation see Appendix Il. Unless stated otherwise, the units in 
this paper are lb, ft, hr, °F. : 


extensively by analytical methods (see e. g., the 
literature listed in Refs. 1 to 4) by electrical analogs 
(see €.g., Refs. 11 to 14) and also by experimental 
methods (see the literature listed in Refs. 4, 5), but 
prior tothe work of Pellini and Ruddle the experi- 
mental results were rather unreliable. Immediate — 
motivation for the work described in this paper was 
to better understand the results of Pellini,° which are 
typified by the curves of Fig. 1. 

Pellini cast 20-in. high, 7-in. sq steel ingots into 
cast-iron molds of various thicknesses. He meas- 
ured the temperatures at mid-height, at a number of 
stations in the casting and the mold, and obtained the 
cooling curves shown in Fig. 1. The most conspicu- 
ous thing about Fig. 1 is the large temperature dis- 
continuity at the interface between casting and mold, 
due presumably to the shrinking away of the casting 
from the wall and the attendant creation of an airgap, 
as the casting cools. Such a contact resistance slows 
down the anticipated freezing rate; an analytical pre- 


diction of this is of much interest in foundry practice. 


The determination of the effect of contact resist- 
ance in the presence of a change of phase will be 
dealt with, by an approximate method, in a separate 
~ paper.® In the present paper the much simpler prob- 
lem is considered in which there is contact resist- 
ance but no change of phase. This problem frequently 
arises in the analysis of aircraft structures. It can 


tSee Barber-Weiner-Boley,° and the reference cited therein. 


be solved rigorously, provided certain simplifying 
assumptions are made. We shall solve it on the basis 
of the following assumptions: one-dimensional, con- 
ductive temperature equalization takes place in the 
two contacting media; each medium is of uniform 
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initial temperature, and may be regarded as semi- 
infinite. We suppose the thermal properties in the 
two media to be time, temperature, and space inde- 
pendent; there are no sources or sinks within the 
media. 

In Fig. 2(@) we illustrate, schematically, the case 
of no contact resistance. The semi-infinite media 
and ‘‘2>’ initially at temperatures ¥ (— ~) and 
3(+ ©), respectively, are brought into contact at time 
t =0. A common interface temperature ¥); = 32; = 
is instantaneously established, and thereafter re- 
mains constant. Temperature curves are drawn for 
three instants of time. When there is contact resist- 
ance between the two media, the temperature equali- 
zation occurs as sketched in Fig. 2(0). Fig. 2(c) il- 
lustrates a temperature curve, using the dimension- 
less notation 


x =X/X, Vf) W = Co 


Barber-Weiner-Boley® have stated the equations 
[23a, b] given below, which govern the heat transfer 
in the two media, and solved them for a rather com- 
plicated special case. In their example both media 
*‘0”’ and ‘‘2”’ are finite, are insulated at their far 
ends, and there is steady heat input into medium 2. 
In Eq. [27] we give the general solution of the most 
important special case, where the two media are 
semi-infinite and there are no sources or sinks. In 
this case the results may be stated in simple closed 
form. 

In Fig. 3, to be discussed in the next section, we 
illustrate the variation of the interface temperature 
when steel at 2760° is brought into contact with iron 
at 100°. This example, if we disregard the effect of 
the heat of fusion, is comparable to Pellini’s experi- 
mental results, Fig. 1. (Unfortunately, however, 
experimental determination of the interface tempera- 
tures was difficult to carry out, and hence Fig. 1 is 
not very accurate near the interface.) In Figs. 4 and 
5 of the following section, we similarly compare 
Pellini’s sandcasting tests with analytical results 
for the case where steel at 2760° is brought into 
contact with sand at 100°. It will be pointed out that, 
insofar as the interface temperatures are concerned, 
heat of fusion has a minor effect, and so the present 
approximation, with small modifications, may be 


[1] 
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Fig. 1—Experimental cooling curves of Pellini for a 20-in. high 7-in. sq steel ingot poured into cast-iron molds of various 
thicknesses. (Temperatures are measured at midheight of casting.) 


adopted to the treatment of casting problems. 

In Appendix I we derive the formulas [27] for tem- 
perature distribution in media ‘‘0’’ and ‘‘2’’ and 
formulas [28] for the interface temperatures. 

In the light of the assumptions made in the analy- 
sis one should point out that the semi-infinite slab 
representation for a sand mold is appropriate for a 
significant portion of the freezing process, for the 
melt for an intermediate portion, for a metal mold 
only for the early portion. Thus, what the paper 
really furnishes is an elucidation of the nature of the 
contact drop during the early phases of a cooling 
process. The assumption of mean thermal proper- 
ties, which stay constant throughout the process, is 
a less severe restriction. If one strives for closed 
analytical expressions which give a bird’s eye view 
of the entire process, than the foregoing restrictive 
assumptions are unavoidable. If the distortions of 
the results by these approximations cannot be tole- 
rated, then use should be made of analog or numeri- 
cal integration 4 


THE CONTACT DROP AT THE INTERFACE OF 
STEEL CASTING AND IRON MOLD 


assume, as nearly as feasible, the same material 
property constants that he used. The assumed data 
are: f 


TIn Ref. 2, treating the case of no contact resistance, we disting- 
uished between properties of liquid metal and frozen metal; here we 
use averaged values. Correspondingly, our calculated results [10], 
[13b] are slightly different from those given in Ref. 2. 


Steel (medium ‘‘2’’) c= 0,18 
y = 460 
14 
kK = 0.169 
26 
Cast Iron (medium ‘‘0’’) k= 25 
K = 0.362 
For reference length we use 
X=1 [3a] 


and for reference temperature we use the fusion 
temperature (the solidus temperature) of steel, 


df = 2580 [3b] 
(Nevertheless we shall ignore, in most of our analy- 


sis, the release of latent heat, at ¥f.) Furthermore 
we take 


In order to provide a basis for comparison with Initial temperature of steel: o° = 2760° [3c] 
Pellini’s experimental results, Fig. 1, we shall Initial temperature of mold: 3, = 100° 
00) 
) = Fig. 2—Temperature distribution (sche- 
matic) near the interface of two semi- 
/ infinite media ‘‘0’’ and ‘‘2’’ (a) in the 
Soi Wi absence, ()) in the presence of contact 
2 qv wa resistance, at three successive times. 
3 u -- | Diagram (c) illustrates the dimensionless 
5. notation adopted in this paper. The sym- 
MEDIUM © ol 2) Uj bols # and a@ denote the ultimate common 
| temperature which the two media reach 
4 (at infinite time). This temperature is as- 
0 NG U sumed at the interface, in the absence of 
JS Ji Np x contact resistance, instantaneously. 
(-00) (-00) Um 
(a) (b) (c) 
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DISTANCE FROM INTERFACE — INCHES 


Fig. 3—The variation of interface tem- 2760°—— + — .0725 


peratures with time for two semi-infinite 258070 


media in contact, which have originally 
the temperature 100 and 2760 deg, re- 


/Ug 


spectively, and have the properties cor- 
responding to Pellini’s tests, Fig. 1. The 


calculations are based on a heat transfer 
coefficient of 4 = 280 Btu per sq ft hr °F 


at the interface; release of latent heat is 


WITH FREEZING  -438 | 1495° 


ignored. Asymptotes indicate the ultimate 


WITHOUT FREEZING —-—.5I7 


equalization temperature reached, both for 
the case treated (no latent heat released), 


as well as for the case when there is latent 
heat release. 8t= 1 corresponds to ¢ = 


0.268 min. ° 


— Uj 


: Then the dimensionless initial temperatures are 
w” = 0.18 (2760— 2580)/126 = 0.257 


Us = 0.18 (100 — 2580)/126 =— 3.543 [4a, b] 
and the dimensionless time parameter is 
T = Kgt/X* = 0.169t [4c] 


For contact conductance we select the value 
h = 280 [5] 


which is intermediate to the value of 550 suggested 
by McAdams,’ p. 18, for lubricated rough surfaces 
with small contact pressure (20 psi), and the small 
value of about 100 (due probably to airgap forma- 
tion) which one gets from Pellini’s figure. E 

On the basis of [2] one finds for the pertinent di- 
mensionless parameters the values 


Q = Ko/K2 = 2.143 

n = Ro/kz Va = 1.220 

vy = hX/k, = 20 [6] 
B= v*(1 + = 1325 


The variation with 7, of —u;/u. and —w;/u. cal- 
culated from [28], as these would appear as if no 
freezing took place, is shown in Fig. 3. 

Plotting the dimensionless temperatures —u;/Us, 
—w;/u, merely means: we regard the fusion tem- 
perature f= 2580° as reference zero, the interval 
100° to 2580° as unity. Plotting vs 67 means: we use 
a time scale £7 such that (see [4c]) 


Br =1 corresponds to ¢t = 1/0.1698 = 0.00446 hr 
= 0.268 min [7] 
As T+ ~~, u; and w; tend to their common limiting 


value, Eq. [32c], 

WwW? 
= = — 1.831 8 
3.543 + 1.712 8 [8a] 
and thus 
as T + ©: —U;/W,, —W;/W, — 0.517 [8b] 


However, this limit is being approached exceedingly 
slowly. At fT = 100,7.e., close to half an hour after 
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01 Br 100 


contact has been made, the temperature gap at the 
interface is still 


3o4 — 3; = 0.06 X 2580 = 155° [9] 


Besides drawing in the asymptote —#/u,, = — 0.517, 
we also drew an asymptote 


— =—1.55/3.54 = — 0.438 [10] 


This limiting value is approached when the release 
of heat of fusion, 4 = 126 Btu per lb, is also ac- 
counted for. It is, naturally, the same as the in- 
stantaneous common interface value for the case 

v = © (expressed on the —u,, = 1 scale) which may 
be determined in accordance with Ref. 2, by reading 
a nomogram and substituting into a formula. 

The calculation of the complete —w;(T)/uo, —U;(T)/Uo 
curves, when heat of fusion is released is consider- 
ably more difficult. An approximate method for doing 
this is described in Ref. 8. What happens is, essenti- 
ally, this. Up to the time at which w;(T) passes 


through zero (the casting reaches the freezing tem- 


perature) the curves of Fig. 3 hold unchanged. At 
time T* release of latent heat begins. Accordingly, 
there will be a break in the slopes of the —w;/u, and 
—u;/u. curves, so that past T*, the former will drop 
somewhat more slowly, and the latter will rise 
somewhat faster than the curves of Fig. 3 indicate. 
(The casting retains part of the latent heat, the mold 
absorbs the rest.) Eventually, for T ~ ~, the two 
curves approach the asymptote —0.438. The value 7* 
is determined by solving Eq. [36], 


1+1/n 1,820 
= T—u,/w® ~ 14.78 


From Fig. 6 one finds 


VBT* = 0.121 [12a] 
= 0.0000111, ¢*= 0.236 sec [12b] 


This is a totally insignificant time interval. We may 
therefore regard the freezing as starting instantane- 
ously. We also note the mold interface temperature 

at the instant freezing begins: 
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Fig. 4— Experimental cooling curves of Pellini for a 20-in. high, 7-in. sq steel ingot poured into sand molds of various 
thicknesses. (Temperatures are measured at midheight of casting.) 


U* = = — 3.543 + 0.257/1.220 = — 3.33 


* = + U*A/C = 240° 


In conclusion it may be pointed out that in the ab- 
sence of contact resistance the freezing front f(T) 
travels as 


F/X = f(T) = 2wvT [13a] 
w = 0.641 [13b] 


The same calculation, in Ref. 2, which leads to [10], 
also furnishes the value [13b]. When the contact re- 
sistance is taken into account then the travel is, as 
shown in Ref. 8, of the form, 


f(T) = 2wVT + Plt)/v = T*) 
14 
= 0 
2760 
2580-0 /Uq WITH FREEZING -.0178-7—- 95,350 
WITHOUT FREEZING ~.0616 2425° 
pace 
—-10 
001 Ol 100 


Fig. 5—The variation of interface temperatures with time 
for two semi-infinite media in contact, which have originally 
the temperatures 100 and 2760 deg respectively, and have 
the properties corresponding to Pellini’s tests, Fig. 4. The 
calculations are based on a heat transfer coefficient of 

h ‘= 280 Btu per sq ft hr °F at the interface; release of 
latent heat is ignored. Asymptotes indicate the ultimate 
equalization temperature reached, both for the case 
treated (no latent heat released), as well as for the case 
when there is latent heat release. Br = 1 corresponds to 
t= 0.0139 min. 
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where p(T) is a function which tends to zero as 


tThe problem of freezing in a mold when there is contact resistance 
but no superheat is considered by Adams.” 


THE CONTACT DROP AT THE INTERFACE OF 
STEEL CASTING AND SAND MOLD 


In Fig. 4 we show Pellini’s sandcasting experi- 
ments. Whereas in the case of the iron mold the as- 
sumption that the mold may be regarded as semi- 
infinite in extent required a stretch of the imagina- 
tion, in the case of a thick sand mold this approxi- 
mation is an excellent one for most of the freezing 
process. We retain the assumed constants [2a], [3], 
[4], [5]; for sand property values we choose 


sand: k = 0.90 [15] 
K = 0.0342 

Then we find as before 
a = 0.202, n= 0.143, v= 20, B= 25,600 [16] 
&@=—0.218, —-@/u, = -0.0615 [17] 
and 
t= 1 corresponds to t = 1/0.169 B = 0.000231 hr 

= 0.0139 min [18] 


At 67 = 100, z.e., after about 1.4 min, the interface 
gap is about 160 deg. Thus the interface gap closes 
up about 20 times faster than in the case of the iron 
mold. The reason for this is, of course, that sand is 
a poor conductor of heat, not much better than the 
airgap which separates it from the casting. 

The variation with 7, of —u;/u. and —w;/uo cal- 
culated from [28], as these would appear as if no 
freezing took place, is shown in Fig. 5. 

Besides drawing in the asymptote —0.0615 we have 
drawn also the asymptote —0.0178 corresponding to 
the case where latent heat release during freezing is 
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also taken into account. Latent heat release begins 
at a time when w; passes through zero; one finds that 


G {VBT*} = 7.97/14.77 = 0.541 [19a] 
VBT* = 0.892, T*= 0.0000311 
¢*= 0.000184 hr = 0.662 sec [19b] 


u*=—1.744, = 1360° 


Although the break in the slope at T*, and the upward 
shift of the interface temperature curves are quite 
similar to those for the iron mold, these are of 
greater portent in the present case, since the ulti- 


mate interface temperature, 2535°, is very close to _ 


the fusion temperature. Correspondingly, the freez- 
ing front will travel very slowly. One finds that 


f (1) = 2wvVT + p(t)/v 


(T 2 T*) 

F(T*) = 0, [20] 
p(T) 

ACKNOWLEDGMENT 


The authors are indebted to Miss Elizabeth J. 
Miller for help with the numerical calculations. 


APPENDIX I. ANALYSIS 


The temperature variation in the two media, 0 and 
2, Fig. 2 is governed by the equations 


= Ko (X <0) 

[21] 
= (0< X) 
subject to the boundary conditions 
at X = 0: = =h (32-9) [22a,b] 
at X =—; X=+ 0: = 3(+ ~, 0) 

[22c, d] 
and to the initial conditions 
at t=0: = 0), = 0) [22e, f] 


Non-dimensionalizing, the problem reduces to 


“= au", w=w" [23a] 
x=0: nVau'=w'=v(w—u) [23b] 
= Fw: U(—%, W(+%, T) = [23c] 
0: w(x, 0)=t [23d] 
Introducing the Laplace Transform of w and u: 

the Eqs. [23] transform into 

nVa (0) = w'(0) = v — 4(0)] [25] 


u(— ©) = /P, = 
which have the solution 
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np[1+1/n+Vp/v] 
[26] 


Noting Ref. 10, transform 14, p. 246, we obtain at 
once the inverse transforms 


w(x, =wm? — ferro pr x 


Setting x = 0 we obtain the interface temperature 
expressions 


erfc [27] 


1 
28 
where 
G(z) = 1-e” erfcz [30a] 
4 2 2 1 
1-5 2°+ + 2° +...), 
: [30D] 


The function G(z) is plotted in Fig. 6; 1—G is tabu- 


‘lated in Ref. 1. In particular, when v #~—, 


= Uo, wz(0) = 


[31] 
For the limiting case of no contact resistance 

(v =) the formulas [27], [28] reduce tot 
tInstead of evaluating the indeterminate forms [27] for v = «0 by 


l’Hospital’s rule it is simpler to calculate this case directly. See Ref. 2, 
Eq. [18]. 


x 
+ (u—u, )er 


(w*- 4) erf [32] 
W” — 


156.5 a common interface temperature U is instantane- 
ously obtained. For all other cases u; (7) rises from 
Uo, W;(T) sinks from toward this same common 
limiting value [32c] only asymptotically: 
= = [33] 
This is seen from [28], and also from Figs. 3 and 5. 

It is of interest to calculate the heat lost by 


medium 2, and the heat gained by medium 0 in the 
time interval 0 toT: 
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W? — Uy _ eV B/4 x+ Br x 


0 34a,b 
U = (u-uw) de = Va W/n 


In dimensional form [34b] states that 
0 
%Co { —%~)dX = (8° %2)dX [34c] 
—o 0 


z.é., the heat lost by medium 2 equals the heat gained 
by medium 0. 

In the foregoing analysis it is immaterial what 
particular temperature one adopts for the reference 
temperature ¥f. Frequently the use of ¥ as refer- 
ence zero is the most convenient. But when a change 
of phase occurs in the system during temperature 
equalization, then the use of the fusion temperature 
df as reference is much preferred, as this greatly 
simplifies the various expressions. Let us now 
therefore specifically prescribe this convention, and 
assume that medium 2 begins to freeze at time 7*, 
i.é., that w;(T) passes through zero at a finite time 
7T*, The criterion for this is, see [32c], 


Then, by [28], 7 * is obtained as the solution of the 
equation 


G {vara} = [36} 


rR 


x 


t) 
%oi(t), 


= density, lb per cu ft 

= specific heat, Btu/lb °F 

= heat of fusion, Btu/lb 

= conductivity, Btu/ft hr °F 

= k/yc = thermal diffusivity, ft?/hr 


= heat transfer coefficient at interface 
of two media, Btu per sq ft hr °F 


= time, hr 

= longitudinal coordinate, ft 

= reference length 

= temperature, °F 

= interface temperatures of media 0, 2 


df = fusion temperature 


F(t) 


= position of freezing front 


Dimensionless Quantities 


Xx 
f(T) 


= X/X = coordinate 
= F/X= position of freezing front 
= x,t/X* = time 


= C2(vo- Sf W df) /r2 
temperature in media 0, 2 


tIn many applications the use of the ambient temperature is preferred 
to the use of the fusion temperature as reference temperature. For our 
later purposes the present definition is more advantageous. In the pres- 
ent paper we deal with two contacting media which we label as 0 and 2. 
In Ref. 8 we shall consider also a third medium ‘‘1,’’ separating ‘‘0’’ 


and 

This equation can be solved with the aid of Fig. 6. a ay see 
Inserting [36] into [28a] we obtain the mold interface’ wm 
temperature at the instant freezing starts: peratures in 0, 2 
U* = Un + W?/n [37] u;(T) = u(0,T), w;(T) = w(0,T) = interface tem- 

peratures 

APPENDIX II. NOTATION = hX/kz = Nusselt number 

Dimensional Quantities = Ko/K2 = relative ‘‘thermal diffusivity’ 
pners otherwise stated otherwise, the units in this paper are lb, ft, a= (Ro Yo Co/Re Y2Ce2 ye =relative ‘‘heat dif- 

hr, °F fusivity”’ 

1,0 5 50 100 

<q VY 
Y 

= G Fig. 6—The function G(z) = 1 - erfez. 

yA | 

702, 05 5 1,0 
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t 

xX 


U= heat content of medium 0, using uw, as 


reference zero, see [34] 
W= heat content of medium 2, using w~ 
as reference zero, see [34] 


Subscripts 
0,2 = pertaining to media, 0, 2, e.g., ¥,(X,t) 
zt = value at interface x =0 (or X=0) 
= pertaining tot XN =— 0 


value of u(x,T) at x =—0o: must be distinguished from the 


value of u; (7) = u(0,T) at T = 00: uj(0) = 


f = value corresponding to fusion tem- 
perature 


Superscripts 


= T derivative 
= x derivative 
o =atxv=+0 
— =gsee X above 
~,* = see below 


Abbreviations 


3,4 = common value of %o;,3,; and of u;, 
w;, for the case h=~ 


¢*,7*= time at which freezing begins (.e., at 
which ¥,;(t) = 3¢; w;(T) = 0) 


Fo; (t*) 
= 1/n)* 


erf cz, see [29] 
G(z), see [30] 
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Dihedral Angle Measurement 


The median angle of relatively few two-dimensional observa- 


tions provides a satisfactory value for dihedral angle determina- 
tions. Those data that contain bimodal or non-equilibriated dihe- 
dral angle distributions are readily detected. 


Tus paper is concerned with a statistical simpli- 
fication for determining dihedral angles in solids. 
Microstructures are partially controlled by re- 
lative energies of interphase boundaries and grain 
boundaries. Smith’ has shown rather conclusively 
that such boundaries may be equilibrated to give a 
vectorial balance at grain and phase edges. Thus 
if an accurate measurement is made of the dihedral 
angle associated with grain and phase edges, an ac- 
curate calculation of the relative energies may al- 
so be made. The accurate measurement is difficult 
because the dihedral angle involves two planes in 
three dimensions, and only a two-dimensional cut 
through the dihedral angle is usually observed. 
Such a two-dimensional cut is statistically random 
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provided there is no preselection or orientation. 

Harker and Parker’ have shown that the mode of 
the frequency distribution of observed angles is 
within 5 deg of the true angle if the true dihedral 
angle is 120 deg. Smith’ had calculations made to 
show that the same generalization could apply to 
dihedral angles of 30, 60, 90, and 150 deg. This 
procedure of requiring the determination of the 
statistical mode is time consuming because exper- 
ience has shown that more than 200 angle obser- 
vations are necessary before the mode is clearly 
indicated. It is possible to determine the dihedral 
angle with equal accuracy with only 25 angle obser- 
vations if the median angle is used in place of the 
mode angle. 

Use is made of Harker and Parker’s” basic equa- 
tion 


2 si 
sin y cos 


sin? 6 (cos 2 @- cos xy) + 2 cos x 
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100 T T 10 
TRUE DIHEDRAL “ANGLE 
q | 3 757% 90% 12071357 | 
=) 
=) 


% SOF 45-60-75) 902 20 135 150 165 180 


OBSERVED ANGLE- DEGREES 


Fig. 1—Cumulative distributions of the observed angles, 
Oop» for various true angles, @7,. 


where X is the true dihedral angle, is the obser- 
ved angle, and ¢ and @ are solid polar coordinates. 
From this relationship, cumulative distribution plots 
may be calculated for the probability of observing 
angles less than a specified value for selected true 
dihedral angles, Fig. 1. Fig. 2(a) plots the percent 
probability of seeing angles ranging from zero to the 
true angle in a randomly selected two dimensional 
cut. Fig. 2(b) shows the difference between the true 
dihedral angle and the true median angle. This dif- 
ference has a maximum of 1 deg which is less than 
the 5 deg variation previously allowed for mode 
measurements. 

The number of readings required to attain a de- 
sired accuracy varies with the true dihedral angle 
as shown in Fig. 3. These data are obtained by de- 


o 
© 
+12 
25h 9 READINGS 25 READINGS 410 
© 24 4+ 
t3r 100 READINGS 
424 
oO E 2 2 
O 30 45 60 75 90 105 120 135 Ibo * 


MEDIAN ANGLE— DEGREES 
Fig. 3—Statistical accuracy of random angle measurements. 


CUMULATIVE PERCENT 


150 165 BO 


60" 75-90-05 120" 185 
OBSERVED ANGLE- DEGREES 

Fig. 4—Bimodal distribution. Data with more than one true 

angle do not have the distribution of Fig. 1. 

Distributions of Fig. 1. 

+ Equal numbers of 60 and 120 deg true 


angles, 
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(A) 
70 
+4 
(A) 
® 601 jo 
--- 
105 120 135 160 165 
40+ 
44 


TRUE DIHEDRAL ANGLE - DEGREES 


Fig. 2—Curve (A)—Read left. Probability of observed 
angles, Ooh = true angle, @T;, vs true angles. Curve 
(B)—Read right. True angle, 67,, minus median angle, 
Vs true angle. 


termining graphically from Fig. 1 the standard de- 
viation of the individual observations, @,, and utiliz- 
ing the relationship 


1.253 0, = 1.253 o,/VN 

where oOygq is the standard deviation of the median, 
o, is the standard deviation of the mean and N is the 
number of readings. Thus twenty-five angle observa- 
tions assure an accuracy of +5 deg in 96 pct of the 
cases if the true dihedral angle is 30 deg or less, 
and +5 deg in 68 pct of the cases for 90 deg angles. 
Other accuracies for greater or fewer observations 
may be determined for Fig. 3. 

An attempt to determine the angle with greater 
accuracy than that which is provided with twenty- 
five readings is seldom justified for two reasons: 

1) an individual’s reproducibility in the reading of 
any one angle may vary from +1 to +5 deg; 2) di- 
hedral angles of one type within a sample may have 
a variance. This variance may arise from the lack 
of geometric equilibrium, or it may arise from ori- 
entation factors. Fortunately, it is possible to de- 
tect the presence of these variances. Fig. 4 shows 


100; T T T T T T 
x 
x 
uJ 
oO o/ 
vf 
x 
9x 
/ 
2 
2 x 9” 
O 
x 


4 1 1 1 n 1 1 1 1 
30 45 60 75 90 105 120 135 I65 180 
OBSERVED ANGLE-DEGREES 
Fig. 5—Statistical distribution of observed dihedral angles. 
The cumulative distribution matches the calculated distri- 
bution only when the true angle is unique. Data are for 


dihedral angles of silica saturated iron oxide liquid at tri- 
dymite grain boundaries.3 


© Observed data (70 hr - 1200°C). 

Equilibrated - Median 57 deg. 

Calculated distribution for a true angle of 57 

deg. 

X Observed data (2 hr - 1200°C). Not equili- 
brated. 
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the cumulative distribution of two-dimensional an- 
gles in cuts through a solid which contains equal 
numbers of 60- and 120-deg dihedral angles. Al- 
though the indicated median is 90 deg, it is apparent 
that the distribution is not that for the 90-deg angle. 
Fig. 5 shows readings for observed dihedral angles 
formed by a FeO-SiOz liquid at tridymite (SiOz) grain 
boundaries.° Initially the angles were governed by 
the euhedral outlines of idiomorphic grains so that 
several crystal angles existed. Subsequently a true 
dihedral angle was developed. 

This note has pointed out two facts: 1) Relatively 


few two-dimensional observations of dihedral angles 
need to be taken to determine a satisfactory value 
from the statistical median. 2) Nonequilibrated or 
bimodal samples may be detected relatively easily 
because of their nonrandom distribution on a cumu- 
lative distribution plot. 


REFERENCES 


1C.S. Smith: Grains, Phases, and Interfaces: An Interpretation of Microstruc- 
ture, AIME Trans., 1948, vol. 175, pp. 15-51. 

2D. Harker and E. Parker: Grain Shape and Grain Growth, Trans. ASM, 1945, 
vol. 34, pp. 156-195. 

SL. H. Van Vlack: The Microstructure of Silica in the Presence of Iron Oxide, 
J. Amer. Cer. Soc., 1960, vol. 43, pp. 140-145. : 


Some High-Temperature Properties of 


Copper-Zirconium and Copper-Chromium 


High-Conductivity Alloys 


This paper presents some high-temperature properties of 


copper-zirconium conductor alloy compared to copper-chromium 


Matti J. Saarivirta 


alloy. Definite superiority of the copper-zirconium alloy over 


the copper-chromium alloy at high temperatures is shown. 


copper-zirconium alloy possesses good room-tem- 
perature strength, ductility, and conductivity and 
maintains most of its strength at temperatures up to 
450°C (840°F). As a result, this alloy is now used 


for many applications, such as commutator segments, 


resistant welding wheels and tips, rectifier bases, 
electrical contacts, and so forth. 

Early investigations’~* have shown that the maxi- 
mum solid solubility of zirconium in copper is close 
to 0.15 pct and the alloy containing Cu-0.10-0.15 pct 
Zr exhibits the optimum mechanical and physical 
properties. Results” have also shown that the alloy 
has better elevated temperature strength and ductil- 
ity than copper-chromium and copper-silver alloys. 

The present investigation was undertaken to learn 
more about the elevated temperature properties of 
copper-zirconium alloy and to compare these prop- 
erties with those of the copper-chromium alloy. 


WORK PROCEDURE 


The commercial copper-zirconium alloy, Amzirc 
®,was selected for this investigation. Because this 
alloy is composed of oxygen-free high-conductivity 


copper and 0.10-0.15 pct Zr, it was believed that pos- 


sible disturbance from impurities would thus be 
negligible. 
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Copper-chromium alloys used in this investigation 
contained 0.40 and 0.70 pct Cr and balance copper. 
The Cu-0.40 pct Cr alloy was a commercial brand, 
whereas the Cu-0.70 pct Cr alloy was made from 
OFHC ® copper and Cu-5 pct Cr master alloy. It was 
made ina graphite crucible under argon gas cover 
and cast. 

In the preparation of specimens, all three alloys 
were treated to give the optimum properties; thus the 
Cu-0.15 pet Zr alloy was solution annealed at differ- 
ent temperatures to determine the desirable solution 
annealing temperature. It was then cold worked and 
aged at 375° to 400°C (705° to 750° F). A solution an- 
nealing temperature of 1000°C (1830°F) was selected 
for the copper-chromium alloys because this tem- 
perature is widely used in commercial practice. The 
same alloy was aged at 450°C (840°F) after solution 
annealing and cold working. It was found that the 
maximum precipitation hardening of the copper- 
chromium alloy occurred at this temperature. When 
aged after solution annealing, the aging temperature 
was 500°C (930°F) for both alloys. 

The following properties were determined: 

1) Tensile properties as a function of temperature. 

2) Effect of solution annealing temperature on 
high-temperature tensile properties. 

3) Stress to rupture strength at 350° and 400°C 
(660° to 750° F). 

4) Impact strength. 

5) Electrical conductivity and resistivity as func- 
tion of temperature. 

6) Thermal expansion. 
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Fig. 1—High-temperature tensile strength of Cu-0.15 pct Zr 
and Cu-0.70 pct Cr alloys. 


Tensile properties, including ultimate tensile 
strength, yield strength, modulus of elasticity and 
ductility were determined on standard 0.250 in. diam 
rod specimens. The specimens were tested with 
0.020 in. per min cross-head speed after holding 1 hr 
at the temperature. 

The specimens which were solution annealed, cold 
worked 84 and 54 pct, and aged at 375°C (705°F) and 
400°C (750°F), respectively, were subjected to ten- 
Sile as well as stress to rupture tests. Some tensile 
tests were also made on the solution annealed and 
aged material. 

Impact strength was determined on the specimens 
which were solution annealed, cold worked to give 
69 pct reduction in area and then aged. Subsized 


Fig. 3—Appearance 
of the fracture after 
tensile testing at 
400°C (750°F). Spec- 
imen on the left is 
Cu-0.15 pet Zr and 
on the right Cu- 
0.70 pet Cr alloy. 
X2. Reduced ap- 
proximately 33 pct 
for reproduction. 
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Fig. 2—High-temperature ductility of Cu-0.15 pet Zr and 
Cu-0.70 pet Cr alloys. 


specimens were uSed, 7. é., 3/4 of the standard 
sharpy-keyhole specimen. 

Electrical conductivity and resistivity properties 
were determined at increasing temperatures from 
20° to approximately 550°C (68° to 1020°F). This was 
done on the 84 pct cold-worked and aged 0.056-in.- 
diam wire specimens. Copper-0.15 pct Zr and 
copper-0.70 pct Cr alloys were tested simultaneously 
and compared with annealed OFHC ®) copper wire. 

Thermal expansion was obtained by the Leitz HTV- 
dilatometer using Chronin standard 50-mm speci- 
mens. Specimens representing two conditions were 
tested; one was solution annealed and aged at 500°C 
(930°F) for 1 hr, and the other was cold worked 84 
pct and aged at 400°C (750°F) for 1 hr. 


RESULTS AND DISCUSSION 


1) Tensile Properties as a Function of Tempera- 
ture— The short-time high-temperature tensile 
properties of Cu-0.15 pet Zr and Cu-0.70 pet Cr 
alloys were determined at temperatures up to 600°C 
(1110°F). The results of these tests are shown in 
Figs. 1 and 2. 

The curves in Fig. 1 show that at temperatures up 
to 500°C (930°F) the strength of 84 pct cold- worked 
copper-chromium alloy is lower than similarly 
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Table I. Effect of Solution Annealing Temperature on High- 
Temperature Tensile Properties of Cu-0.15 pet Zr Alloy 


Material cold worked after solution annealing 
and then aged at 400°C (750°F) for 1 hr 


Solution 
Annealing Testing Tensile Yield Strength, Elonga- 
Temperature, Temperature, Strength, 0.2 Pct Offset, tion, Pct 
c °C Psi Psi in 1 In. 
800* 350 41,300 39,800 18.0 
450 32,700 28,700 22.0 
500 24,800 19,600 28.0 
875* 350 44,500 41,500 20.0 
450 36,700 31,600 28.0 
500 31,000 26,900 25.0 
950* 350 45,400 41,000 210 
450 38,400 34,400 21.0 
500 31,100 26,700 25.0 
900** 350 56,000 46,000 16.0 
400 53,000 44,000 18.0 
450 46,000 - 17.0 


*Cold worked 54 pct. 
**Cold worked 84 pct. 


worked copper-zirconium alloy and about equal to 
that of the 54 pct cold- worked copper-zirconium al- 
“loy. Above this temperature, the strength of copper- 
chromium alloy is lower than that of copper-zir- 
conium alloy regardless of the previous amount of 
cold work. 

In addition to having higher strength, copper-zir- 
conium alloy is also more ductile than copper-chro- 
mium alloy at elevated temperatures. The curves in 
Fig. 2 and the photograph in Fig. 3 illustrate this dif- 
ference. In Fig. 2, the percent reduction of cross- 
section area data is plotted as a function of tempera- 
ture. The resulting curves show the superiority of 
copper-zirconium alloy. 

In the solution annealed and aged condition, the 
copper-chromium alloy has higher strength than the 
copper-zirconium alloy. Its ductility, however, is 
again very low. This is shown in Table IV. Copper- 
zirconium alloy does not respond to age hardening 
as much as the copper-chromium alloy, therefore, 
in order to obtain higher strength, the copper-zir- 
conium alloy is normally cold worked after solution 
annealing and then aged. 

2) Effect of Solution Annealing Temperature on 
High Temperature Properties—In order to get 0.13 to 
0.15 pet Zr in solid solution, the alloy should be 
heated at 950° to 980°C (1740° to 1795° F) and then 


Table Il. High-Temperature Impact Strength of Cu-0.15 pct Zr 
and Cu-0.70 pet Cr Alloys 


Specimens keld for 1 hr at temperature and then tested 


Cu-0.15 pet Zr Alloy 


Solution Annealed at 
950°C, Cold Worked 69 
pct Reduction in Area 


Cu-0.70 pet Cr Alloy 


Solution Annealed at 
1000°C, Cold Worked 
69 pct Reduction in 


Testing and Aged at 400°C Area and Aged at 450° 
Temperature (750°F) for 1 Hr C (840°F) for 1 Hr 
20°C (68°F) 28.6 ft-lb 22.0 ft-lb 
250°C (480°F) 2150 
400°C (750°F) 27.0 21.0 
500°C (930°F) 225) 16.0 


quenched. However, heating at this high temperature 
had disadvantages, chief of which is the excessive 
grain growth that occurs. Thus, in an attempt to find 
a practical solution annealing temperature which in 
combination with subsequent cold work would develop 
good room-and elevated-temperature properties, 
Several tests were carried out. The results of these 
tests are shown in Table I. 

The data in Table I show that solution annealing at 
875°C (1605°F) and 950°C (1740°F) followed by cold 
working produces properties of equal value. The 
data also show that the elevated temperature strength 
of specimens which had been solution annealed below 
875°C (1605°F) is lower than those annealed at the 
higher temperatures. In view of these data, 900°C 
(1650°F) has been selected as a practical solution 
annealing temperature. Annealing at this tempera- 
ture puts most of the zirconium in solution and does 
not create a serious grain growth problem. 

3) Stress-Rupture Tests—The stress-rupture 
strength of cold-worked and aged copper-zirconium 
and copper-chromium alloys was determined. The 
former was tested at 350°C (660°F) and 400°C 
(750° F) while the latter was tested only at 400°C 
(750°F). Two copper-chromium alloys, one contain- 
ing 0.40 pct Cr and the other 0.70 pct Cr were tested. 
The lower chromium-bearing alloy appeared to be 
more Stable than the other. This is believed to be 
due to the smaller amount of undissolved second 
phase in the former. More consistent results could 
probably be obtained by solution annealing at a higher 
temperature than 1000°C (1830°F) but by doing this, 
objectionable grain growth would occur. 

Fig. 4 shows the stress-rupture test results. 
Again, the copper-zirconium alloy exhibits superior 


60 
@ cu-015% Zr ALLOY-TESTED AT 350°C 
u-070% Cr ALLOY- TESTED AT 400°C 
Fig. 4—Stress to rupture as a function of 
time. Cu-Zr alloy solution annealed at 
950°C (1740° F), cold rolled 84 pet reduc- _| lb 
tion in area and aged at 375°C (705°F) for © 
1 hr. Cu-Cr alloys solution annealed at #40 asl e 
1000°C (1830°F) cold worked 84 pct re- 
duction in area and aged at 450°C (840°F) ln 
for 1 hr. 
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Fig. 5—Electrical conductivity and resistivity as a function 
of temperature. Alloy specimens cold drawn 84 pct and 
aged prior to testing. OFHC ®) copper specimens tested in 
annealed condition. 


strength. As an example, it has a 100-hr life at 400°C 
(750°F) and a stress of about 35,000 psi. The 100-hr 
life of copper-chromium alloy at the same tempera- 
ture is obtained at a stress of only 25,000 psi, a dif- 
ference of 10,000 psi. 

4) Impact Strength—Impact strength of 69 pct cold- 
worked and aged copper-zirconium and copper-chro- 
mium alloys was determined at different tempera- 
tures. The results are shown in Table II. 

The impact strength of copper-zirconium alloy is 
about 30 pct higher than that of copper-chromium at 
room temperature. Although the strength of both 
alloys decreases slightly up to 400°C (750°F) and 


Table Ill. Coefficient of Linear Expansion of Cu-0.15 Pet Zr 
and Cu-0.70 Pct Cr Alloys 


Cu-0.15 Pct Zr Alloy 


Coefficient of Linear Expansion 


Solution Annealed at 950°C Solution Annealed, Cold 
Worked 84 pct and Aged at 


Tempera- (1740°F), Quenched and 
ae Aged at 500°C (930°F) 400°C (750°F) 1 Hr 
Range 1 Hr, Cm/Cm/°C x 107° Cm/Cm/°C x 107 
20—100 16.37 16.27 
20—300 17.78 18.01 
; 20—600 19.46 20.13 


Cu-0.70 pet Cr Alloy 


Solution Annealed, Cold 


Tempera- Solution Annealed at 1000°C 
Worked and Aged at 450°C 


ture (1830°F), Quenched and 


Range Aged at 500°C (930°F) 1 Hr (840°F) 1 Hr 
20-100 16.67 16.27 
20-300 17.97 18.05 
20-600 19.51 20.71 


maintained throughout the temperature range in these 
tests. 

5) Electrical Conductivity and Resistivity as a 
Function of Temperature—Since copper- zirconium 
and copper-chromium alloys are used as electrical 
conductors at elevated temperatures, it is important 
to know the change of resistivity and conductivity with 
temperature. Therefore, these properties were de- 
termined at temperatures up to 550°C (1020°F). For 
comparison purposes, the values of OFHC ® copper 
were also determined. The curves in Fig. 5 show the 
results of these tests. 

The data obtained on’OFHC (®) copper agree closely 
with the work of Northrup.* Thus, it was assumed 
that the procedure used in these tests was accurate. 

The conductivity of all the samples studied drops 
rapidly with increasing temperature. OFHC ®) cop- 
per has the highest conductivity at all the tempera- 
tures, followed by the copper-zirconium alloy, 
whereas the copper-chromium alloy has the lowest 
conductivity. 

6) Coefficient of Linear Expansion—The coefficient 
of linear expansion of the two alloys was determined 
at elevated temperatures. This was done on solution 
annealed and aged as well as cold worked. and aged 
specimens. The results of these series of tests are 
shown in Table III. 

According to these results, there is a tendency for 
cold-worked and aged material to expand slightly 


more noticeably at 500°C (930°F), this difference was more than the solution annealed and aged material, 


Table IV. Some Properties of Cu-0.15 Pct Zr and Cu-0.70 Pct Cr Alloys at 400°C (750°F) 


Cu-0.15 Pct Zr 


Cu-0.70 Pct Cr 


Solution Annealed Cold Worked Cold Worked Solution Annealed Cold Worked 
Property and Aged 54 Pct and Aged 84 Pct and Aged and Aged 84 Pct and Aged 

Ultimate tensile strength, psi 16,000** 45,000 52,000 19,000** 44,000 
Yield strength, psi (0.2 pct offset) 8,000** 39,000 44,000 16,000** 33,000 
Modulus of elasticity, psi - 17.0 x 10° 15,7 * 10° - 15.8 x 10° 
Ductility, pct reduction in cross section >90.0** 85.0 74.0 <10.0** 32.0 
Impact strength, ft-lb = - 27.0* - 21.0* 
Stress rupture strength, psi/100 hr = 30,000 35,000 - = 
Resistivity, wohmcm - 4.69 5.05 
Electrical conductivity, pct IACS = = 37.0 f = 34.0 


*Cold worked 69 pct in area 
**Tested at 500°C (930°F) 
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particularly at the temperatures above 100°C (210°F) 
for both alloys. 


SUMMARY 


Some properties of Cu-0.15 pct Zr and Cu-0.40- 
0.70 pct Cr alloys, such as tensile strength, ductility, 
impact and stress to rupture strengths, electrical 
conductivity, and thermal expansion were studied at 
the temperature range of 20° to 600°C (68° to 1110°F). 

The results of these tests show that cold-worked 
copper-zirconium alloy has better elevated tempera- 
ture properties than similarly worked copper-chro- 
mium alloy. The chief advantages of copper-zirco- 
nium alloy over copper-chromium are its 1) high 
electrical conductivity, 2) better ductility, 3) higher 


stress-rupture strength, and 4) higher tensile 
Strength. In the solution annealed and aged condition, 
copper-chromium alloy is stronger than copper- 
zirconium at all temperatures but its ductility is low 
at elevated temperatures. 

The summary of the properties at 400° and 500°C 
(750° and 930°F) is shown in Table IV. 
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Elevated Temperature Properties of Lithium-Fluoride 


and Magnesium- Oxide Single Crystals 


The plastic properties of lithium fluoride and magnesium 
oxide under compression were investigated in the temperature 
range 25° to 1000°C. At the higher test temperatures, the critical 
resolved shear stress and the vate of work-hardening of both 
materials decreased. At the same time, the number of stress 
lines decreased and the individual stress lines became wider. The 
density of dislocations decreased for a given strain the higher 
the test temperature for lithium fluoride. The decrease in the 
critical resolved shear stress as a function of temperature could 


be fitted by the equation T = Tje-KT. 


Tue influence of temperature on the stress-strain 
curves of a variety of metal single crystals has been 
studied for a wide range of temperature.*~* In gen- 
eral, it has been found that both the critical resolved 
shear stress and the rate of work-hardening decrease 
rapidly with increasing temperature and fall toa 
value of essentially zero well before the melting point 
is reached. As the test temperature is increased, the 
density of slip lines has been found to decrease, while 
the width of the individual lines increases. 

Recently, Gallagher ,° Graf ef al.,’ and Patel and 
Alexander® have found that single crystals of ger- 
manium and silicon, which have a covalent bond, can 
be plastically deformed at elevated temperatures. In 
compressing germanium it has been found that the 
strain-hardening coefficient decreased very rapidly 
as the temperature was increased. The coefficient 
did not tend to zero, however, as the melting point 
was approached. 

The plastic properties of ionic crystals at elevated 
temperatures have not been extensively investigated. 
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In the only work previously reported Tamman and 
Salge® and Theile*® have shown that the yield point of 
sodium chloride single crystals tested in tension and 
compression decreased slowly with increasing tem- 
perature, falling to zero at the melting point. As the 
temperature was increased, they found a substantial 
increase in the amount of plastic deformation that 
could be sustained before fracture; and at tempera- 
tures above 400°C in tension tests there was an ob- 
vious necking which produced local extensions of up 
to 3000 pct. 

The purpose of the present work is to extend the 
knowledge of high-temperature deformation to the 
ionic crystals, lithium fluoride and magnesium oxide. 
The following were investigated: 

1) The gross shape of the stress-strain curve at 
several temperatures. 

2) The change in the critical resolved shear stress 
as a function of temperature. 

3) The appearance of slip bands and the density of 
dislocations as a function of strain and temperature. 


EXPERIMENTAL TECHNIQUES 


The lithium fluoride and magnesium oxide used in 
this investigation were purchased from the Harshaw 
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Fig. i—Stress-strain curves of lithium fluoride at various 
temperatures. 


Chemical Co. and Norton Abrasive Co., respectively. 
Single-crystal specimens having dimension typically 
0.10 by 0.10 in. cross section and 0.30 in. in length 
were prepared by cleavage over {100} planes from the 
parent crystal. To obtain a reproducible starting 
point all specimens were annealed for 24 hr at 800°C 
and furnace-cooled to room temperature at approxi- 
mately 50°C per hr prior to testing.” 

The compression fixture used in the present in- 
vestigation has been described previously.” This 
fixture was supported in the center of a nichrome- 
wound furnace by two ground stainless steel rods 
which rested on the compression cell of an Instron 
testing machine. The furnace was held by a steel 
stand in such a way that the weight of the furnace and 
support were not resting on the cell. Temperature 
readings were obtained with a thermocouple inserted 
into the top of the furnace and fixed so that the junc- 
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Fig. 3—The critical resolved shear stress of lithium 
fluoride and sodium chloride as a function of temperature. 
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Fig. 2—Stress-strain curves of lithium fluoride at 175°, 
200°, and 229°C. 


tion was within 1/4 in. of the specimen. All samples 
were soaked at temperature for 15 min prior to 
testing. Load was applied by another ground stain- 
less steel rod attached to the moving cross-head of 
the Instron machine. The strain rate was 0.02 in. per 
min and the strain sensitivity 4x10 *. All annealing 
treatments and tests were performed in air. 
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Fig. 4—The initial rate of work-hardening of sodium 
chloride, aluminum, molybdenum, germanium, and lith- 
ium fluoride as a function of temperature relative to the 
melting temperature T/Tm Where Tm is the melting 
point. 
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It was necessary to polish samples deformed at 
elevated temperatures before etching the {100} faces 
to determine the density of dislocations. Lithium 
fluoride was polished by dipping the samples for 1 
min in concentrated hydrofluoric acid, rinsing in 
alcohol and ether, and immersing in a 2 pct by vol- 
ume solution of ammonium hydroxide for 5 min. This 
removed the thermal pitting produced during testing 
and gave a smooth polished surface. The samples 
were then etched in CP-4 (one part HF, two parts 
NHO,, and one part HOAc) and iron powder.” Mag- 
nesium oxide was polished by boiling samples in 
fresh 85 pct orthophosphoric acid and etched in five 
parts NH,OH, one part H2SO,, and one part H,0°°. 

The average dislocation density was determined by 
counting etch pits ona Series of optical and electron 
photomicrographs taken along the lengths of the 
specimens. Although the pits were concentrated 
within glide bands, the over-all densities were meas- 
ured in all cases. a 


EXPERIMENTAL RESULTS 


Lithium Fluoride—The stress-strain curves of 
lithium fluoride specimens compressed at 25°, 400°, 
600°, and 800°C are shown in Fig. 1. As the test 
temperature was increased, the critical resolved 
shear stress and the.initial rate of work-hardening 
decreased. In all samples tested there was an in- 
‘crease in the rate of work-hardening, which pre- 
ceded the appearance of the first macroscopic crack. 
Thus, the stress-strain curve at elevated tempera- 
ture was similar in gross appearance to the three- 
stage curve observed in room- temperature tests, 

In the temperature range 150° to 250°C., the stress- 
strain curve showed anomalous characteristics. Fig. 
2 is a plot of the stress-strain curves of several 
lithium fluoride crystals strained at 175°, 200°, and 
225°C. The variability of both the cries resolved 
shear stress and rate of work-hardening was large. 
The critical resolved shear stress of samples tested 
in this temperature range was higher and the strain- 
to-fracture was less than in samples tested at either 


25°C or 400°C. 
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Fig. 5—Stress 
birefringence pat-. 
terns of lithium 
fluoride crystals 
strained approxi- 
mately 3 pct at 

(a) 25°C, (b) 400°C, 
(c) 600° C, and (d) 
800°C. X300. Re- 
duced approximately § 
27 pet for reproduc- 
tion. 


(d) 


The temperature dependence of the critical re- 
solved shear stress is Shown in Fig. 3. The data of 
Tammann and Salge,° obtained in the compression of 
sodium chloride, are also included. It is seen that 
the resolved shear stress of both these ionic ma- 
terials decreased rapidly as the melting point was 
approached. 

The stress necessary to continue slip, as indicated 
by the slope of the stress-strain curve, is strongly 
affected by temperature. Fig. 4 is a plot of the slope 
of the stress-strain curve at 4 pct strain vs the tem- 
perature of the test relative to the melting point. A 
relative-temperature scale is used to compare the 
behavior of lithium fluoride with that of sodium 
chloride,’® another ionic crystal with cubic crystal 
structure; aluminum, a pure face-centered cubic 
metal; molybdenum ,* a pure body-centered cubic 
metal; and germanium,°* a diamond-cubic covalent 
material. For both aluminum and molybdenum the 
hardening coefficient decreased very rapidly at rela- 
tively low temperatures and reached a value of es- 
sentially zero well before the melting temperature. 
The strain-hardening coefficient of germanium also 
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decreased rapidly at first as the temperature in- 
creased but retained a relatively high value even as 
the melting point was approached. In both lithium 
fluoride and sodium chloride the strain- hardening 
coefficient decreased linearly at a slower rate than 
metals and fell to zero as the melting point was 
reached. 


Fig. 8— Fractures 

observed on lithium 

| fluoride at elevated 
temperatures, (ca) 

at 400°C transmitted 

| light, (6) at 400°C 

| transmitted polarized 

| light, (c) at 600°C 

| transmitted light, (d) at 
at 600°C transmitted 

; polarized light. X300. 
| Reduced approximately 
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Fig. 7—The strain-to-fracture of lithium fluoride as a 
function of temperature. 


0.70 


Fig. 5 shows the appearance of birefringence 
stress lines on lithium fluoride specimens which 
were strained approximately 3 pct at 25°, 400°, 600°, 
and 800°C. It is evident that the number of slip bands 
decreased and the width of the individual bands in- 
creased as the test temperature was increased. No 
bands corresponding to {100} slip were observed. 

The density of dislocations at 2 and 4 pct strain at 
elevated temperatures is plotted in Fig. 6. For both 
strains, as the test temperature was increased, the 
dislocation density decreased. 

Fig. 7 is a plot of the strain at which the first 
macroscopic fracture was observed as a function of 
temperature. It is evident that the ductility increased 
slowly initially and then rapidly as the melting point 
was approached. 

Fig. 8 illustrates typical fractures in specimens 
strained at 400° and 600°C. The folds on the surface, 
which are evident in Fig. 8(c), are typical of defor- 
mation at elevated temperatures. It is evident from 
the polarized-light pictures, Figs. 8(6) and (@), that 
the {100} fractures which occur arise at the intersec- 
tion of conjugate {110} planes. 

Fig. 9 shows fractures in samples strained at 175° 
and 200°C. It is evident that there are more stress 
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Fig. 9—Fractures observed at 175° and 200° C. Transmitted polarized light. X300. Reduced approximately 27 pct for 


reproduction. 


lines for a given strain than in samples tested at 25° 
or 400°C. The fractures in these samples arise at 

Several different places simultaneously and propa- 
gate along both the {100} and {110} planes. 

Magnesium Oxide—The stress-strain curves of 
both as-cleaved and annealed magnesium oxide crys- 
tals are Shown in Fig. 10. The critical resolved 
shear stress of these crystals is an order of mag- 
nitude higher than that of lithium fluoride. It is evi- 
dent that the variability between samples is large 
and that annealing at 800°C does not have a signifi- 
cant effect on the critical resolved shear stress, 
rate of work-hardening, or the reproducibility. 

Fig. 11 is a plot of the stress-strain curves of 
magnesium oxide compressed at 25°, 200°, 400°, 
600°, 800°, and 1000°C. As with lithium fluoride, 
the critical resolved shear stress, Fig. 12, and the 
rate of work-hardening, Fig. 13, decreased as the 
test temperature was increased. The criticalre- — 
solved shear stress decreased linearly as a func- 
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Fig. 10—Stress-strain curves of as-cleaved and annealed 
magnesium oxide. 
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tion of temperature, while the rate of work-harden- 
ing decreased rapidly initially and then more 
gradually. 

The appearance of birefringence stress lines on 
specimens strained approximately 2 pct at different 
temperatures is shown in Fig. 14. As with lithium 
fluoride, the number of slip bands decreased and 
the width of the individual bands increased as the 
test temperature was increased. _ 

Fig. 15 is a plot of the density of dislocations at 
2 and 4 pct strain as a function of temperature. The 
density of dislocations is slightly lower at 800° and 
1000°C. There are more dislocations for a given 
strain in magnesium oxide than in lithium fluoride. 

The ductility, as indicated by the strain at which 
the first macroscopic fracture was observed, Fig. 
16, increased slowly initially and then rapidly as the 
test temperature was increased. The elevated-tem- 
perature fractures which propagated along the {100} 
plane, Fig. 17 arose at the intersection of conjugate 
{110} planes. 
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Fig. 11—Stress-strain curves of magnesium oxide at vari- 
ous temperatures. 
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DISCUSSION OF RESULTS 


The physical properties of magnesium oxide, 
lithium fluoride, and sodium chloride are summar- 200 
ized in Table I. Lithium fluoride and magnesium 
oxide are comparable in atomic radii and lattice 
constant, while sodium chloride is larger in size. \ | 
The percent ionic bond increases from sodium chlor- ws 02 we 06 
ide, to magnesium oxide, to lithium fluoride. ; 


It is evident that the elevated-temperature prop- Tm 
erties of crystals with metallic, covalent, and ionic 
bonds are similar in their gross characteristics. creasing temperature, and the width of the slip lines 
The stress-strain curves of the three different bond- increases as the test temperature is increased. 
type materials are strongly affected by temperature. There are, however, differences in the rate of the 
The critical resolved shear stress and the rate of decrease of the work-hardening coefficient and the 
work-hardening decrease with increasing tempera- critical resolved shear stress as a function of tem- 
ture. The number of slip lines decreases with in- perature. The critical resolved shear stress will be 


(a) 


(d) (e) (f) 
Fig. 14—Stress birefringence patterns of magnesium oxide crystals strained approximately 2 pet at (a) 25°C, (b) 200°C 
(c) 400°C, (d) 600°C, (e) 800°C, and (f) 1000°C. X300. 
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Fig. 15—The density of dislocations in magnesium oxide 
at 2 pet strain as a function of temperature. 


considered first. The decrease in the critical re- 


solved shear stress of metals’ * has been shown to 
follow either: 


or 
Ty = [2] 


where 7, is the critical resolved shear stress, T, 
is a stress constant, K and m are constants, and T 
is the absolute temperature. The data for lithium 
fluoride, magnesium oxide, and sodium chloride 
cannot be fitted to the above equations. Gilman and 
Johnston’’ have investigated the yield stress of 
lithium fluoride in bend tests in the temperature 
range from —176° to 200°C. They found that their 
data can be fitted by the function: ; 


Ty [3] 
where 


T, = 7720 psi and 
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Fig. 16 —The strain-to-fracture of magnesium oxide as a 
function of temperature. 


OK 


The data obtained for lithium fluoride in the present 
investigation can also be fitted to Eq. [3] for the tem- 
perature range from 300° to 800°C. A good fit, Fig. 
18, is obtained using: ? 


To = 160 psi and K = 3.1/°K. 


The discrepancy between the author’s data and that 
of Gilman and Johnston at 473°K can be attributed to 
a difference in the impurity content of the crystals 
which were used. It has been found that samples 
cleaved from different bulk crystals exhibit widely 
different mechanical properties even though the re- 
sults are reproducible for samples cut from the 
same crystal. Gilman and Johnston™”’*® have at- 
tributed these differences to the increased resistance 
to dislocation motion caused by the impurities. 

The data for magnesium oxide in the temperature 
range 25° to 1000°C can also be fitted by Eq. [3] using 
T) = 600 psi and K = 13.0/°K. It should be pointed out 
that the decrease in the resolved shear stress of 


(a) 


Fig. 17—Fractures observed in magnesium oxide at elevated temperatures, (a) at 200°C, and (4) at 600°C. Trans- 
mitted polarized light. X300. Reduced approximately 25 pct for reproduction. 
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Table |. Physical Properties of Magnesium Oxide, Lithium 
Fluoride and Sodium Chloride 


MgO LiF NaCl 
Molecular Weight 40.321 25.942 58.45 
Structure s Cubic Cubic Cubic 
Atomic Radii (A) Mg”? 0.60 Nat 0.95 
Ox 1.32 132 Cla 1.81 
Lattice Con- 4.20 4.02 5.63 
stant (A) 
Electronegativity Mg ie Li 1.0 Na 0.9 
O SHS) F 4.0 Cl 3.0 
Pct Ionic Bond 78.0 85.0 70.0 
Bonding Energy 939 240 180 
(keal./mole) 
Melting Point (°C) 2500-2800 870 801 


magnesium oxide as a function of temperature can be 
fitted by either a linear, Fig. 13, or an exponential, 
Fig.18, equation. The uncertainty in the data points 
precludes discrimination between the two functions. 
Sodium chloride in the temperature range from —100 
to 200°C is consistent with Eq. [3] where 7, = 0.16 
psi and K = 820/°K;; for the higher temperature 
range 200° to 600°C, 7, = 2.10 psi and K = 100/°K. 

It thus appears that there are two different proces- 
ses operating in lithium fluoride and sodium chlor- 
ide; one at low temperatures in which the resolved 
shear stress decreases rapidly as the test tempera- 
ture is increased, and one at high temperatures in 
which the stress decreases at a Slower rate. The 
transition from the low- to the high-temperature 
process in lithium fluoride occurs at approximately 
200°C. It is noteworthy that the plastic properties 
of lithium fluoride are extremely variable in the 
vicinity of 200°C. 

The strain-hardening coefficient, Figs. 3 and 13, 
decreases at different rates and in a different man- 
ner for the different types of crystal bond. The de- 
crease is most rapid for metal and covalent crys- 
tals and is slowest for ionic crystals; the decrease 
does not begin until 0.4 melting point in covalent 
crystals. At least two processes can contribute to 
the observed decrease in the strain-hardening co- 
efficient: a) a decrease in the dislocation density 
or b) a dispersal of the piled-up groups of disloca- 
tions. It has been shown, Fig. 5, that, for a given 
strain, fewer dislocations are generated in lithium 
fluoride at the higher test temperatures. This would 
imply that there would be fewer dislocations to pile 
up at a given Strain. Hence, the back stresses would 
be lower and the rate of work-hardening would be 
lower. It should be pointed out, however, that the 
density of dislocations at temperature may be in er- 
ror because dislocations can diffuse out of the crys- 
tal during the cooling cycle. That dislocations can 
diffuse out of the crystal is evidenced by the decrease 
in dislocation density observed in annealing experi- 
ments.*”*** Cooling at a more rapid rate to avoid this 
problem would result in quenching stresses and 
strains with their associated dislocations, which 
would also give erroneous results. Thus, although 
the reduction in the total number of dislocations is 
significant in the case of lithium fluoride, the meas- 
urements themselves may be in error, and the dif- 
ferences in dislocation density at the different test 
temperatures may not be as large as indicated. The 
difference in the dislocation density of magnesium 
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oxide, Fig. 15, for different temperatures is not con- 
clusive. 

Dispersion of piled-up groups of dislocations will 
also lower the back stress, thereby lowering the rate 
of work-hardening, and delaying the onset of fracture. 
Dispersion, as evidenced by a widening of the slip 
bands at elevated temperatures, Figs. 4 and 14, can 
be achieved by a process that involves climb or mo- 
tion of dislocations out of their slip planes. Since 
climb occurs by diffusion of vacancies or interstitial 
atoms to the dislocations, it will occur only at tem- 
peratures where vacancies can readily diffuse. If 
diffusion is the rate-controlling mechanism, it would 
be anticipated that the slip bands would be wider for 
a given strain the higher the test temperature. This 
widening, Figs. 4 and 14, is, in fact, observed. 

Dispersion, as evidence by broadening of the slip 
bands, begins to occur at nearly the same T/T ratio 
in sodium chloride® and aluminum’® which have com- 
parable rate controlling diffusion coefficients. In 
aluminum and sodium chloride, the values of Q/RT 
are 18.7'" and 21.0, respectively, where @ is the 
activation energy in calories, T,, the melting point 
in degrees Kelvin and R is 2 calories/°K. The rea- 
son that the work hardening in sodium chloride and 
lithium fluoride is higher than in aluminum at com- 
parable temperatures may be related to the ability 
to cross-slip. Cross-slip, which will relieve stress 
concentrations, is much more prominent in aluminum 
than either sodium chloride or lithium fluoride. In 
germanium, the dislocations are wider, which may 
explain why they are locked in position, and there is 
no ductility in this material up to 400°C. 

The fractures observed at elevated temperatures 
are Similar to those observed at room temperature, 
Figs. 7 and 17 in that the cracks initiate at the inter- 
section of {110} slip bands and propagate along the 
{100} plane. The formation of these cracks has been 
attributed” to the Cottrell mechanism” and is direct 
evidence that cleavage dislocations do not climb away 
even at elevated temperatures as Stroh™ has sug- 
gested. 


SUMMARY AND CONCLUSIONS 


1) The stress-strain curves of lithium fluoride, 
magnesium oxide, and sodium chloride were mark- 
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Fig. 18—Critical resolved shear stress of lithium fluoride, 
magnesium oxide, and sodium chloride as a function of tem- 
perature. 
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edly affected by temperature. The data fit the equa- 
tion T = T,e~T, where 7 is the critical resolved 
Shear stress. At low temperatures, the resolved 
Shear stress decreased rapidly as the test tempera- 
ture was increased; at high temperatures the re- 
solved shear stress decreased at a slower rate. The 


rate of decrease was comparable for lithium fluoride, 


magnesium oxide and sodium chloride. 

2) The rate of work-hardening of lithium fluoride 
decreased linearly in the temperature range, 25° to 
800°C, and reached a value of essentially zero at the 
melting point. 

3) In both lithium fluoride and magnesium oxide 
at the same Strain, the stress lines were fewer, and 
the individual lines were wider the higher the test 
temperature. 

4) In lithium fluoride, the density of dislocations 
was lower for the same Strain the higher the test 
temperature. In magnesium oxide the dislocation 
density was relatively unaffected by temperature. 

5.) The fracture characteristics at elevated tem- 
peratures were Similar to those at room tempera- 
ture in that {100} cracks formed at the intersection 
of conjugate {110} planes. 
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Recovery Properties of Lithium-Fluoride 


Single Crystals 


The recovery properties of compression-deformed lithium 
fluoride single crystals were investigated as a function of prior 
strain, annealing time, and annealing temperature. The recovery 
process was studied by observation of etch pits and birefringence 
stress patterns. The recovery process involved first a redis- — 
tribution of the dislocations and then a decrease in their number. 
Only by annealing at high temperatures after small, strains 
(<0.02 in. per in.) was it possible to obtain complete recovery 


of mechanical properties. 


Lira fluoride affords unusual opportunities to 
extend the knowledge of deformation mechanisms of 
nonmetallic crystalline compounds. Single crystals 
of high purity are readily available. These crystals 
deform by slip on the {110} <110> system.’ Unlike 
those of several other ionic crystals, the stress- 
strain curves of annealed lithium fluoride are re- 
_ producible.? Dislocations generated in the crystals 
during deformation can be revealed by etch pits.? 
This fact makes possible more detailed studies of 
mechanisms than is usually the case with metals. 
Also, because lithium fluoride is transparent, it is 
possible to follow the recovery process with bire- 
fringence stress patterns. 

It has been shown that with metals an increase in 
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temperature increases the amount of recovery for a 
given time, and the amount of recovery increases 
with increasing time at the same temperature.*~® 
The yield stress has also been shown to be dependent 
on the rate of cooling after annealing.” Annealing 
germanium, a covalent-bond material, at high tem- 
peratures after deformation redistributes the dis- 
locations and reduces their number. ,° 

The purpose of the present paper is to extend the 
knowledge of recovery properties to an ionic crystal, 
lithium fluoride. The effect of strain, time, and tem- 
perature of recovery on the stress-strain curve was 
investigated. The recovery process was followed by 
observations of etch pits and birefringence stress 
patterns. 


EXPERIMENTAL PROCEDURE 


Specimens measuring approximately 0.10 by 0,10 
by 0.30 in. long were cleaved from a single bulk 
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Fig. 1—(a) Transmitted and (b) transmitted polarized light photomicrographs of cracks occurring at 4 pct strain, X300. 
Reduced approximately 29 pct for reproduction. 


lithium fluoride crystal purchased from the Harshaw 
Chemical Co. The cleaved specimens were annealed 
at 800°C for 24 hr and cooled to room temperature 
at 50°C per hr. in order to provide a uniformly an- 
nealed structure prior to testing. A series of experi- 
ments was then performed in which specimens were 
strained in compression at room temperature ap- 
proximately 2, 3, and 4 pct. These three strains cor- 
respond to the initial linear region (Stage 1), the 
transition region (Stage 2), and the final linear re- 


gion (Stage 3) of the stress-strain curve, respectively. 


The strain rate was 0.02 in. per min with a measur- 
ing sensitivity of 1 x 1074 in. (Some of the samples 
strained 4 pct contained small cracks as shown in 
Fig. 1 and are denoted by the subscript c in the figure 
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Fig. 2—Stress-strain curves of crystals annealed for 24 
hr at 25°C after various strains. 
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captions.) These specimens were then heated in air 

at 25°, 200°, 400°, 600°, and 800°C for 24 hr and 
cooled to room temperature at approximately 50°C 
per hr. The recovery produced by these heat-treat- 
ments was evaluated by the proportionate return to 
the original stress-strain characteristics of the 

fully annealed specimens in terms of the critical 
resolved shear stress and the rate of work-hardening. 
The results are plotted in Figs. 2 to 5. 


EXPERIMENTAL RESULTS 


The standard stress-strain curve of the annealed 
crystals used in the present investigation was dif- 
ferent from the standard stress-strain curve of an- 
nealed crystals cleaved from a different parent crys- 
tal. In the present crystals the strain to the begin- 
ning of the second stage of deformation and to frac- 
ture was one-half the values reported previously.” 

A similar result has been reported by Gilman and 
Johnston 3 It thus appears that it is possible to com- 
pare only crystals cleaved from the same bulk crys- 
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Fig. 3—Stress-strain curves of crystals annealed for 24 
hr at 200°C after various strains. 
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It is evident from Fig. 2 that no measurable re- 
covery of either the critical resolved shear stress 
(o.) or of the rate of work-hardening (do/de) oc- 
curred in crystals strained into the three different 
stages of the stress-strain curve and then aged for 
24 hr at 25°C. No recovery was observed for crys- 
tals aged for longer times at room temperature; 
that is, for 2 weeks and 1 month. 

After annealing for 24 hr at 200°C, Fig. 3, a slight 
decrease in the critical resolved shear stress as 
compared to the stress at which strain had been dis- 
continued was observed. The rate of work-hardening, 
however, remained the same as would have been ob- 
served had slip been continued without an intermedi- 
ate anneal. The slight recovery of stress and the 
absence of recovery of the strain-hardening coeffi- 
cient after the 200°C anneal were independent of 
prior strain. 

Following the 400° anneal, Fig. 4, the amount of 
the decrease in o, for specimens strained into the 
three stages of the stress-strain curve was larger 
than that observed after the 200°C anneal. The value 
of do/dé of specimens strained into the first stage 
was lower, while that of specimens strained in the 
second and third stages was approximately the same 
as would have been observed had slip been continued 
without an intermediate anneal. 

After the 600°anneal, Fig. 5, 0, decreased to ap- 
proximately the same value as was observed for 
crystals in the as-received-and-annealed condition. 
There was, however, a slight difference between 
crystals strained into the three stages; crystals 
strained into the first stage had approximately the 
same og, and crystals strained into the second and 
third stages had a slightly higher o, than the original 
as-received-and-annealed crystals. do/de was lower 
for crystals strained into the first stage than for 
those strained into the second stage and was also 
lower for crystals strained into the second stage 
than the third stage. However, in none of these cases 
was the strain-hardening coefficient the same as in- 
the as-received-and-annealed crystals. Thus, al- 
though o, had recovered to a large extent after the 
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Fig. 4—Stress-strain curves of crystals annealed for 24 
hr at 400°C after various strains. 
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Fig. 5—Stress-strain curves of crystals annealed for 24 
hr at 600°C after various strains. 


600°C anneal, the strain-hardening coefficient had 
not. 

After annealing at 800°C, Fig. 6, o, for all three 
strains was the same as in the as-received crystal. 
Only in those crystals which were strained into Stage 
1, however, was the strain-hardening coefficient com. 
pletely recovered. In crystals strained into Stage 2 
and 3, do/de was still significantly higher than in the 
as-received-and-annealed crystals. Thus, only by a 
high-temperature anneal after a small strain was it 
possible to completely recover lithium fluoride sin- 
gle crystals. 

It is evident from Figs. 2 through 6 that the small 
cracks which were present before annealing did not 
alter the recovery properties of crystals. There was 
no significant difference between crystals containing 
cracks and those not containing cracks that had been 
strained approximately the same amount. It was also 
found that these cracks were not self-healing after a 
high-temperature anneal. 

Figs. 7(a) and (b) summarize the critical resolved 
shear stress and initial rate of work-hardening of 
specimens strained into the three stages of the 
stress-strain curve and then annealed for 24 hr at 
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Fig. 6—Stress-strain curves of crystals annealed for 24 
hr at 800°C after various strains. 
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Fig. 7—(a) Critical resolved shear stress as a function of 
annealing temperature for crystals strained into the three 
stages of the stress-strain curve, and () the initial rate 
of work-hardening as a function of annealing temperature 
for crystals strained into the three stages of the stress- 
strain curve. 


the various temperatures indicated. The critical re- 
solved shear stress, Fig. 7(a), recovers to the 
greatest extent between 200° and 400°C. This sharp 
decrease is independent of prior strain. A similar 
independence of strain, Fig. 7(0), was found in the 
maximum recovery of the strain-hardening coeffi- 
cient but in this case the maximum decrease oc- 
curred between 400° and 600°C. 

The effect of time on the recovery properties is 
Shown in Fig. 8 in which crystals were strained 2 
pet and annealed for 1, 3, 12, and 24 hr at 800°C. It 
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Fig. 8—Stress-strain curves of crystals annealed at 800°C 
for various times. 
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is seen that after 1 hr o, has decreased slightly and 
that do/de has not been affected by the intermediate 
anneal; after 3 hr o, has decreased to a larger ex- 
tent and do/de has been slightly affected; after 12 hr 
d- has completely recovered but do/de has not; after 
24 hr both o, and do/de have completely recovered. 

The course of annealing was followed by metallo- 
graphic examination of etch pits and birefringence 
patterns. Specimens which were annealed for 24 hr 
at 200°C after different strains showed practically 
identical patterns of etch pits with perhaps a very 
slight decrease in the dislocation density. After 
higher temperature anneals for the same time, no- 
ticeable effects were observed. After straining 5.4 
pet and annealing at 600°C, it was found that the 
density of etch pits had decreased by a factor of 8, 
that the straight rows of etch pits had broken up and 
were curved, and that the stress lines were now 
spotty. Examination of samples annealed at 800°C 
after strains less than 2 pct showed that no stress 
patterns remained and that the dislocation density 
was the same as in the as-received-and-annealed 
condition. 

In none of the deformed and annealed lithium 
fluoride single crystals was recrystallization ob- 
served. Recovery was limited to a redistribution of 
dislocations and to a reduction of their number. 
Comparison of Laue back-reflection photographs be- 
fore and after annealing of both lightly and heavily 
deformed single crystals showed that annealing pro- 
duced no new reflections and hence no recrystalliza- 
tion. These findings were supported by metallo- 
graphic observations. 


DISCUSSION OF RESULTS 


In the present experiments, in which the shear 
stress acting on the crystal is uniform, it is reason- 
able to expect that equal numbers of positive and 
negative dislocations will become trapped in each 
small volume of the crystal. No kink bands were 
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observed in the crystals annealed prior to the initial 
strain and deformed at room temperature. If these 
bands or some other lattice disturbance had formed 
during deformation, positive dislocations would tend 
to collect in one part of the crystal and negative dis- 
locations in other parts. These large groups of op- 
posite sign would then be expected to polygonize dur- 
ing low-temperature recovery. Since no polygoniza- 
tion was observed, it can be concluded that the com- 
pression test does give uniform shear stresses in 
cleaved-and-annealed lithium fluoride crystals. 

The recovery process in lithium fluoride has been 
Shown to depend on time, temperature, and prior 
strain. Three stages have been found; the first in 
which neither o, nor do/dé recovers; the second — 
in which og, recovers to a large extent while do/de 
recovers only slightly; and the third in which both 
Oo, and do/dé are recovered. 

In the first stage of recovery it has been found that 
the dislocation density and the birefringence pattern 
is the same as before annealing. In this stage the 
temperature is not high enough nor the time long 
enough for dislocation movement. 

In the second stage of recovery it has been found 
that the density of dislocations, although smaller, has 
not decreased to the value observed in annealed crys- 
tals prior to strain. On the other hand, the sharp 
straight dislocation lines have broken up. It thus ap- 
pears that although these lines do not prevent dis- 
location sources from acting at a low stress, they 
act as barriers to the flow of newly created disloca- 
tions, thereby causing the observed high rates of 
work-hardening. The second stage may thus be as- 
sociated with dislocation movement. 

It has been shown that complete recovery, the third 
stage of the recovery process, is a return of the 
crystal to the structure it possessed before deforma- 
tion; that is, complete recovery involves a removal 
of the lattice vacancies and bound dislocations intro- 
duced by the prior strain. This removal can occur 
by two processes; the first in which the vacancies ~ 
and bound dislocations diffuse out of the crystal and 
the second in which segments of dislocation lines 
having opposite sign but existing on different parallel 
slip planes can, by interaction with lattice vacancies, 
move on to the same slip plane and annihilate each 
other in the manner described by Drouard, Wash- 
burn, and Parker.® The observation that cracks do 
not significantly alter the recovery process of speci- 
mens strained the same amount indicates that the 
annihilation of positive and negative dislocations is 
the dominant mode for the reduction of the number of 
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dislocations. Cracks form new surfaces to which 
dislocations can diffuse in a shorter time than in 
crystals which do not contain cracks. Because no 
difference in recovery behavior between cracked and 
uncracked crystals is observed and because the time: 
involved in the recovery process are relatively short 
the annihilation mechanism is believed to be the 
dominant mode of dislocation removal. 

The absence of recrystallization in heavily com- 
pressed and annealed lithium fluoride is not readily 
understood. A similar observation has been made on 
germanium.® Grenier ef al. interpreted the lack of 
recryStallization to the fact that fewer dislocations 
<10%cm-? are stored in germanium® as compared to 
metals, 10¥cm~?. For this reason they propose that 
the stored energy will be less than in metals and is 
too low to induce the formation or growth of strain- 
free grains. 


SUMMARY 


1) The recovery properties of lithium fluoride are 
dependent on time, temperature, and prior strain. 
Increasing the time or temperature for a given strair 
increases the amount of recovery; increasing the 
strain for a given temperature decreases the amount 
of recovery. 

2) The recovery process involves first the breakup 
of the straight rows of piled-up dislocations and then 
a decrease in the number of dislocations. 

3) Since the times involved are relatively short anc 
since there is no Significant difference between the 
recovery of annealed crystals with and without crack: 
strained the same amount, annihilation is believed to 
be the dominant mode for the reduction in the number 
of dislocations. 

4) Only by annealing at high temperatures after 
straining into the first stage of the stress-strain 
curve is it possible to obtain complete recovery of 
mechanical properties. 

5) In none of the deformed and annealed single 
crystals was recrystallization observed. 
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Surface Tension and Contact Angles of 
Copper-Nickel Alloys on Titanium Carbide 


The liquid surface tension of copper-nickel and copper- 
nickel-titanium-carbon alloys and the wettability of titanium car- 
bide by these alloys have been measured. It was found that the 
surface tensions of the binary copper-nickel alloys lie ona 


smooth curve between the end members, copper and nickel. 


The 


addition of small amounts of titanium and carbon has no effect on 
the surface tensions of copper-nickel alloys. Small additions of 


nickel to copper significantly reduce the contact angle of the al- 


T. J. Whalen 


loy with titanium carbide. From a Gibbs treatment, nickel is 


shown to be adsorbed at the titanium carbide-alloy interface. 


Tue microstructure of two-phase materials has 
been shown to be influenced largely by the interfacial 
energies between the phases present.” * In systems 
prepared by powder metallurgy techniques and densi- 
fied in the presence of liquid phase, a precise analy- 
sis of microstructure and interfacial energy rela- 
tionships requires a knowledge of the solid-solid in- 
terface energies and liquid-solid interface energies. 
However, many metal-nonmetal systems are char- 
acterized by the ‘‘sweating’’ of the liquid during sin- 
tering, and in these systems wettability is a princi- 
pal consideration. The wetting in turn is dictated by 
the various interface energies of the system, as 
shown in Fig. 1 for a liquid drop formed on a solid 
substrate. 

The equation which expresses the vectorial balance 
of surface forces in the horizontal plane, at the point 
of contact, A, is given by: 


Osy = + cos 6 [i] 
where Osy = solid-vapor interface energy 

Osy = solid-liquid interface energy 

= liquid-vapor interface energy 


= contact angle measured through the 
liquid phase. 


The angle @ and the surface tension, ozy, can be 
measured accurately by the sessile drop method.* 4 
The absolute value of the surface energy of the solid 
cannot be determined by this method, but with rea- 
sonable changes in the composition of the liquid only, 
the value of ogy can be considered constant. The 
changes in contact angle, then, can be attributed to 
changes in osy and ozy and since oyy can be meas- 
ured, the changes in ogy can be determined. 

Several studies have indicated that the surface 
and bulk properties of solid alloys can be correlated 
with electronic structure. The catalytic activity of 
copper-nickel alloys was reported to follow the d- 
band vacancies in these alloys.® Nickel has been con- 
sidered to have 0.6 holes per atom in the d-band. 
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The addition of copper to nickel is thought to bring 
about a filling of the d-band of nickel, since each 
copper atom contributes one electron. Thus, at an 
atomic concentration of 60 Cu-40 Ni (62 wt pct Cu- 
38 wt pct Ni) the d-band is believed to be full, and 
magnetic measurements support this view.® If the 
electronic structure is influencing a property of the 
alloy, this property should show some sort of dis- 
continuity as the composition changes from one side 
of the 60 Cu-40 Ni composition to the other. Since 
the catalytic activity can be considered as a surface 
property of the alloy, it is logical to assume that 
other surface properties, such as surface tension, 
may also be influenced by electronic structure. The 
suggestion has been made that there is a correlation 
between the solid titanium carbide-liquid Cu-Ni alloy 
interfacial energy and d-band filling.’? One purpose 
of this investigation was to determine if the changes 
taking place in the electronic structure with compo- 
sitional changes in the solid copper-nickel alloys 
were reflected in the surface tension values of the 
liquid alloys. Such a change, if present, would lend 
support to the suggestion that one can refer to dis- 
crete energy bands in the liquid state. Other pur- 
poses of the present study were to investigate in 
detail the wettability in the system copper-nickel- 
titanium carbide, and to discuss the possible proc- 
esses which take place during wetting in this system. 


LIQUID 


Fig. 1—A liquid drop on a solid surface showing the in- 
terface energy vectors and contact angle at point A. 
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EXPERIMENTAL PROCEDURE 


The sessile drop method® * was used to measure 
the liquid surface tension, density, and contact an- 
gle of the liquid on the solid. The apparatus em- 
ployed for this work has been described previously 
in detail.* Surface-tension measurements, for op- 
timum accuracy, require that the liquid form an ob- 
tuse angle on the solid. Therefore, aluminum oxide 
plaques of Morganite recrystallized alumina (99.7 
pet Al,O3;) were employed for these measurements 
with binary copper-nickel alloys, whereas graphite 
plaques* were used for measurements with alloys 


*United Ultra-Purity Graphite obtained from United Carbon Products 
Co., Bay City, Mich, 
containing titanium and saturated with carbon. The 
calculations of surface tension and volume of the 
liquid are made from measurements of shape param- 
eters on the drop profile according to Bashforth and 
Adams.*® Measurements of the acute contact angle 
between the liquid metal or alloy and a titanium car- 
bide plaque were obtained by determining the radius 
of curvature of the drop profile as it approached the 
solid surface. High-purity powders of titanium car- 
_ bide were hot-pressed* to form dense plaques for 


*Obtained through the courtesy of J. Tinkelpaugh of Alfred University. 


this study. 

Pure copper and nickel rods were obtained from 
Johnson, Matthey and Co., Ltd. (99.999 pet* Cu J. 
M. 30 and 99.999 pct* Ni J. M. 890) and a research 


*The purity of the metal is given in terms of the elements which can 
be detected by spectrographic analysis. 


grade of copper (99.999 pct Cu) was received from 
American Smelting and Refining Co. Copper-nickel 
alloys of the Johnson, Matthey metals were prepared 
by heating the metals contained in Morganite alumina 
crucibles for several hours above the liquidus tem- 
peratures in an electric furnace equipped with an 
alumina tube and a flowing hydrogen atmosphere. 
Copper-nickel alloys containing titanium and satu- 
rated with carbon were obtained by melting in graph- 
ite crucibles.* The hydrogen gas was passed through 


*United Ultra-Purity Graphite obtained from United Carbon Products 
Co., Bay City, Mich. 


a series of three Deoxo units and three liquid nitro- 
gen traps to insure a low content of oxygen and water 
in the furnace atmosphere. Most of the alloys and 
drops were analyzed by wet chemical methods as a 
check on composition. 

Attempts to measure the contact angle of the alloys 
in vacuum, were unsuccessful due to evaporation. A 
hydrogen atmosphere of about 5 cm Hg pressure was 
then selected on the basis of ease of purification. 

Several procedures were explored for the prepara- 
tion of the carbide plaques used in the determination 
of the contact angle. Grinding with a bonded wheel 
containing 44-y diamond particles or both grinding 
and polishing through a series of diamond pastes to 
1/2-y diamond paste led to surfaces which produced 
identical contact angles, within experimental error. 
The plaques were cleaned with acetone following the 
in rinding or polishing operation. 

and plaque were held at 100°C 
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below the melting point of the metal for 1 hr ina 
vacuum of 10° mm Hg prior to the admittance of 
about 5 cm Hg of H, to the furnace. The metal or 
alloy was then melted and heated to 1300°C, where- 
upon photographs were taken over a period of about 
1 hr. It was found that equilibrium contact angles 
were obtained within 15 min at temperature in most 
cases. 


RESULTS AND DISCUSSION 


The data obtained for the relationship between con- 
tact angle and composition in the system copper- 
nickel liquid alloys—titanium carbide solid at 1300°C 
are shown in Fig. 2. (Nickel and the alloys containing 
nickel predominantly form a eutectic liquid with 
titanium carbide at approximately 1280°C.°) The 
value given for the contact angle at each composition 
represents the average of about three experiments, 
and the spread in the values of the individual experi- 
ments is about 3 deg. To determine whether solu- 
bility effects were influencing the contact angles, 
measurements were made on nickel saturated with 
titanium carbide initially, and on pure nickel heated 
in contact with titanium carbide. The contact angles 
observed in both cases were identical (17 deg), in- 
dicating that equilibrium angles were obtained with 
the heating rates employed as well as showing that 
any erosion of the plaque by the nickel is within the 
error of the measurement of contact angle. 

Several drops of nickel, copper, and copper-nickel 
alloys on titanium carbide plaques were sectioned 
and examined metallographically to confirm the ab- 
sence of a significant amount of erosion. 

As shown in Fig. 2, there is a rapid decrease in 
the contact angle as the nickel concentration in- 
creases from 0 to about 20 pct, whereupon further 
increases in the nickel concentration of the alloy do 
not alter appreciably the contact angle. From a con- 
sideration of Eq. [1], an analysis of the interface en- 
ergies can be attempted. The assumption is made 
that the solid surface energy of titanium carbide re- 
mains constant at 1300°C with changes in the com- 
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Fig. 2—Contact angle vs composition of copper-nickel 
alloys on titanium carbide. 
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Fig. 3—The surface tensions of copper-nickel alloys 


measured at 100°C above the liquidus temperature of 
the binary alloy vs the composition of the alloy. 


position of the liquid. Experimental verification of 
this assumption would be difficult and was not at- 
tempted in this study. Changes in the contact angle, 
then, may be attributed to changes in either the 
solid-liquid interface energy or the liquid-vapor in- 
terface energy (surface tension), The surface ten- 
sions of alloys in the copper-nickel binary system 
were measured at a temperature of 100°C above the 
liquidus temperature of the alloy and the data are 
shown in Fig. 3. Surface-tension measurements of 
three specimens of each of the pure metals, copper 
and nickel, were made and the range of values were 
within +2 pct. Surface tensions for the alloy compo- 
sitions are given for one specimen of each composi- 
tion. Density of liquid copper was determined by 
using the value of Urbain and Lucas” at the melting 
point and the temperature dependence of density was 
taken from Sauerwald et al.‘ The density and its 
temperature dependence of liquid nickel were taken 
from C. Bendicks et al. A linear relationship be- 
tween density and concentration was used for the de- 
termination of the densities of the alloys of copper 
and nickel. The densities obtained by this relation- 
ship were within +0.15 g per cm? of those values of 
density found by measuring the liquid drop volume at 
temperature and the mass at room temperature 

The value (1740 dynes per cm) of the surface ten- 
sion of nickel agrees well with the value reported by 
other investigators.* 1° The surface tension of cop- 
per at 1183°C is lower than that reported by Baes 
and Kellogg™ for a sulfur-free copper. The copper 
used in this work has been analyzed for sulfur and a 
value less than 0.005 pct was reported. The value 
of the surface tension (1130 Dynes per cm at 1183°C) 
of copper with a sulfur impurity of less than 0.005 
pet is consistent with the results of Baes and Kel- 
logg.™# 

The surface-tension values as seen in Fig. 3 lie 
on a smooth curve, as one would expect for surface 
tensions in an alloy system which shows complete 
miscibility in both the solid and liquid state. The 
shape of the curve is in agreement with what is nor- 
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mally found for surface tensions of solutions,*®z.e., 
the addition of a small amount of liquid with a low 
surface tension reduces the surface tension of the 
resulting solution by an amount greater than that 
which can be explained by simple dilution. When 
copper is added to nickel the surface tansions of the 
alloys are reduced by amounts greater than that ex- 
pected by dilution and are approximately propor- 
tional to the log of the atomic concentration of cop- 
per. However, when small amounts of a liquid of 
higher surface tension are added to one of lower 
surface tension, the surface tension of the solution 
will be increased only slightly over that of the liquid 
of low surface tension. This generalization is also 
found to be true for the copper-nickel binary system 
as seen in Fig. 3. 

With regard to an influence of electronic structure 
oi the solid alloy on the surface tension of the liquid 
alloy, one can see from Fig. 3 that no effect has been 
detected, z.e., no discontinuity beyond experimental 
error in the surface-tension values are found at the 
62 Cu-38 Ni wt pct composition. The data points can 
fit nicely on a smooth curve. 

When alloys containing nickel are heated in con- 
tact with titanium carbide, the alloys dissolve some 
of the carbide, and the amount dissolved is a function 
of the composition of the alloy. Pure nickel has been 
reported to take into solution about 5 pct by weight 
of titanium carbide at 1280°C.° The solubility of 
titanium carbide in copper is believed to be negligi- 
bly small since only trace amounts of titanium have 
been found spectrographically in copper drops which 
have been melted on titanium carbide.’* It is logical 
to assume that, in the binary copper-nickel alloys, 
the solubility of titanium carbide increases as the 
concentration of nickel is increased. To use the sur- 
face tensions of the binary alloys to analyze their 
wetting behavior on titanium carbide it is necessary to 
show that their surface tensions are not significantly 
affected by small amounts (less than 5 wt pct) of dis- 
solved titanium and carbon. Measurements of surface 
tensions of three alloys containing titanium and car- 
bon have been made and these are shown in Fig. 3. 
The surface tensions of two nickel specimens con- 
taining titanium and carbon (1.4 Ti, 2.6 C, and 2.2 Ti, 
2.8 C wt pct by analysis) were found to be 1750 
dynes per cm. One copper-nickel alloy containing 
titanium and carbon (50.8 Ni, 47.8 Cu, 0.5 Ti, 0.7 C) 
gave a surface-tension value of 1310 dynes per cm. 
It is concluded from these data that the presence of 
small amounts of titanium and carbon does not alter 
significantly the surface tensions of nickel and cop- 
per-nickel alloys. 

Since the contact-angle measurements, shown in 
Fig. 2, were obtained at 1300°C, it is necessary to 
adjust the surface-tension values, obtained at 100°C 
above the liquidus temperature, to values valid at 
1300°C. This has been accomplished by using the 
temperature coefficient of surface tension, do/dT, 
of -1.0 dynes per cm°C for nickel taken from Allen 
and Kingery,*’ and —0.5 dynes per cm°C for copper, 
found from this study and in agreement with the cal- 
culated value by Eotvos Law.*” A linear relationship 
between values of do/dT and the concentration has 
been assumed for adjustment of the surface tensions 
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Fig. 4—Surface tensions of copper-nickel alloys adjusted 
to 1300°C vs the composition of the alloy. 


of the binary alloys. Fig. 4 contains the results of 
the calculations of surface tensions at 1300°C. 

The relative solid-liquid interface energy for the 
copper-nickel-titanium carbide system at 1300°C 
can be calculated by Eq. [1] with the data presented 
in Fig. 2, and assuming that the ogy is equal to a 
constant. The value of 1900 ergs per sq cm has been 
taken as the osy for purposes of calculation. This 
value is found to be the minimum surface energy in 
the presence of nickel vapor and H, (see end of sec- 
tion), The relationship between the relative solid- 
liquid interfacial energy and the composition of the 
binary alloys is given in Fig. 5. From this curve it 
is noted that with small additions of nickel to copper, 
the interfacial energy decreases sharply up to a 
composition of about 10 pct Ni. Further additions of 
nickel, 10 to about 80 pct, decrease the interface 
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Fig. 5—The relative energies of solid titanium carbide- 
liquid copper-nickel alloy interfaces as a function of 
nickel concentration in the alloy. 
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energy at an almost constant rate with change in 
composition. In the range from 80 to 100 pct Ni, 
more experimental points are needed to properly 
express the change on interface energy with change 
in composition 

The rapid change in solid-liquid interfacial energy 
with small additions of nickel to copper suggests that 
nickel may be interfacially active at this interface. An 
adsorption of the type treated by Gibbs 18 may be op- 
erative. The Gibbs equation relating interface energy 
and concentration, assuming that the thermodynamic 
activity is proportional to concentration, is given by: 

dg 
"RTdinc 2] 
where: I = excess concentration of the adsorbing 
atoms at interface 


o = interface energy 


c = equilibrium concentration of adsorbing 
atoms in the liquid 


Integration of Eq. [2] leads to a linear relationship 
between the interfacial energy and the log of the 
equilibrium concentration of the adsorbing atoms. 
Fig. 6 shows that such a relationship up to at least 
5 pet Ni does exist. 

The excess concentration of adsorbing atoms, I, 
can be estimated from the slope of the line in Fig. 6, 
and this is found tobe 5x 10“ atoms per sqcm. 
Taking the atomic radius of the nickel atom as 1.24A 
the area covered by each atom is approximately 4.8 x 
10-46 sq cm. Thus, 24 pct of the liquid-solid inter- 
face area is covered by the adsorbed nickel atoms, 
according to the Gibbs approach to the adsorption. 
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Fig. 6—The relative solid titanium carbide-liquid copper- 
nickel alloy interface energy as a function of the log of 
nickel concentration in the alloy. 
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A minimum value of the solid surface energy, Osy, 
of titanium carbide at 1300°C can be derived from 
this study. The solid liquid interface energy, osz, 
cannot be less than zero. Assuming osz, to be zero, 
Eq. [1] can be used to determine a minimum value 
of osy. Taking 17 deg from Fig. 2 for the contact an- 
ele of nickel with titanium carbide and using the sur- 
face tension for liquid nickel adjusted to 1300°C from 
Fig. 4, the minimum solid surface energy of titanium 
carbide in the presence of nickel vapor and H, is 
found to be 1900 ergs per sq cm. This value is con- 
siderably higher than 1190+350 ergs per sq cm esti- 
mated by Livey and Murray,?® who had assumed that 
the liquid in the system nickel-titanium carbide com- 
pletely penetrated the grain boundaries. This as- 
sumption is erroneous since carbide-carbide grain 
boundaries are present in the microstructures of 
nickel-titanium carbide materials.”° 


CONCLUSIONS 


1) The wettability of titanium carbide by alloys in 
the system copper-nickel has been investigated and 
the relationship between composition of the alloys 
and the contact angle has been found to be adequately 
represented by a smooth curve. 

2) The surface tensions of the alloys in the binary 
system copper-nickel and a few alloys containing 
copper, nickel, titanium, and carbon have been meas- 
ured. Additions of titanium and carbon to nickel and 
a copper-nickel alloy do not alter the surface tension 
of the liquid metal or alloy. 

3) An analysis of the changes in the liquid-alloy- 


Technical Notes 


Crystallographic Angles For Magnesium, 
Rhenium, Ruthenium, Zinc, and Cadmium 


Alan Lawley 


As part of a programme of experimental work on 
single crystals of rhenium and ruthenium, it was 
found necessary to have the crystallographic angles 
for these elements. The angles given in Table I 
were determined to the nearest minute of arc, by 
Univac Computer. The angle $ between (HKIL) and 
(hkil) is given by the formula: 
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solid titanium carbide interface energy indicates 
that with small additions of nickel to copper, nickel 
adsorbs preferentially at the liquid-solid interface. 

4) A minimum value of the solid surface energy of 
titanium carbide at 1300°C in the presence of nickel 
vapor and H,, is found to be 1900 ergs per sq cm. 

5) There is no discontinuity in liquid alloy surface 
tension at the composition at which the d-band in the 
solid alloy is considered to be full. 
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Cos = 
2 
Hh + 1/2 (Hk +Kh) + 3/4 


2 2 
+K? 4 HK + 3/45 L?)(h? +k? +hk+ 3/4 


The angles given for rhenium should be particu- 
larly useful in view of the increasing interest in this 
element. For completeness, angular values are also 
given for cadmium zinc and magnesium; these form 
a more complete set of values than those given by 
Salkovitz.? 

The assistance of Professor J. Hobstetter and Mr. 
J. Crozier in the programming of this data is ac- 
knowledged. The work is sponsored by the Office of 
Naval Research under contract No. NONR 551 (19). 


‘E. I, Salkovitz: AIME Trans., 1951, vol. 191, p. 64. 
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Crystallographic Angles for Magnesium, Rhenium, Ruthenium, Zinc, and Cadmium 


Cadmium Zinc Magnesium Rhenium Ruthenium 
hkil c/a= 1.88588 c/a= 1.8563 c/a= 1.62354 c/a=1.615 c/a= 1.5824 
HKIL = 0001 
1018 15°14" 15°00' 13°11" 13°07" 12°52! 
1017 17°17! 17°02! 15°00" 14°55! 14°38! 
1016 19°57! 19°39! 17°21! 17°16! 16°56! 
1015 23°32! 23°12! 20°33! 20°27' 20°04! 
1014 28°34! 28°11! 25°07! 25°00! 24°33! 
2027 31°53! 31°29! 28° 10! 28°03! 27°34! 
1913 35°59! 35°33! 32°00! 31°52! 31°31! 
2025 41°03' 40°37! 36°52! 36°44! 36°10! 
1012 47°26! 46°59! 43°09" 43°00! 42°25! 
2023 55°26! 55°01' 51°20! 51°11! 50°37! 
1011 65°20! 64°59! 61°55! 61°48! 61°19! 
2021 77°04! 76°52! 75°00! 74°59! 74°42! 
1010 90°00! 90°00' 90°00! 90°00! 90°00! 
1128 25°15! 24°54! 22°06" 21°59! 21°35! 
1126 32°09! 31°45! 28°25! 28°18! 27°48! 
1124 43°19! 42°52! 39°04! 38°56! 38°21! 
1122 62°04! 61°41! 58°22! 58°14! 57°43! 
1121 75°09! 74°56! 72°53! 72°48! 72°28! 
1120 90°00" 90°00! 90°00! 90°00" 90°00! 
1234 55°14! 54°48! 51°07! 50°58! 50°24! 
1232 70°51! 70°34! 68°02! 67°56! 67°31' 
1231 80°09" 80°00! 78°36! 78°33! 78° 19! 
1230 90°00" 90°00! 90°00! 90°00" 90°00! 
2130 90°00' 90°00! 90°00" 90°00! 90°00! 
2131 80°09! 80°00! 78°36! 78°33! 78°19! 
2132 70°51! 70°34! 68°02! 67°56! 67°31! 
2134 55°14! 54°48! 51°07' 50°58! 50°24! 
HKIL = 1010 
2130 19°07! 19°07! 19°07! 19°07! 19°07! 
2131 21°25! 21°29! 22°08! 22°10! 22°17! 
2132 26°47! 26°59! 28°48! 28°51! 29°10! 
2134 39°05! 39°27! 42°39! 42°46! 43° 17! 
1120 30°00' 30°00! 30°00! 30°00" 30°00! 
1121 33°10" 33°15! 34°08! 34°11" 34°20" 
1122 40°05! 40°19! 42°30! 42°35! 42°56! 
1124 53°33! 53°54! 56°55! 57°02' 57°30! 
12307 40°54! 40°54! 40°54! 40°54" 40°54! 
1231 41°52! 41°53! 42°11' 42°12! 42°15! 
1232 44°26! 44°32! 45°29! 45°32! 45°42! 
1234 51°37! 51°51! 53°57! 54°02! 54°23! 
0110 60°00" 60°00! 60°00' 60°00! 60°00' 
0221 60°50! 60°52! 61°07! 61°07! 61°10! 
0111 62°59! 63°03' 63°49! 63°51' 63°59! 
0112 68°23! 68°33! 70°00' 70°04' 70°17! 
0114 76°10! 76°20" TT? 45! 77°48! 78°01' 
1320 79°06! 79° 06' 79° 06! 79°06! 79° 06! 
1321 79° 16! 79°17" 79°19! 79°20' 79°20! 
1322 79°43! 79°44! 79°54! 79°55! 79°57! 
1324 81°04! 81°07' 81°33! 81°33! 81°38! 
121: 90°00! 90°00' 90° 00' 90°00! 
90°00! 90°00! 90°00! 90°00" 
1211 90°00! 90°00! 90°00! 90°00! 90°00! 
231 00°54' 100°54' 100°54' 100°54! 100°54' 
100°43' 100°41' 100°40' 100°40' 
2312 100°17' 100°16' 100°06' 100°05' 10°03" 
2314 98°56! 98°53! 98°27! 98°27' 98°22! 
1100 120°00' 120°00' 120°00' 120°00! 120°00! 
2201 119°10' 119°08! 118°53! 118°53' 118°50" 
1101 117°01' 116°57' 116°11' 116°09' 116°01' 
1102 111°37' 111°27' 110°00' 109°56' 109° 43" 
1104 103°50' 103°40' 102°15' 102°12' 101°59 
3210 139° 06' 139°06! 139°06' 139°06' 139°06' 
3211 138°08! 138°07' 137°49' 137°48! 137°45' 
3212 135°34! 135°28! 134°31' 134°28' 134° 18" 
3214 128°23' 128°09' 126°03' 125°58' 125°37 
2110 150°00' 150°00' 150°00' 150°00' 150°00' 
2111 146°50' 146°45' 145°52' 145°49" 145° 40" 
2112 139°55' 139°41' 137°30! 137°25' 137904" 
2114 126°27' 126°06' 123°05' 122°58' 122°30 
3120 160°54! 160°54' 160°54' 160°54" 160°54' 
3121 158°35' 158°31' 157°52! 157°50 157943" 
3122 153°13' 153°01! 151°12! 151°09' 150°50" 
3124 140°55! 140°33' 137°21' 137° 14! 136°43 
HKIL = 1011 
3 31°06! 33°31! 33°37! 34°01' 
2132 18°33! 18°32! 18°20! 18°20! 18°18 
2134 19°23! 19°27" 19°12! 19°11' 19°09' 
1120 38°06' 38°18! 40° 10' 40°15" es 
1121 29°49! 29°48! 29°41' 29°41 29°3 
2 27°02" 26°57! 26°11' 26°09" 26°01 
" °07' 32°06' 32°01" 
1124 32°29! 32°27 32 
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Cadmium Zinc Magnesium Rhenium Ruthenium 
hkil c/a = 1.88588 c/a=1.8563 c/a=1.62354 c/a=1.615 ¢/a= 1.5824 
HKIL = 1011 
1230 46°37" 46°46! 48°10! 48°14! 48°28! 
1231 41°34! 41°35! 41°41! 41°41" 41°42! 
1232 38°12! 38°08" 37°23! 37°21! 37°13! 
1234 36°39! 36°32! 35°27! 35°24! 35°13! 
- 0110 62°59! 63°03! 63°49! 63°51!' 63°59! 
0221 57°34! 57°30! 56°48! 56°46! 56°39! 
0111 54°03! 53°53! 52°21! 52°18! 52°02! 
0112 51°54! 51°42! 49°50! 49°45! 49°26! 
0114 54°17! 54°05! 52°10! 52°05! 51°46! 
1320 80°07! 80°08" 80°24! 80°25! 80°27! 
1321 76°05! 75°59! 75°08! 75° 06! 74°57! 
1322 72°36! 25! 70°41! 70°37! 70°19! 
1324 67°43! 67°26! 64°50! 64°44! 64°18! 
1214 72°20! 71°57! 68°34! 68°26! 67°53! 
1212 78°44! 78°26! 75°42! 75°36! 75°08! 
1211 83°52! 83°41! 82°02! 81°58! 81°41! 
2310 99°53! 99°52' 99°36! 99°35! 99°33' 
2311 95°37! 95°28! 94°02" 93°59! 93°14! 
2312 91°27! 91°12! 88°47! 88°40! 88°16! 
2314 84°26! 84°03! 80°28! 80°19! 79°44! 
1100 117°01" 116°57' 116°11' 116°09' 116°01' 
2201 110°27' 110°12' 107°45' 107°39! 107°14' 
1101 103°49' — 103°24' 99°39 99°30! 98°52! 
1102 93°00! 92°27! 87°37! 87°25! 86°38! 
1104 81°25! 80°52! 76°11! 76°00! 75°16! 
3210 133°23) 133°14! 131°50' 131°46' 131°32! 
3211 127° 16' 126°57' 124°07' 124°00' 123°31! 
3212 120°48' 120°22' 116°16' 116°00' 115°25' 
3214 109°03' 108°26' 102°56' 102°42! 101°49' 
2110 141°54' 141°42' 139°50' 139°45! 139°26' 
2111 130°50' 130°23! 126°17' 126°07' 125°26' 
2112 119°59' 119°22' 113°49' 113°36' 112°41! 
2114 103°40! 102°57' 96°40! 96°26! 95°27! 
3120 149°10' 148°54! 146°29' 146°23' 145°59' 
3121 140°47' 140°20' 136°24' 136°15' 135°36! 
3122 132°24' 131°50' 126°40' 126°24! 125°37' 
3124 117°52! 117°08' 110°42' 110°27' 109°26' 
HKIL = 1012 
2130 45°54! 46°18! 49°45! 49°53! 50°24 
2131 36°44! 36°59! 38°57! 39°02" 39°19! 
2132 28°27' 28°33! 29°17! 29°19! 29°24* 
2134 16°47' 16°43! 16°03! 16°02' 15°55! 
1120 50°22! 50°43! 53°41' 53°48! 54°15! 
1121 37°50! 37°55! 38°40! 38°42! 38°48 
1122 28°19! 28°14! 27°31! 27°29' 27°21! 
1124 21°36! 21°27! 20°00! 19°57" 19°42' 
1230 56° 10! 56°27! 58°52! 58°58! 59°21! 
1231 48°23! 48°29! 49°23! 49°25! 49°33' 
1232 41°36! 41°34! 41°13! 41°11' 41°07! 
1234 32°32! 32°21' 30°38! 30°34! 30°17! 
0110 68°24! 68°33! 70°00! 70°04! 70°17! 
0221 59°19! 59°16! 58°46! 58°45! 58°39! 
0111 51°54! 51°42" 49°50! 49°45! 49°26! 
0112 43°13! 42°53! 39°59! 39°53! 39°25! 
0114 39°38! 39°17! 36°19! 36°12! 35°44! 
1320 82°00! 82°03! 82°34! 82°36! 82°41! 
1321 75°21' 75°15 74°17" 74°15! 74°05! 
1322 69°19! 69°04! 66°53! 66°47! 66°25! 
1324 60°00' 59°36! 56°02! 55°54! 55°20! 
1214 60°31' 60°00! 55°30! 55°19! 54°37! 
1212 71°32! 71°07! 67°30! 67°22! 66°46! 
1211 80°01' 79°47! 77°36! 77°31' 77°09! 
2310 98°00! 97°54! 97°26! 97°24! 97°19! 
2311 91°14! 91°00! 89°00' 88°55! 88°35! 
2312 84°49! 84°27! 81°12! 81°04! 80°32! 
2314 74°15! 73°47! 69°04! 68°52! 68°08! 
1100 111°36' 111°27' 110°00! 109° 56' 109°43! 
2201 101°59' 101°36' 98°11' 98°03! 97°30! 
1101 93°00! 92°27! 87°37! 87°31' 86°38! 
1102 79° 16' 78°34! 72°38! 72°24! 71°29! 
1104 65°17! 64°37! 58°58! 58°45! 57°54! 
3210 123°50' 123°33! 121°08' 121°02' 120°39' 
3211 115°39' 115°12' 111°16' 111°06' 110°28' 
3212 107°42' 107°07' 101°55' 101°43! 100°53' 
3214 94°06! 93°21! 86°49! 86°34! 85°32! 
38! 129°17' 126°19' 126°12' 125°44! 
18 115°43' 110°34! 110°22' 109°33' 
2112 104°17' 103°32' 96°59 96°44! 95°42" 
2114 86°52! 86°05! 78°52" 78°35! 77°30" 
3 133°42' 130°15' 130°07' 129°36' 
124°11" 119°18) 119°06' 118°20! 
3122 115°49' 115°08' 109°03) 108°49' 107°52! 
3124 100°43' 99°52! 92°35! 92°18' 91°10! 


VOLUME 218, OCTOBER 1960 -957 


Intermediate Phases with the MgCu, 
Structure 


S. E. Haszko 


Ir is the purpose of this note to report the crys- 
tallographic data for eight new AB, compounds* 
*These compounds belong to space group F’'d3m—0},, with 8A in (a): 
(000; 0 % %; #) + 000; % % and 168 in (d): (000; 0% 4%; 3) + % 
having the MgCu, structure, with A a rare earth 
and B either Fe, Co, Ni, or Al, Table 1. In pre- 
vious papers, preparation and crystallographic 
data*’“for other AB, compounds having this and 
the MgZn, structures have been reported. 
The compounds were prepared by induction 
melting in an argon atmosphere of mixtures of 
stoichiometric amounts of the constituent elements.* 


*The purity of the rare earths was 99+ pct; Al 99.999 pct; Fe, Co and 
Ni 99.9+ pct. 


Fused alumina or silica crucibles were used as 
the containing vessel. X-ray powder photographs 
were taken with CrKa radiation and the use of 
Straumanis type Norelco cameras of 114.6 mm 
diam. 

Crystallographic data for these compounds are 
shown in Table I. These results are in agreement 
with others of this series reported previously by 
Wernick and Geller.’ The abnormally large atomic 
volume of Eu and Yb metal® is manifested in EuAl, 
and YbAl2, when one compares them with the com- 
pounds reported in Ref. 1. However, the behavior of 
Yb in the Ni compound is the same as that observed 
in Ni,Yb having the Cu;Ca structure.* Thus, it ap- 
pears that Yb has a valence closer to 3 only in the 
Ni compounds; 7.é., the 2s and ld electrons are lost 
to the conduction band.” * Europium in EuAlz appears 
to have a valence closer to 2. 

In previous work,” X-ray patterns of ingots of 
NdCoz indicated a multiphase material with faint in- 
dication of the presence of a phase having the MgCuz 
structure. It was thought that NdCo, formed peri- 
tectically from the melt, resulting in a multiphase 


Table |. Lattice Constants* and Interatomic Distances 


B A a(A) 
Al Eu : 8.125 2.87 352 3:37 
Tm 7.780 D5 3.37 3.23 

Yb 7.877 2.78 3.41 3327 

Lu 7.742 2.74 3.35 3.21 

Fe Tm 7.247 2.56 3.14 Sr0% 
Co Nd 7.300 2.58 3.16 3.03 
Tm 7eawal 2.52 3.08 2.96 

Ni Yb 7.060 2.50 3.06 2.93 


*All lattice constants are within +0.005A. 


S. E. HASZKO is with Metallurgical Research Department, Bell Tele- 
phone Laboratories, Murray Hill, N. J. 
Manuscript submitted June 2, 1960. IMD 


system when cooled under nonequilibrium conditions. 
An X-ray pattern of a sample from a melt cooled 
more slowly than in past work showed that the major 
phase was NdCo2. The lattice constant, Table 1, is 
in excellent agreement with the value one can predict 
from the data of Ref. 1. One of the other phases was 
identified as Co,Nd. 

The author wishes to thank J. H. Wernick for his 
guidance in this work, and D. Dorsi for the prepara- 
tion of these compounds. 


. Wernick and S. Geller: AJME Trans., in press. 

. Wernick and S. E. Haszko: to be published. 

. Spedding and A. H. Daane: Progress in Nuclear Energy, Series S, 
M. Finniston and J. P. Howe, McGraw-Hill Book Co., 1956. 

. Haszko: to be published. 

. Wernick and S. Geller: unpublished work. 

. Wernick and S,. Geller: Acta Cryst., 1959, vol. 12, p. 662. 
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The Influence of Hydrogen on the Lattice 
Parameters of Ti-Sn Alloys 


A. Coucoulas and H. Margolin 


A reinvestigation of the lattice parameters of Ti- 
Sn alloys by the present authors has revealed con- 
sistently higher c and a values than those obtained 
by Worner. The difference is most pronounced in 
the c-parameters which are, therefore, used as a 
basis of comparison. This discrepancy was not due 
to air contamination, since precautions were taken 
to exclude this possibility. Specimens for Debye- 
Scherrer photograms were prepared by arc-melting 
15-g buttons of Bureau of Mines titanium and 99.99 
pet Sn, with compositions of 6, 8, 10, and 12 at. pct 
Sn. These buttons were forged under an oxygen- 
acetylene torch to 1 /8-in. sq rods to produce rela- 
tively fine grained material. Scale and some surface 
were ground off, and the rods, after wrapping in mo- 
lybdenum and titanium sheet, were vacuum annealed 
15 min at 800°C toremove hydrogen. Heat treatment 
of one of the samples at 875°C to produce £ and re- 
veal @ at the surface showed no surface contamina- 
tion. 

Following the vacuum treatment, the specimens 
were wrapped in molybdenum and annealed for 1 week 
at 800°C under two atmospheres of argon. After 
water-quenching, the rods were ground so that the 
thickness tapered to 0.1 mm at the tips. The ground 
specimens were then recapsuled as previously and 
reannealed 1 hr at 800°C to remove cold work. The 


ALEXANDER COUCOULAS, Junior Member AIME, formerly at New 
York University, New York, N. Y., is now with Air Reduction Co. Labo- 
ratories, Murray Hill, N. J. HAROLD MARGOLIN, Member AIME, is 
Associate Professor of Metallurgical Engineering, New York University. 
Taken in part from a Senior Thesis submitted to the Department of 
Metallurgical Engineering, New York University. 

Manuscript submitted November 16, 1959. IMD 
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C) Present Invest. (ground annealed) 
x Present Invest. 
\ (ground annealed & etched) 
— © Worner's Invest. (etched) 
2 
4.74 
—x 
Le} 
4 4725 
(S) 


Tin, Atomic Percent 


The Effect of tin and hydrogen on the Cy parameter of a 
titanium. 


specimens were capsule cooled in water to eliminate 
contamination by water. 

Deybe-Scherrer photograms were obtained in a 
114.6 mm camera with CuKa radiation. The para- 
meters shown in Table I and Fig. 1 were calculated 
from the 213 (9=69°) and 302 (6=73.5°) reflections, 
no attempt being made to correct for systematic 
errors. 

The principal difference in method of preparation 
of specimens between this investigation and that of 


Worner was the use of pickling by the latter to pro- — 


duce X-ray diffraction samples. The possibility 
that hydrogen introduced by pickling was responsible 
for the lower a and c-parameters was investigated 


the data of Worner. In any event, the parameters of 
the etched samples would be still lower. 

The data obtained here is evidence that hydrogen 
in solution has contracted the c anda- parameters. 


Crystallographic Angles of Calcium Tung- 
state (Tetragonal, c/a = 2.169) 


kK. Nassau 


In connection with the preparation and orientation 
of single crystals of calcium tungstate (Scheelite - 
CaWO, ), the need arose for a stereographic projec- 
tion for this tetragonal material. There appear to 
be no tetragonal projections with a cf ratio above 
that of indium* (cM = 1.522) in the literature. In ad- 
dition to its use for calcium tungstate, such a pro- 
jection might find other more general applications 
and is accordingly presented below. 

The most recent X-ray diffraction work on CaWO, 
is that of Swanson, Gilfrich, and Cook,” where a sum- 
mary of previous work is also found, Lattice param- 
eters given are: a = 5.242A, c = 11.372A, and cf 
= 2.169. The material is tetragonal with space group 
14,4. 

Table I, giving angles between crystallographic 
planes (HKL) and (hkl), was calculated from the 
formula 


Hh+kKk LI 
Ge + 
@ = arc cos 
L? 72 
a c a G 


Table I. Angles Between Crystallographic Planes of Tetragonal 
Calcium Tungstate: a= 5. 242 A, ¢ = 11.372A, c/a = 2.169 


with the same 80 pct HNOs- 20 pct HF solutions used AKL hil 
by Worner. The 6 and 10 at. pct specimens, the 001 ae aes 
parameters of which had already been determined, 012 47°33 
were pickled and the c-parameters obtained are also 023 ee 
shown in Fig. 1. The a-parameters, not shown, are ie ae 
also diminished. 021 7702 
The quality of the lines obtained from the unetched 041 83.43 
and etched samples was unchanged, being quite sharp 001 us ple: 
in both cases. It is quite possible that if corrections 114 37.49 
for systematic error carried out that the parameters 113 Ass 
obtained for the unetched samples would approach aa pe 
111 71.95 
221 80.74 
100 410 
Table |. Lattice Parameters of Ti-Sn Alloys Sua 6.57 
320 33.69 
At. Pct Sn a(A) c(A) te 25.00 
6 2.955 4,731 
8 2.957 4.735 KURT NASSAU is a member of the Technical Staff, Bell Telephone 
10 2.957 4.744 Laboratories, Murray Hill, N. J. 
12 22957, 4.754 Manuscript submitted May 17, 1960. IMD 
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STANDARD (001) PROJECTION FOR CaWO4 (TETRAGONAL, C/a = 2.169) 


Fig. 1—Standard (001) stereographic projection of CaWO, 
(tetragonal, c/a = 2.169). 


With respect to the planes (100) and (001) this sim- 
plifies to: 


Bio9 = are cos [1 + (k/h) + 


Boo, = arc cos [1 + (c/al)’ (hr? 


From these data, a standard (001) stereographic 
projection was constructed and is shown in Fig. 1. 
The relative powder diffraction intensities of the 
strongest lines or their multiples, as given in Ref. 1 
for copper (1.5405A) radiation, are shown in one 
octant of the stereogram by the magnitude of the 
diameter of the circles. 

The author wishes to thank R. G. Treuting and 
W. J. Romanow for helpful suggestions. 


1E, A. Cisney: AIME Trans., 1959, vol. 215, p. 538. 

2H, E. Swanson, N. T. Gilfrich, and M. L Cook: Standard X-Ray Diffraction 
Powder Patterns, National Bureau of Standards, Washington, D. C., Circular 539, 
vol. 6, p. 23, 1956. 

3C. S. Barrett: Structure of Metals, 2nd Ed., p. 636, McGraw-Hill Book Co., 
New York, 1954. 


Corrections to Volume 218, June 1960 


Microstrain in Zinc Single Crystals by J. M. Roberts and N. Brown 


Page 461, Right-hand column, 7th line from bottom 


Reads 


‘‘where Tg is the stress to produce elastic strain, 
Tp and 7; is the frictional stress which resists 
bowing.’’ 

Page 461, Fig. 14, caption, 2nd line 


The y appearing here should be y. 


February 1960, page 124 


Should Read 


‘‘where Tr is the stress to produce elastic strain, 
Tp is the stress to produce the bowing strain yg and 
Tr is the frictional stress which resists bowing.’’ 


Measurement of Deformation Resulting from Grain Boundary Sliding in Aluminum and Aluminum- 
Magnesium from 410° to 940°F by Hans Bruner and Nicholas J. Grant 


Figures 4 and 5 


The strain rate of 0.9 pct per hr stated in the 
captions should read 0.09 pct per hr. 


April 1960, page 207 


Creep of Indium, Lead, and Some of Their Alloys with Various Metals by J. Weertman 


Figure 1 should be rotated 90 deg clockwise. In 
Fig. 6, 1.2 pct should be changed to 12 pct for the 


composition listed with alloy with slope 3. In Fig. 9, 


3.6 pct and 2.7 pct should be changed to 36 pct and 
27 pct. 
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